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David Turnbull 


There have been two principal approaches to 
the theory of liquids. One is intuitive and modelistic 
and has led to the present free volume theory. This 
theory is not rigorous, but it has provided valuable 
insights on liquid behavior as is shown by the suc- 
cessful correlations which have arisen froni it . 
The other approach is the method of distribution 
functions. It is beset by great mathematical diff- 
iculties but has the potentiality of leading toa 
rigorous theory. Recently there have been impor- 
tant advances in the techniques for evaluating the 
distribution function. Liquid state models often 
have been patterened largely after crystal models 
since liquids and crystals are quite similar to each 
other in certain aspects of their behavior. How- 
ever, some of the important properties of simple 
liquids, e.g., molecular transport and structure, 
are well represented, at least qualitatively, by an 
equivalent system of hard unattracting spheres. 
This indicates that a dense gas is perhaps a better 
guide than the crystal for a liquid model. The 
liquid state theoretical developments have been 
directed so far toward the understanding of liquids 
with the simplest molecular constitutions. Met- 
allic liquids exhibit certain unique properties not 
adequately accounted for by any of the simple 
models, A liquid may solidify in two ways: ei- 
ther discontinuously to a crystalline solid or cont- 
inuously to an amorphous solid of glass, Accord- 
ing to the free volume theory all liquids would 
form glasses, when sufficiently undercooled, save 
for the intervention of crystallization. This view- 
point is supported by the experience that glass 
formation occurs not only in molecularly complex 
systems but also in metallic and ionic systems and 
in systems of simple molecules bound by van der 
Waals forces alone. The themodynamic and kin- 
etics of the liquid-crystal transition in pure sub- 
stances are also reviewed. 


Mertatturcists probably are concerned with 
liquids mostly with the object of understanding their 
solidification behavior. This viewpoint is natural 
since metals are technologically most used in their 
solid form and since the composition, structure and 
shape of these solids often are governed by the solid- 
ification process. However, the basic mechanism of 
solidification must be connected inextricably with the 
fundamental nature of the liquid state itself. In view 


DAVID TURNBULL, Member AIME, is with Research Labo- 
ratory, General Electric Co., Schenectady, N.Y. IMD 


422-VOLUME 221, JUNE 1961 


The 196] Institute of Metals Division Lecture 


The Liquid State and the Liquid-Solid Transition 


of this and because the subject is presently the one 
that interests me most, I have decided to speak to 
you about the present understanding of the liquid state 
and how it relates to the liquid-solid transition. 

I shall talk about liquids with all types of molecular 
constitution even though most of you probably are 
interested principally in metallic liquids. I shall do 
this because some of the most instructive features 
of liquid behavior are best illustrated by nonmetallic 
liquids. However metallic liquids will not be neg- 
lected; rather a special effort will be made to place 
their behavior in proper perspective. 

Many of the viewpoints that I shall express have 
been developed jointly by Professor Morrel H. Cohen 
and myself and described by us in a recent series of 
papers.*5 

It is almost a truism that, while the other states of 
matter are now well understood, the liquid state has 
remained an enigma. Let us consider in what sense 
this is so. In a dilute gas there are relatively few 
interactions between molecules and those that occur 
rarely involve more than two molecules. It is this 
almost complete lack of molecular interaction that 
simplified the problem of the dilute gas state enough 
so that it could be solved satisfactorily. In crystals, 
on the other hand, every molecule interacts strongly 
and simultaneously with several other molecules 
most of the time. But the problem of accounting for 
crystalline behavior was greatly simplified because 
a large proportion of the molecular configurations 
that would otherwise have to be considered are of 
negligible importance by virtue of the constraints 
imposed by the existence of long-range order. The 
liquid problem is difficult because neither of these 
simplifications, negligible interaction or few con- 
figurations with strong interactions, is realistic. 
From this it would appear that the solution of the 
problem will come not by the discovery of any es- 
sentially new physics but rather by the development 
of new theoretical techniques. It is possible that 
such a development might result from the recogni- 
tion of some appropriate simplifying physical as- 
sumption but most liquid state theorists are not 
enthusiastic about this possibility. 

Now let us go on to the particulars. First we shall 
try to answer the question: What are the essential 
differences between the liquid and the other states of 
matter ? 


NATURE OF LIQUIDS 
What is a Liquid ?— According to the simple defi- 
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nitions a liquid is any body which has a definite 
volume but no definite shape, while a solid is any 
body which has both a definite volume and shape. 
There is some ambiguity in these definitions, how- 
ever, since the process of shape change requires a 
finite amount of time. For example, we would have 
to classify ordinary water as a solid if we took as 
our criterion for solidity shape constancy for a 
period of 10™’*sec. On the other hand, if we chose 
for the criterion shape constancy over a period of 
10°” seconds we would have to call a copper wire, 
creeping at temperatures near its melting point, 

a liquid.® It is evident from this that we need to 
make our definition of solidity more precise. To do 
this we shall define solidity in terms of the coef- 
ficient of viscosity, 1, which is defined as follows: 
n = s/(du/dz) [1] 
where s is the shear stress applied to a body and 
du/dz is the resulting gradient of the relative 
velocity of elements of the body in the direction z 
perpendicular to the direction of the applied stress. 
The viscosity then is a quantitative measure of the 
resistance of a body to shear. We shall also refer 
frequently to its reciprocal: 


which is known as the fluidity. Now, by convention,’ 
all bodies having a viscosity greater than the value 
= 10'**°~10'* poise (cgs units) are considered 
solid, while those (with definite volumes) for which 
poise are considered liquid. For compari- 
son the viscosity of liquid mercury is of the order of 
10~* poise while that of molten “glass” at its working 
temperature is about 10° poise. The arbitrariness of 
the chosen convention is apparent from the continuity 
of the viscosity functions for glass forming substances 
across the chosen liquid-solid boundary. 

To clarify the foregoing let us look at the fluidity- 
reduced temperature functions shown in Fig. 1 for 
the various states of a simple molecular substance, 
i.@., a substance in which the molecules are fairly 
compact and attract each other only by van der Waa. 
forces. The reduced temperature, 7, is defined by: 


[2] 


where k is Boltzmann’s constant, T is the ordinary 
absolute temperature, and h,, is the molecular heat of 
vaporization. We express temperature in reduced 
units because by so doing® the fluidity-temperature 
relations for all substances of a given molecular type 
or class, when in the liquid state, can be represented 
approximately by a single function, ¢(7). 

All the fluidity functions shown in the figure are 
for 1-atm pressure. We see that the fluidity of the 
gas is, of course, highest, being of the order of 10* 
poise” and falling slightly with increasing tempera- 
ture. The fluidity of the liquid at temperatures near 
the boiling temperature, 7), is of the order of 10° to 
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Fig. 1—Fluidity (¢)—reduced temperature (T) relation 
for simple molecular substances. 


10° poise"'and falling rather slowly with decreasing 
temperature. At the melting temperature, which can 
vary widely on the reduced scale but is here taken to 
be 0.05, crystallization will occur if a suitable nu- 
cleus is present. In crystallization the fluidity drops 
discontinuously by many orders of magnitude to a 
value, if the crystals are of ordinary size, well in- 
side the solid region. If molecular motion in the 
crystal takes place by a point defect mechanism 

then the crystal may change its shape, when a stress 
is applied, by the creation of point defects at one set 
of its surfaces and their annihilation at another set. 
For example, if the defects were lattice vacancies, 
creation would occur at surfaces perpendicular to an 
applied tensile stress and annihilation at the surfaces 
parallel to the stress so that the crystal would elon- 
gate. The process would in general be governed by 
the diffusion of point defects in the body of the crys- 
tal and, for this case, Nabarro’ and Herring” have 
shown that the crystal fluidity should be 


4Dv 
3 
R°RT 
where Dis the self-diffusion constant, v is the mole- 
cular volume, and R is the radius of the crystal (as- 
sumed to be spherical). Thus, in marked contrast 
with fluids, crystals would exhibit fluidities which 


fall off rapidly with increase in their size. 
Now note the course of the logarithmic fluidity 


function for the undercooled liquid. The function falls 
with falling temperature at an accelerating rate?” 
¢.e., the apparent activation energy increases with 
decreasing temperature) and in some quite narrow 
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temperature interval goes very rapidly but contin- 
uously from the liquid to the solid region. The re- 
sulting solid is called a glass, and it is amorphous. 
We have then to distinguish between two types of 
transition from liquid to solid. One is a discontin- 
uous transition which results in the formation of a 
crystalline solid and the other (the ‘‘glass transi- 
tion’’) is a continuous transition which leads to an 
amorphous solid. 

Thus a solid can, by the generally accepted defi- 
nition, be either amorphous or crystalline. Now we 
ask: Must a liquid always be amorphous ? Strictly 
speaking the answer is: Not always, for, according 
to the Nabarro-Herring equation, the fluidities of 
very small crystals at high temperatures should fall 
well within the liquid range as we have defined it. 
For example, at temperatures near their thermo- 
dynamic melting points, noble metal crystals should 
exhibit fluidities in the liquid range when their linear 
dimensions are less than about 100 yu. However, the 
fluidity would be no greater than about 10~° poise™ 
for crystals only 0.1 win diam. 

Also we note that there are some quite unusual 
substances, known as “‘liquid crystals’’,’* in which 
the molecules are arranged so that one or more of 
the molecular coordinates, but not all of those of the 
center of molecular mass, exhibit a long range 
spatial correlation. Such ‘“‘liquids’’ are made up of 
many small domains differentiated by the orientation 
of the pattern of order. The properties of a domain 
are anisotropic, but the fluidity is of the same order 
of magnitude as that of the common liquids. 

However the cases of the small crystal and the 
liquid crystal are somewhat special and we may 
conclude that there is, at least, a strong association 
of crystallinity with solidity. 


010 0.025 0050 0 040 0 030 0.025 
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Although liquids are primarily distinguished from 
solids by their fluidity certain other of their proper- 
ties (e.g., molecular transport, thermodynamic and 
structural) are fairly unique. These properties of 
liquids will be surveyed following a somewhat more 
complete summary of their fluidity behavior. 

Fluidity— That the fluidity of liquids of a given 
class is, at constant pressure, approximately asingle 
function $(7) of the reduced temperature,*”’’*’* see 
Eq. [2], is one manifestation of the principle of cor- 
responding states*® according to which any given 
property for a group of substances is a single func- 
tion of suitably defined reduced variables of state. 
Actually a strict application®* of the principle to 
molecular transport properties leads to the conclu- 
sion that it should be $f, where 


4) 


B= 


and m=molecular mass, rather than ¢ itself, which 
is a single function of reduced temperature. However 
B doesn’t vary much for liquids in a given class. 

The relations between fluidity and reduced tem- 
perature for several different types of liquids are 
shown in Fig. 2. Taken together these relations 
probably span nearly the entire spectrum of liquid 
fluidity behavior at one atmosphere pressure. Note 
first the relation for simple molecular substances. 

It describes the available fluidities of these sub- 
stances within a factor of 2. Cohen and I** showed 
that this factor is significantly reduced, but not to 
unity, by including the 8 correction. There seem to 
be almost no data available over the range corre- 
sponding to the dashed part of the curve so the course 
of the curve in this region was estimated from the 


— METALS 


FUSED SILICA 


Fig. 2—Fluidity (¢)—reduced tempera- 
ture (Tt) relations for several types of 
liquids and fused silica. 
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published glass transition temperature, Tg, for 
several of the substances.’”* The glass transition 
temperature should correspond nearly to a fluidity 

of 107'*poise™’. It is approximately constant (T,~ 0.023) 
for simple molecular substances on the reduced 
scale as is the normal boiling temperature (7, ~ 0.10). 
However the reduced thermodynamic crystallization 
temperature, 7,,, varies widely among the different 
substances. 

The ¢(7) function for the polyalcohols (glycol and 
glycerin) is of the same form and only a little below 
that for the simple molecular substances. Fused 
silica is of interest because of its very low fluidity at 
and above its thermodynamic crystallization tem- 
perature [¢(7,,) ~ poise” ]. The curve for fused 
silica presented in Fig. 2 represents a compromise 
among the widely divergent (by a factor of 10) ex- 
perimental relations which have been published.’® 
It is near the relation for the polyalcohols. However 
we should not attach great significance to this near 
coincidence since the values for fused silica ex- 
trapolated to higher temperatures would fall far be- 
low those for the polyalcohols and since ¢(T) for 
boron oxide, another glass-forming oxide, lies far 
above‘ the reduced curve for silica. 

The most remarkable feature of the fluidity of 
liquid metals is that it changes so little with tem- 
perature, pressure, or from one metal to another. 
Insofar as Iam aware all of the well-substantiated 
values of liquid metal fluidity published until now 
fall within the range 10°** to 10** poise’. Fig. 2 
shows the variation of metal fluidity with reduced 
temperature. With the 8 correction, not included 
here, the relation shown describes all of the one 
atmosphere data to within a factor of 2 1/2. Also 
the corrected relation would fall slightly above that 
for simple molecular substances at the highest tem- 
peratures. 

Now consider the analytical description of the 
fluidity data. It was natural at first to suppose that 
fluid flow in liquids is a simple thermally activated 
process. This concept leads, at constant pressure, 
to a relation of the form first suggested by Andrade:”” 


$= Aexp [-q/kT] [5] 


where A is a constant that may vary slowly with tem- 
perature and q is the ‘‘activation energy”’ for flow. 
Eyring and associates** and Frenkel’® have justified 
this relation on the basis of rate theory. It has been 
widely supposed that most fluidity data are satisfac- 
torily represented by the relation with a single acti- 
vation energy. This impression probably has arisen 
because of the relatively poor accessibility, due to 
crystallization and experimental difficulties, of low- 
temperature fluidity behavior to investigation. Ac- 
tually we see that, excepting for liquid metals (at 
least from 7 = 0.10 to T=0.02), the apparent activa- 
tion energy for fluid flow is far from constant but 
rather increases continuously and at an accelerating 
rate with decreasing temperature. For example for 
Simple molecular substances q is about 7 to 8 times 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


greater near the glass transition temperature than it 


is near the normal boiling temperature. 

A somewhat more satisfactory starting point for 
the analytical description of fluidity behavior was 
suggested by the dependence of this behavior on 


volume as revealed by high pressure measurements. 


It was observed that for certain liquids most of the 
temperature dependence of fluidity disappears when 
the volume is kept constant. This suggested to 
Batschinski™ that the fluidity is a function only of a 
parameter called ‘‘free volume’’ which, for the 
present, may be defined as follows: 


[6a] 


where v, is the molecular volume of the correspond- 


ing crystal at 0°K. Batschinski further proposed that 


has a linear form, 7.e.: 
=Kuy. [6b ] 


If vy were independent of pressure it would follow 
that the fluidity should be a function 


¢=f(v) [6c] 


of specific volume alone as was indeed suggested by 
the earlier pressure measurements. However the 
careful measurements of Bridgman” demonstrated 
that this relation [6c] is at best a limiting one which 
holds only for simple molecular substances when 
their specific volume is not too small. For all of 
the other substances investigated Bridgman found 
that the fluidity increases at a substantial rate with 
temperature at constant volume. We should recog- 
nize, however, that these findings are not inconsis- 
tent with the possibility that the relation ¢ = f(s) has 
a much wider validity than ¢ = f(v), for, as Bridgman 
made clear, uy is surely dependent on pressure. We 
cannot test rigorously the generality of ¢ = f (vg) un- 
less we know this pressure dependence. 

It is now recognized that an exponential free vol- 
ume function: 


$= A exp[-b [7] 


first proposed by Doolittle,** represents the fluidity 
behavior of simple liquids much better than does the 
linear function; b is a constant of order unity. Fur- 
ther Cohen and I* showed that this exponential re- 
lation gives a fairly good representation of the fluid- 
ity behavior of simple molecular substances over 
the entire temperature range provided we accept the 
hypothesis of Fox and Flory” that the glass transi- 
tion is associated with the virtual disappearance of 
free volume from the amorphous phase. Earlier 
Williams, Landel, and Ferry™ had shown, also with 
the Fox- Flory hypothesis, that the relation describes 
satisfactorily the fluidity data of many substances in 
the glass transition region. 

We have noted (see Fig. 2) that the fluidity data of 
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liquid metals are fairly well described over most of 
the reduced temperature range (0.10 to 0.02) by the 
Andrade equation with a single value of the apparent 
activation energy for each metal. The temperature 
variation of fluidity is so small that the tempera- 
ture dependence of the preexponential factor A in 
Eq. [5] is of some importance. The Cohen- Turnbull 
treatment,” discussed later, indicates that A should 
vary as T~/2, Indeed the best simple representation 
of the fluidity behavior of liquid mercury at constant 
pressure is provided by the exponential free volume 


relation: 


oT'/? = A, exp [7a] 


where A, is now temperature independent. This 
representation, which is shown in Fig. 3, is signifi- 
cantly better than that provided by the Andrade equa- 
tion’ either with A constant oF though by a smaller 
margin, with A varied as T~”*. 

Diffusion and Crystal Growth—It is natural to sup- 
pose that the greater the molecular mobility within 
a substance the greater will be its fluidity. According 
to this viewpoint the molecular mobility in liquids 
should be much higher than in solids. Actually this 
appears to be true for any one substance, if we take 
the self-diffusion constant to be a measure of the 
molecular mobility. However, the molecular mo- 
bility in liquid silica is probably less under certain 
conditions than that in crystalline metals at rela- 
tively high temperatures. 

It has been shown by kinetic analysis that the self- 
diffusion constant in liquids should be proportional to 
the product between the fluidity and the temperature; 


that is, 


D=BT¢. 


0 12.5 20 22.5 
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Fig. 3—Fluidity (¢) of liquid mercury as a function of tem- 
perature and specific volume (v). vp is the value of v (ex- 


trapolated) at 0°K. 
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Actually experience shows that, at least in the range 
of high fluidities, Dis of the same form as T¢ with 
the proportionality constant B being quite near the 
Stokes- Einstein value:”° 


31a, [8a] 


B 


where a, is the molecular diameter. It is not yet 
clear why the Stokes- Einstein equation, which was 
derived for the motion of spheres in a fluid con- 
tinuum, should hold, even approximately, in self- 
diffusion. There is little self-diffusion data which 
extend into the fluidity range of the glass transition. 
Such data as there are’? indicate that Eq. [8] still 
holds at the glass transition, but much more evidence 
would be needed to establish that it is generally valid 
over the entire fluidity range. 

The variation of the self-diffusion coefficient with 
the state of a substance is illustrated by the results 
for silver shown in Fig. 4. All of the relations shown 
represent experimental measurements*”” with the 
exception of that for the vapor at 1-atm pressure, 
which was calculated fromthe kinetic theory of gases. 
In the vapor the diffusion coefficient is of the order 
of 1 cm’ sec™’. It falls about 4 orders of magnitude 
upon condensation to the liquid and then decreases 
slowly with decreasing temperature to a value of 
2.5 X 10°° cm” sec™ at the thermodynamic crystal- 
lization temperature. Then during crystallization it 
falls discontinuously by about 3 1/2 orders of mag- 
nitude. However, this change is many orders of 
magnitude smaller than that which occurs in the 
fluidity upon crystallization. The reason for the 
very much larger discontinuity in the fluidity is that 
in a crystal flow occurs only after a point defect 


(1/T) x 104 


Fig. 4—Self-diffusion coefficient (D)—temperature rela- 
tions for pure silver in various states. The sources of 
the relations are: gas—calculated from kinetic theory; 
liquid—data of Yang et al.”"; single-crystal—data of 
Johnson” ; grain boundary and dislocation—data of 
Hoffman and Turnbull.”® 
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moves all the way to the surface from the crystal 
interior, whereas flow in a liquid apparently results 
from single molecular displacements within the liquid 
body. In other words it is the factor R*in The Nabarro- 
Herring equation rather than the small diffusion co- 
efficient that is the principal cause for the excep- 
tionally high viscosity of crystals. It is of interest 
that if we set R in the Nabarro-Herring equation 
equal to the molecular diameter there would result 
an equation of the same form as the Stokes- Einstein 
equation for fluids with a constant B within a factor 
of 2 of the Stokes-Einstein value. 

Also shown in Fig. 4 is the self-diffusion constant 
along dislocations in simple tilt boundaries deduced 
from the data of Hoffman and myself~’” by assuming 
a dislocation thickness of 5A. It can be inferred from 
Simmons and Baluffi’s®* measurements of the vacancy 
concentration in crystalline silver that the diffusion 
constants for lattice vacancies are given by a rela- 
tion quite near the one for dislocations. Note that 
this relation gives a D value at the thermodynamic 
crystallization temperature which is only slightly 
higher than the corresponding value for the liquid. 
However, this near coincidence probably should not 
be taken very seriously since the temperature co- 
efficient for dislocation diffusion is more than twice 
that for liquid diffusion. 

The propagation velocity, u, of crystal-liquid in- 
terfaces also seems, in many cases, to be directly 
proportional to fluidity. It is readily shown™ from 
simple kinetic considerations that the variation of u 
with temperature should be given by an expression 
of the form: 


[1 - exp (Ag/kT)] (9] 


where Agis the free energy which motivates the 
boundary, f is the fraction of sites in the boundary 
to which molecules can be attached, and D, is the 
kinetic constant governing the molecular attachment 
in units of cm’ sec™’. If D, is identified with the 
self-diffusion coefficient of the liquid®*’”’* then u can 
be related to the fluidity through Eq. [8]; thus, 


BT 
u= pre [1 - exp (Ag/kT)] [10a] 
or with the Stokes-Einstein value for B: 

kT 
u = [1 exp (4g/kT)] [10b] 


It is known’ that Eq. [10b] does indeed describe 
the velocity of crystal growth in very viscous mole- 
cular liquids, such as glycerin, selenium, and the 
Silicates, with reasonable values for f (i.e., less 
than unity and increasing with increasing under- 
Cooling). However, recent measurements on liquid 
metals indicate that Eq. [10] may not hold for atomic 
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liquids. For example Walker™ found that the rate 
constant, D,, for Fe-Ni alloys is at least an order of 
magnitude greater than the corresponding self-dif- 
fusion coefficient of the liquid. 

From Eq. [10b] we calculate that the velocity of 
crystal growth at the glass transition temperature is 
about 0.01Aper day. It can be concluded from this 
that a glass of a molecular substance, once formed, 
should be stable over a very long period. 

The Glass Transition—I have alluded several times 
to the glass transition in which some liquids solidify 
continuously (see Figs. 1 and 2) to amorphous solids 
at temperatures well above 0°K. It may now beasked, 
is this transitiona universal characteristic of liquids? 
According toa model developed by Cohen and myself” * 
all liquids would indeed undergo the transition, ex- 
cepting for the intervention of crystallization. Whether 
or not crystallization occurs before glass formation 
is determined, therefore, by the magnitude of the 
crystallization kinetic constants and the cooling rate. 
According to this viewpoint it is not meaningful to 
classify substances according to whether they do or 
do not form glasses. Rather we should classify sub- 
stances according to their glass forming tendency 
which, at a given cooling rate, should be greater the 
smaller are the crystallization kinetic constants. 

The principal evidence for the universality of the 
glass transition is: 

1) Within a class the ¢(7) relation (see Figs. 1 and 
2)for the glass forming substances is essentially the 
same as that for the substances which normally crys- 
tallize before glass formation, at all temperatures 
above the crystallization temperatures of the latter. 

2) Contrary to the commonimpression that glasses 
form only from liquids with complicated structures, 
substances with very simple molecular constitutions 
often form glasses. For example, many simple mole- 
cular substances, such as toluene, diethyl ether, and 
S,, in which the molecules are attracted only by 
van der Waals forces, readily form glasses. Some 
liquids entirely constituted by ions, for example, the 
KNO,—Ca(NO3)2 solution of eutectic composition, al- 
so form glasses.* Recently Klement e/ al.** showed, 
apparently for the first time, that a metallic sub- 
stance (a gold-silicon alloy with a composition near 
the eutectic) can form a glass. These results clearly 
show that glass formation is not confined to coval- 
ently bound systems but can occur in ionic, metallic 
or van der Waals bound systems as well. 

3) Amorphous solids can be formed on cold sub- 
strates, by slow condensation from the vapor, from 
many substances which, in the liquid state, normally 
crystallize on cooling. For example, it has not been 
possible with the highest cooling rates achieved so 
far to undercool liquid water to a glass. However, 
Pryde and Jones*® have shown that at very low tem- 
peratures water vapor can be condensed to an amor- 
phous solid which does not crystallize until warmed 
to temperatures near 120°K. 

We note (see Fig. 2) that there is no evidence for 
glass formation in metal systems at reduced tem- 
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peratures above 0.016. The reduced eutectic crys- 
tallization temperature of the glass forming gold- 
silicon alloy is about 0.015. Klement, e¢ al.’s ob- 
servations indicate® that the reduced glass transi- 
tion temperature of this alloy is about 0.007 which is 
far below the value, 7, ~ 0.023, for simple molecular 
substances. This behavior suggests that the ¢(7) 
relation for metals rapidly falls away from the linear 
relation shown in Fig. 2 at reduced temperatures 
between 0.015 and 0.007. 

It might appear that the observations of Klement, 
et al. are inconsistent with those of Hilsch** that 
amorphous metal films formed by vapor deposition 
crystallize at very low temperatures ~ 20°K corre- 
sponding to T < 0.001. However, Cohen and I° pointed 
out that diffusion over large distances is required 
for the crystallization of the gold-silicon glass but 
not of the pure amorphous metal. Therefore, the 
crystal growth velocity in gold-silicon would not 
exceed the value u(¢) given by Eq. [10], while ina 
pure metal it may be, since growth would require 
only small atomic displacements, much greater than 
u(d). Thus a pure metal glass may crystallize at a 
temperature far below its glass transition tempera- 
ture. 

The glass transition is manifested, not only by a 
large fluidity change, but by marked changes in other 
properties, such as the coefficient of thermal ex- 
pansion and the heat capacity, as well. These effects 
have been discussed thoroughly in the reviews of 
Kauzman’’ and Jones.*’ Here it will suffice to com- 
ment on the course of the specific volume-tempera- 
ture relation through the glass transition, which is 
represented schematically in Fig. 5. At tempera- 
tures just below the thermodynamic crystallization 
temperature the specific volume of the liquid lies 
well above and is falling more rapidly with decreas- 
ing temperature than the specific volume of the 
corresponding crystal. We note further that if the 
specific volume of the liquid continued downward on 
its high-temperature course it would intersect and 
then go below the specific volume of the crystal at 
temperatures well above 0°K. However, before this 
occurs, and at a temperature, Tg, in the range in 
which the large fluidity change occurs, the coefficient 


Fig. 5—Schematic specific volume (v)—reduced tempera- 
ture (tT) relations for a simple molecular substance in 
various states. 
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of thermal expansion falls very sharply from its 
liquid state value to a value which is little different 
from that of the corresponding crystal. Below the 
glass transition temperature, then, the specific 
volume-temperature relations of the glass and of 
the crystal are roughly parallel to each other. An- 
alogous behavior is exhibited by the specific energy- 
temperature relations; thus the specific heat of the 
crystal and the glass are also very near to each 
other. 

The glass transition temperature defined by the 
break in the specific volume (or energy) relation 
tends to be lower the lesser is the cooling rate. 
However, we would hardly expect Tg to be any lower 
than T° which is defined by the intersection of the 
specific volume-temperature relations of the liquid 
and the crystal. Therefore, as Gibbs and DiMarzio” 
pointed out, there should exist minimal specific 
volume-temperature and specific energy-tempera- 
ture relations for the glass which lie a little above, 
because of the disorder in the glass, the correspond- 
ing relations for the crystal. 

Thermodynamics of Crystallization— Under all 
conditions so far investigated the crystallization of 
a pure liquid is thermodynamically a first order 
transition; that is, the entropy and volume of the 
substance change discontinuously in the transition. 
This behavior is manifested by the Gibbs free 
energy function (G) of the system, which is a mini- 
mum at equilibrium. An isobaric section of this 
function is represented schematically in Fig. 6. 
This curve exhibits two branches, one for the crys- 
tal and the other for the liquid or amorphous phase, 
which intersect at the thermodynamic crystalliza- 
tion temperature. The dashed portions of the curves 
represent extrapolations to conditions under which 
the corresponding phase is metastable. The slopes 


Fig. 6—Schematic free energy (G)—temperature relations 
for a pure substance in the crystalline and amorphous 
states. 
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of each branch represent the entropies and the T =0 
intercepts the 0°K enthalpies of the corresponding 
phases. At any given temperature both the entropy 
and the enthalpy of the amorphous phase are greater 
than the corresponding quantities for the crystal. In 
most systems the major contribution to the decrease 
in enthalpy on crystallization comes from the de- 
crease in internal energy. 

We note that the thermodynamic crystallization 
temperature is not an intrinsic property of either 
the crystalline or the amorphous phase but is rather 
the temperature at which two quite independent func- 
tions happen to intersect. Therefore there should be 
no unusual changes in the properties of either the 
liquid or the crystal when they pass from their stable 
to their metastable condition. 

Although the liquid-crystal transition is clearly 
discontinuous at ordinary pressures there is no ob- 
vious reason why it could not become continuous at 
much higher pressures. In this event the entropy and 
volume changes accompanying the transition would 
decrease with increasing pressure and finally dis- 
appear together at some critical pressure, P.. Above 
P,, there would no longer be two independent Gibbs 
functions (as shown in Fig. 6), but rather the func- 
tion for the crystal would merge gradually into that 
for the liquid with no discontinuity in slope. How- 
ever, a cryStal-liquid critical point has not been 
found in any system. Further Bridgman™ has shown, 
by a careful analysis of the pressure variation of the 
volume and entropy changes during crystallization, 
that the existence of such a critical point is highly 
unlikely. 

There is a common impression that the difference 
in energy, AU,,, between the liquid and the crystal is 
very small relative to that, AU,, between the vapor 
and crystal. While this impression is correct for 
many substances at their thermodynamic crystalliza- 
tion temperatures it is not generally valid because 
AU,,, and AU,, /AU,, varies widely with temperature. 
For example, near the critical temperature AU,, is 
of the same order of magnitude as AU,, while at tem- 
peratures below the glass transition it has only 1/4 
to 1/2 its value at the thermodynamic crystallization 
temperature.°° 

The ratios AU,,/AU, for some typical substances 
at their thermodynamic crystallization temperatures 
are shown in Table I. 


Table |. Fusion Data for Various Crystalline Substances at the 
Thermodynamic Crystallization Temperature T,,,; AS,, and 
AU, are, Respectively, the Entropy and Energy of Fusion. 

AU, is the Energy of Sublimation. 


Substance ASm/k AUm/AUs; 
Sodium 371 0.85 0.023 
Copper 1357 1.15 0.037 
Sodium Chloride 1073 32 0.13 
Silica®® 1983 ~0.5 ~0.01 
Argon 84 1.6 0.15 
Carbon Dioxide 217 4.6 0.24 
Benzene 278 4.2 0.22 
Toluene 177 4.4 0.15 
n-octadecane (C,,H,;,) 301 24.6 0.52 
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We note that the ratio ranges from 0.01 for silica 
to 0.52 for n-octadecane. For metals the ratio at 7,,, 
is quite small, being of the order 0.02 to 0.05. 

The entropy of melting, AS,,, of pure crystals, 
values of which are given in Table I for some sub- 
stances at their thermodynamic crystallization tem- 
perature, T,,, generally increases with complexity 
of molecular structure and with temperature. For 
simple molecular substances the temperature de- 
pendence is quite large so that at temperatures be- 
low the glass transition temperature AS,, has only a 
small fraction (e. g.,< 1/4) of its value at T,,. 

It has been pointed out that the entropy of melting 
of many atomic substances, including most metals, 
at their T,,, is usually of the order of Boltzmann’s 
constant, k, per atom. However, this may not be of 
great significance, in view of the marked dependence 
of AS,, on temperature. 

Structure— We have stated already that, excepting 
very special cases, the structure of liquids is amor- 
phous. By this it is meant that there is in a liquid no 
spatial correlation between molecules separated by 
more than a small number of molecular diameters. 
However, there may be spatial correlation between 
molecules which lie very close together. In this 
event the radial distribution function, p (7), which is 
the molecular density as a function of the distance 7 
from the center of some reference molecule, will be 
a strongly damped periodic function of the type shown 
in Fig. 7; the particular function shown would be 
typical for liquids near their thermodynamic crys- 
tallization temperatures. It rises from 0 to a high 
peak near one molecule diameter and then during a 
few oscillations falls off to a constant value which is 
the mean molecular density. The peaks become more 
diffuse when the temperature is increased but the 
function does not change rapidly with temperature. 

There is then a considerable amount of short- 
range order in liquids at relatively high density. 
This order is very like the Jocal order in crystals 
and much has been made of this. However order 
can be imposed by repulsive forces alone. For ex- 
ample, the radial distribution function for a dense 
system of hard unattracting spheres*®’ looks very 
much like that for a typical liquid. Hence, much of 


Lf 


Fig. 7—Schematic radial distribution function, p(r), for a 
liquid. Dashed line corresponds to average density. 
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the short-range order exhibited by liquids could 
arise simply from random positioning of molecules 
subject to the constraint that there be some mini- 
mum spacing between molecular centers. The 
structure of liquid metals has been reviewed by 
Frost“ and Vineyard.” 


THEORY OF LIQUIDS 


What do we require of a satisfactory theory of 
liquids? First of all we require that it predict the 
equilibrium properties of the liquid relative to those 
of the corresponding crystal or of the slightly im- 
perfect gas. That is to say, we do not make the 
development of liquid state theory contingent on the 
solution of the problem of intermolecular cohesion. 
Then such a theory ought also to predict at least the 
qualitative features of molecular transport behavior 
in liquids and glasses. These requirements are 
equivalent to that of having a suitable partition 
function for the liquid. The partition function or 
‘‘sum over states’’ is defined by the equation: 


Z = Dexp (-¢;/kT) [11] 


where ¢; is the energy of the system when in its 7th 
state or complexion and the summation is to be 
taken over all distinct complexions of the system. 
Thus it is a function which increases with the num- 
ber of possible complexions of low energy. It is 
quite simply related to the thermodynamic functions 
of the system. Here we give only its relation to the 
Helmholtz free energy, F, which is 


F =-kTInz [12] 


It can be seen from this that at equilibrium the sys- 
tem will be in that macroscopic state for which the 
partition function is the greatest. 

Provided the potential energy of the system is in- 
dependent of the momenta of the particles the parti- 
tion function can be factored into two parts: 


Z=Z7Q [13a] 

The first part, due to the kinetic energy, is given by: 
anmeTY N/2 

[13b] 


where N is the number of particles and m is themass 
of a particle. The second factor, which is known as 
the configurational partition function, may be ex- 
pressed as: 


Q = J exp [- V(w)/kT)]dw [13c] 


where V(w) is the potential energy of the system in 
configuration w and dw is the volume element of 3N- 
dimensional configuration space. The integration is 
over all configurations which are possible with the 
particles indistinguishable from one another. 

The complete evaluation of the configurational 
partition function, with a suitable potential energy 
function, has never been carried through because of 
the formidable mathematical problems associated 
with it. Instead, to derive usable theories of liquids, 
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it has been necessary to introduce various simplify- 
ing approximations. The degree of approximation 
has varied widely. In some approaches, such as those 
of Kirkwood and Mayer and their associates, the as- 
sumptions are few and well-defined. However, these 
simplify the mathematics only in part and as yet the 
deductions obtained are quite limited. At the other 
extreme are theories which are deduced from some 
physically plausible models. In effect the procedure 
here is to rule out a large proportion of the possible 
configurations on some apparently reasonable basis 
and hope for the best. These theories give valuable 
insight about the nature of liquids. They are readily 
manipulated to give deductions which are broad in 
scope but which are expressed in terms of unevalu- 
ated parameters. 

In the following I shall give a brief sketch of those 
theories, both of the model and of the more rigorous 
type, in which there seems to be the most active in- 
terest at the present time. In this there will some- 
times be occasion to discuss the properties of a 
dense fluid consisting of hard unattracting spheres 
(hard sphere model). This system is of interest be- 
cause of its simplicity. Also, despite the absence of 
attraction, it may be a fairly realistic model of the 
liquid state since within actual liquids the attractive 
forces largely cancel each other out and the repul- 
sive forces rise very steeply with decreasing inter- 
molecular distance after intermolecular contact. 
The main role of attractive forces is then to reduce 
the external pressure required to keep the liquid 
from disintegrating. 

Lattice Models—I shall begin with the so-called 
‘‘lattice models’’ of liquids. These were the first 
to be developed and probably they can be regarded 
as the precursors of the present ‘‘cell’’ or ‘‘free 
volume’’ model. In the earliest developments, be- 
ginning with that of Lindemann, the object was to 
show that the crystal would become intrinsically 
unstable when heated above some critical tempera- 
ture. It would then break down continuously to a 
liquid. This particular approach is unsatisfactory 
in two respects. First melting is regarded as a 
continuous transition whereas it actually is, as we 
have seen, discontinuous. Second, the approach 
leads to a model of the crystalline but not of the 
liquid state. The first objection was disposed of 
in the later developments by supposing that the 
critical temperature for the development of crystal 
instability lies somewhat above the thermodynamic 
crystallization temperature. The second objection 
was met by making some ad hoc assumption about 
the entropy of the liquid. 

As a particular example of a lattice model let us 
consider the ‘‘hole’? model as developed by Frenkel,” 
Eyring* and Frank.* In this model the starting point 
is the perfect crystal. Both the energy and entropy 
of the crystal are increased by the introduction of 
empty lattice sites (holes). Thus the concentration of 
such empty sites must increase with increasing tem- 
perature. Now if the energy, €,, required to form a 
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hole decreases with increasing hole concentration, 
according to certain plausible functions,‘ there 
will exist a temperature above which the crystal will 
transform discontinuously to a state with a much 
higher hole concentration. This state, though it actu- 
ally should correspond to that of a highly defective 
crystal, is identified with the liquid. 

A somewhat similar model of melting had been 
developed by Lennard-Jones and Devonshire.** They 
supposed that the crystal disorders by the formation 
of interstitial molecules and a corresponding number 
of holes. Then, if with increasing disorder the energy 
of formation of interstitial molecules decreases and 
the whole structure expands, the existence of a first 
order transition, from a relatively perfect to a highly 
defective crystal (also identified with the liquid), can 
again be demonstrated. 

According to the hole model the energy of fusion 
should be the product of the energy of hole forma- 
tion, €,,, and the increase in the number of holes upon 
melting as inferred, for example, from the volume 
increase on melting, Av/v,. In molecular substances 
€, ought to be approximately equal to the molecular 
energy of sublimation, €,. For simple molecular 
substances, such as argon, the heat of fusion is in- 
deed roughly equivalent to the product €,(Av/v,). 

The entropy of fusion in the lattice models would 
be just the entropy of mixing the holes and inter- 
stitial molecules introduced in fusion with the mole- 
cules at normal sites. However, with the increased 
defect concentrations on melting inferred from the 
energy of fusion, this entropy increase is in nearly 
all cases almost an order of magnitude smaller than 
the observed entropy of fusion. Thus, as might have 
been anticipated, the lattice models apparently give 
only a small fraction of the number of configurations 
actually possible in the liquid. Eyring attempted to 
correct for this deficiency by introducing his ‘‘com- 
munal entropy’”’ concept which led to the cell or free 
volume model discussed in the next section. 

Cell or Free Volume Model—The cell model of 
liquids was first developed by Eyring and coworkers 
and by Lennard-Jones and Devonshire. According to 
this model each molecule is confined most of the 
time to a ‘‘cell’’ or ‘‘cage’’ formed by its immediate 
neighbors. The configuration of these neighbors is 
considered to be similar to that which would exist in 
the crystal. Let us now try to specify the potential 
energy, V, of the molecule in the cell. If all but close 
neighbor interactions are ignored this energy will 
depend only on the configuration of the individual 
cell. Further it is assumed that this configuration 
may be specified by just two variables. These are: 
R, the cell radius, which is defined as one-half the 
mean distance between the cell center and the cen- 
ters of the molecules that delineate the cell, and 
y, the displacement of the central molecule from 
the cell center. Thus: 


45, 46 


V=V(R,7). [14] 
We have then to distinguish between the ‘‘inner po- 
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tential’ V(7), at constant cell radius, which depends 
upon the position of the molecule within its cell and 
the level of potential, called the ‘‘cage potential’’, 
V(R, 0), when the molecule is in the center of its 
cell which varies with the cell radius. 

In the development of the cell model it is assumed 
that the inner potential V(r) has the form of a square 
well with an infinitely high wall. That is, V(7) is 
constant for all 7 < YF and infinite for ry > r-, where 
Y¢ is the displacement necessary to bring the mole- 
cule from the center of its cell into contact with one 
of its neighbors. There is then a central region of 
the cell, called the ‘‘central free volume’’, uf , within 
which the center of gravity of the molecule can move 


without any change in potential energy. The assumed 
square well form of the inner potential is, of course, 


just that which would obtain in the hard sphere model. 
However, for molecules with attractive forces the 
cage potential V(R,0) will increase with cage radius 
(for vy >0) whereas in the hard sphere model it 

would be independent of R. It is believed that the 
potential energy of interaction between simple mole- 
cules can be represented approximately by the Len- 
nard-Jones function which has the form: 


AB 
V(R)= - pe + pre [15] 


where R is one-half the separation of the molecules 
and the zero of potential is taken to correspond with 
the potential level at R=~. It has been shown (e.g. 
Vineyard*’) that the inner potential calculated from 
the Lennard-Jones function does have a form which 
roughly approximates that of a square well at cage 
radii which are expected to obtain in normal liquids. 
According to the Lennard-Jones function the varia- 
tion of the cage potential V(R,0) with cage radius will 
have a form similar to that shown in Fig. 8. In con- 
structing the configurational partition function, Q, 
according to the cell model, the cage potential of 
each cell is set equal to that, V(R,0), of the average 
cell. There is then obtained: 


Q = [v7 exp (- V(R,0)kT)] [16] 


V (R) 


— 


Fig. 8—Schematic cage potential function, V(R), for mole- 
cule in the cage center. R is the “‘radius’’ of the cage. 
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This result is formally the same as would have been 
deduced for the crystal from the cell model. There- 
fore, to justify the appearance of the liquid it is 
necessary to specify in some way the greater num- 
ber of configurations, relative to the crystal, which 
should be possible for the liquid. 

Eyring et al.*° attempted to do this by introducing 
the ‘‘communal entropy’”’ concept. In their treatment 
it is supposed that in the crystal only the central 
free volume, v7, within a cell is available to a mole- 
cule whereas in the liquid the entire free volume of 
the system, Nov,, is available to every molecule. This 
assumption leads to a contribution, Nk (the communal 
entropy), to the entropy of the liquid which does not 
appear in the expression for the entropy of the crys- 
tal. As has been pointed out before, Eyring ef al.’s 
justification of the communal entropy can hardly be 
valid because it implies that in the crystal each 
molecule is always confined to its particular cell 
whereas actually, as shown by crystalline diffusion, 
it wanders slowly from cell to cell. 

The calculation of the entropy with the cell model 
was Clarified in the more rigorous statistical me- 
chanical treatment of the model by Kirkwood.* In 
this treatment the configurations of the system are 
differentiated by different cell occupancies (i. e., 

0, 1, 2 ---- or n,and so forth, molecules to a cell). 
If no restrictions whatever are placed on cell oc- 
cupancy the entire communal entropy Nk is obtained. 
However, it is evident that the intermolecular re- 
pulsive forces will restrict cell occupancy. Ina 
dilute gas such restriction would be negligible, but 
in a dense system it must greatly reduce the prob- 
ability of many of the configurations. Actually it 
has been shown’”* that in systems as dense as 
most liquids are the configurational entropy that 
can arise from multiple occupancy of cells is only 
a negligible fraction of Nk. This conclusion is 
perhaps not surprising for we might expect intui- 
tively that many more configurations will be avail- 
able to the liquid than can be differentiated by the 
occupancy numbers of a single given set of cells. 

An alternative approach to the entropy problem 
was suggested by Cohen and myself.‘ In this treat- 
ment the entropy of fusion arises from the different 
ways of distributing the ‘‘free volume’’, which is 
defined differently than central free volume, in the 
liquid. To describe this concept we begin by defining 
a parameter, Av, called the ‘‘excess volume’’, as 
follows: 


Av -% [17] 


where TU is the average volume per molecule in the 
liquid and v, is the volume per molecule when all 
cages have the radius R, corresponding to the mini- 
mum of the cage potential curve (see Fig. 8). When 
Av is small relative to v, it will be proportional to 
R - Ry. Now consider the distribution of excess 
volume among the different cells as R is increased 
from R,. When R is near R,, corresponding to the 
nonlinear region of the cage potential curve just 
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beyond the minimum, the potential energy of the sys- 
tem will be least when the excess volume is dis- 
tributed uniformly among the different cages. Some 
energy, Ae, will then be required for redistribution 
of the free volume away from the uniform distribu- 
tion. At very low temperature the mean cage radius 
will be near R, so that the excess volume will tend to 
be uniformly distributed, As the temperature in- 
creases R and Av increase, and a temperature range 
will be reached in which R will have values corre- 
sponding to the approximately linear region of the 
cage potential curve; the excess volume at which 
this occurs is denoted by the symbol Avg. Under 
these conditions; 7. e., AD > Adg, a part of the excess 
volume, which we shall call the ‘‘free volume’’, UF 
can be redistributed without an energy change. To 
understand this you must note that, for a linear po- 
tential, the increase in energy due to the expansion 
of a particular cell should be just balanced by the 
energy decrease from the compensating contraction 
of another cell. Since no energy is required for its 
redistribution the free volume will be randomly dis- 
tributed among the cells. The entropy of the system 
will be increased due to the randomization of an 
initially uniform distribution of free space. This 
entropy is available to an amorphous but not to a 
crystalline phase, since a random distribution of 
free space is not compatible with long-range order. 
Cohen and I* have suggested that the randomization 
entropy may contain the communal entropy. However, 
the precise evaluation of this entropy and the rate at 
which it appears when an amorphous phase is ex- 
panded has not yet been achieved. 

To summarize: The cell model rests upon serious 
approximations so that it cannot be expected to lead 
to a rigorous theory of the liquid state. Nevertheless 
it has provided valuable insight on liquid behavior as 
is evidenced by the accuracy of some of the correla- 
tions that have arisen from it. The model has had 
this degree of success because of its simplicity and 
because it does perhaps portray, albeit in a highly 
idealized way, some of the salient features of the 
liquid state. 

Crystallite Model—To those familiar with solids 
it is appealing to think that the liquid is composed of 
myriads of small crystallites, each of which is mis- 
oriented relative to neighboring crystallites. Indeed 
such a model was proposed by Mott and Gurney.” 
According to this model the energy of fusion would 
be the product between the crystallite boundary area 
and the appropriate grain boundary energy. The en- 
tropy of fusion would arise because of the different 
configurations obtained by misorienting the crystal- 
lites, relative to each other, in the various possible 
ways.” To account, with this model, for the energy 
of fusion of a metal such as copper it would be neces- 
sary to suppose that each crystallite is, on the aver- 
age, about 10 atoms across. However, the additional 
entropy arising from such a crystallite size would be 
at least an order of magnitude smaller than the en- 
tropy of fusion actually observed. 
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Models of Frank and Bernal—Frank™ and Bernal™ 
have proposed models of liquid structure according 
to which the liquid is made up largely of nearly 
regular, but non-space filling, coordination polyhedra. 
A similar concept (‘‘vitron’’ concept) was advanced 
by Tilton to account for the glass structure. So far 
this model has not been used to interpret other than 
the structural properties of liquids, but Bernal has 
indicated a program for deriving a general theory 
of liquids from it. 

The basic concept underlying the model, as de- 
veloped by Frank, is that the energy of a molecule 
can be lower for certain non-space filling than for 
any space-filling forms of the coordination polyhe- 
dron (2. e., the body delineated by the nearest neigh- 
bors of the molecule). Frank considered specifically 
the case of coordination number twelve. Here two 
forms of the coordination polyhedron fill space; one 
form leads to a face-centered cubic structure and the 
other to a hexagonal structure. The third form, the 
icosahedron, has five-fold symmetry and cannot fill 
space. Frank pointed out that a molecule is closer to 
its immediate neighbors, and therefore may be more 
tightly bound, when within an icosahedron than when 
within either of the space filling polyhedra. For this 
reason he suggested that icosahedra may be the pre- 
dominant structural elements in liquids in which the 
coordination number is near twelve. 

Like Frank, Bernal stressed the predominance in 
liquids of structural elements which exhibit five-fold 
symmetry. However, Bernal made a more complete 
analysis of the structural possibilities and also ad- 
vanced a different viewpoint concerning the stabiliza- 
tion of the model. He determined the structure that 
would result by assembling spheres randomly but 
subject to the constraints that there be some mini- 
mum spacing of spheres and that a given sphere be 
equidistant from its immediate neighbors. The 
structure so obtained could be described as an ag- 
gregation formed by putting together five kinds of 
polyhedra only slightly distorted from regularity. 
Two of the polyhedra, the octahedron and tetrahedron, 
are the essential structural elements of close-packed 
crystals. The other three polyhedra exhibit five-fold 
symmetry. Bernal showed that the radial distribution 
function for his hypothetical liquid resembles quite 
closely that which has been reported for liquid lead. 
He suggests that the entropy of fusion and conse- 
quently, the stability of the liquid, may arise from 
the large number of distinct configurations that can 
be obtained by putting the five kinds of polyhedra 
together in various ways. 

Method of Distribution Functions— Among the more 
rigorous approaches to the theory of liquids the 
method of distribution functions, developed especi- 
ally by Kirkwood and coworkers, *’™ probably is get- 
ting the most attention at present. The quite formid- 
able mathematical details of this method have been 
described elsewhere*”™ and to try to reproduce them 
here would be pointless. I shall attempt only to 
summarize the general objectives of the method and 
some of the principal results achieved so far. 
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The main objective is, starting with a suitable 
intermolecular potential function, to calculate the 
molecular distribution very precisely as a function 
of density and temperature. From this the equation 
of state and the thermodynamic functions may be 
calculated if it is assumed that the potential energy 
of the system is just the sum of the interaction 
energy of all the intermolecular pairs. The main 
disadvantage of the procedure is that some of the 
important thermodynamic functions, such as the 
entropy, can be evaluated only if the molecular 
distribution is known very accurately. 

Kirkwood and associates actually were able to 
derive an expression for the radial distribution 
function p(7) as a function of density by making the 
so-called ‘‘superposition’’ approximation. The as- 
sumption underlying this approximation is that the 
force exerted on any one molecule by another in its 
set is independent of all the other molecules in the 
set. At relatively low density the Kirkwood solution 
for the radial distribution function is a damped 
periodic function similar to that of fluids, and in- 
deed the calculated p(v) for liquid argon is in fair 
agreement with the relation deduced from X-ray 
scattering data. At higher densities the solution 

has the periodic form characteristic of crystals; 
hence, a fluid-crystal transition is predicted at an 
intermediate density. However, the molecular dis- 
tribution was not calculated with sufficient accuracy 
to determine the entropy change. It is interesting 
that the Kirkwood theory also predicts a crystal- 
fluid transition for a system of hard unattracting 
spheres (there is no gas-liquid transition in this sys- 
tem). 

Recently computing machines have been used, partly 
in conjunction with the Monte Carlo technique,” 
to calculate the distribution function of systems of 
several hundred particles with good success. Some 
calculations were made with hard sphere interaction 
and others with Lennard-Jones interaction. It was 
found that a hard sphere system does indeed crys- 
tallize at some high density as Kirkwood had pre- 
dicted. 

In connection with the Monte Carlo results the be- 
havior of an actual two-dimensional dynamic hard- 
sphere model developed by Cormia and myself™ may 
be of interest. Gilmer and I® found that the pressure- 
density relation and radial distribution function of 
this model in its fluid state are in good agreement 
with the corresponding results of the Monte Carlo 
calculations.** Also the model exhibits a first order 
fluid ~ crystal transition at a fluid density of 0.8 of 
the density of the close-packed system. 

An important new method of deriving the equation 
of state of dense fluids was recently developed and 
applied with outstanding success by Reiss and co- 
workers.” They succeeded in evaluating, without 
making the superposition approximation, the radial 
distribution just at the surface of a rigid solute atom 
with an arbitrary radius. The result obtained by 
putting the radius of the solvent atom into this ex- 
pression determines the equation of state of the 
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fluid. An analytical relation so obtained is in good 
agreement with the relation obtained by the ma- 
chine computations. The method is also being used, 
with considerable success, to predict the thermo- 
dynamic properties of real fluids. 

In summary rapid progress is being made toward 
a rigorous theory of fluids by the method of distri- 
bution functions. However, the mathematical form of 
the theory is still very complicated. 


INTERPRETATION OF DIFFUSION AND THE 
LIQUID-SOLID TRANSITION 


Diffusion—In this discussion it is assumed that the 
self-diffusion coefficient, D, and the fluidity-tem- 
perature product, ¢7, are identical in form, Eq.[8], 
so that either quantity may be used as an index of 
the long time average molecular mobility. 

First let us compare the self-diffusion coefficient 
of a simple liquid with that of an ‘‘equivalent’’ hard 
sphere fluid, z.e., a fluid in which the spheres have 
the same density and diameter as do the molecules 
in the liquid. An expression for the self-diffusion 
coefficient in relatively dense hard sphere fluids was 
derived by Enskog.“ Later Longuet-Higgins and 
Pople® derived the following somewhat simpler ex- 


pression: 


pase (tity (18) 


which gives essentially the same results as the 
Enskog expression. In both treatments simplifying 
approximations were made which might lead to 
serious errors at high densities. Table II shows 
the comparison between the self-diffusion coef- 
ficients for the liquids argon and silver at their 
thermodynamic crystallization temperatures and 
the Enskog values for the equivalent hard sphere 
fluids. 

We see that the observed diffusion coefficients 
for the liquids agree quite well, in order of magni- 
tude, with the calculated hard sphere values, being 
smaller only by a factor of three. Now the question 
arises: Is the existing disparity real, or do the 
theoretical relations considerably overestimate D 
at high density? There is some indication that the 
latter may be true from the measurements made by 
Gilmer and myself® of the self-diffusion coefficients 
of the two-dimensional hard sphere model. This 
model® is not quite an ideal hard sphere model, but 
we found that its self-diffusion coefficient is in good 
agreement with the Longuet- Higgins and Pople re- 
lation for two dimensions at low and intermediate 
densities. At high densities the observed relation 
falls below the Longuet-Higgins and Pople relation 
reaching a level a factor of three to four below it at 
densities near that at which the model begins tocrys- 
tallize. 

These results indicate that there may be fairly 
good correspondence between the molecular trans- 
port behavior of simple liquids and that of the equiva- 
lent hard sphere fluid. Such a correspondence would 
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imply that liquid state diffusion is primarily deter- 
mined by the free volume of the system and the kine- 
tic energy of the molecules. Thus it would be, toa 
first approximation, a function of specific volume 
only as is actually observed for simple liquids. 

There is as yet no rigorous theory for self-diffu- 
sion in a very dense fluid, whether it consists of 
hard spheres or actual molecules. There are vari- 
Ous approximate theories based on one or another 
of the simple liquid state models. In constructing the 
theory one of the principal problems is: Which of 
the molecular motions in the free space of the sys- 
tem actually are diffusive ? We might define a dif- 
fusive displacement to be any molecular motion in 
the system whereby a molecule acquires at least 
one new member in its ‘‘coordination’’ cage. By this 
definition virtually all the molecular movements in a 
dilute gas are diffusive. On the other hand, ina 
dense crystal of hard spheres, only a small fraction 
of the molecular motions are diffusive. Also it is 
evident that in a dense fluid many of the molecular 
movements will not fulfill our criterion for diffusion. 

Information about the actual nature of diffusive 
displacements in a liquid can be obtained from 
studies of the scattering of very slow neutrons by 
the liquid. The theory for this was worked out by 
Vineyard™ on the basis of the general scattering 
theory of van Hove.© Neutrons are used which have 
energies so small that the neutron-molecule inter- 
action period is much larger than the mean col- 
lision time of the molecules. Vineyard showed that 
the broadening of the energy distribution of the 
neutrons by the scattering will be much greater 
if the molecules undergo diffusive displacements 
during the interaction period than if they do not. 
There have been several investigations°*™ of the 
scattering of slow neutrons by liquid water. The re- 
sults indicate little or no diffusive broadening for 
neutron-molecule interaction times of the order of 
107° sec. From this it was concluded that in water a 
high proportion of the small displacements are not 
diffusive and that most of the diffusive movements 
may be of the order of a molecular diameter in length. 
However, these resultsare not sufficient for general- 
ization. 

In the theory of liquid state diffusion developed by 
Eyring and coworkers’® it is assumed that the dif- 
fusive motions are only those in which a molecule 
jumps into an adjacent hole of unspecified but con- 
stant size. Thus the probability, P,, of a diffusive 
displacement is the product between the hole ‘‘con- 
centration’’, c,, and the probability that a molecule 


Table I]. Comparison of Measured Self-Diffusion Coefficients 
of Argon and Silver with Values for Equivalent Hard Sphere 
Fluids as Calculated by Enskog Equation 


Self-Diffusion Coefficient 


Substance To: a,,A (cm? Sec™*) 
Hard Sphere (Enskog) Measured 
Argon®* 85 3.87 5.5 x 10° 2.07 x 107° 
Silver” 1232 2.88 7:71 2.5 x 10% 
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jump into the hole. It was supposed that in simple 
liquids the activation energy for this jump is negli- 
gible so that, as in a hard sphere system, the diffu- 
sion is governed primarily by the free volume. The 
concentration of the holes was taken to be propor- 
tional to a Boltzmann factor; 7.e., 


cy exp [—qykT] (19) 


where q, is the energy required to form a hole. This 
relation implies that c, is relatively small. The ap- 
parent energy of activation, q (see Eq. [5]) for mole- 
cular transport in simple liquids is then, in the 
Eyring model, single valued and essentially equal to 
the energy, g,, for hole formation. This prediction 
is in disagreement with experience for, as we have 
seen, (see part I) qg actually increases with decreas- 
ing temperature and reaches values in the glass 
transition region which are several times that for 
the high fluidity region. 

The most questionable assumptions of the Eyring 
model are that the effective holes are uniform in 
size and that their concentration is given simply by 
a Boltzmann factor, Eq. [19]. These assumptions 
can be justified rigorously only by invoking the lat- 
tice model, which, as we have seen, is not a satis- 
factory model of the liquid state. 

Proposals for modifying the free volume theory of 
diffusion to allow for the effect of a nonuniform dis- 
tribution of free volume among the holes have been 
made by F. Bueche, ® Swalin” and Cohen and myself.” 
Swalin assumed that all molecular motions in the 
free space of liquids are diffusive,”* but, in view of 
the above considerations, this assumption would lead 
to a serious overestimate of the diffusion coefficient. 
In the treatments of F. Bueche and of Cohen and my- 
self only motions in which a molecule moves one 
molecular diameter or more are defined as diffusive. 
Such motions clearly satisfy the stated criterion for 
diffusion but certain other motions, such as the trans- 
lation and rotation of molecular clusters, which may 
also satisfy the criterion, are neglected. However, 
the concept that density fluctuations are essential for 
the liquid state diffusive process, which is basic in 
these treatments, is probably correct. 

The theory of Cohen and myself was formulated 
for a system of hard spheres. We supposed that 
diffusion occurs by the movement of molecules into 
adjacent voids, each having a volume greater than 
some critical value, v*, which open up by redistri- 
bution of the free volume. The concentration of the 
super-critical voids is calculated from the condi- 
tion that, in a hard sphere system, the free space 
is randomly distributed. In a dense system the aver- 
age free volume, v;, per cell is small relative to the 
molecular volume, vy, so that a super-critical void 
forms by the association of the free volume from 
several cells. The probability, P(v*), that a cell 
contain a supercritical void was shown to be: 


P(v*) = exp [-vu*/¢] [20a] 


where y is a numerical overlap factor which lies 
between 1/2 and 1. In the hard sphere model mole- 
cules move with the gas kinetic velocity u’ and the 
diffusion coefficient is then: 
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D = gayu' exp [- yu*/v¢] [2 0b] 


where g is a geometric factor usually taken to be 
1/6. You will note that the factor exp [- yu*/v,] in 
Eq. [20] is just the volume analogue of the Boltzmann 
factor in energy and temperature; yv*, the fluctua- 
tion volume, and v;, the average free volume, re- 
spectively, take the place of the fluctuation energy 
and kT in the Boltzmann factor. 

The Cohen- Turnbull equation has the same form 
as the Doolittle equation, which describes fairly well 
the form of the variation of molecular transport rate 
with temperature and pressure. When vy is set equal 
to the total thermal expansion of the liquid above the 
glass transition temperature, the measured slopes of 
the equation for simple molecular liquids correspond 
to reasonable values for yu*; namely, 0.7 to 0.9 of v,. 
Also Gilmer and Turnbull® found that both the mag- 
nitude and density variation of the self-diffusion co- 
efficients in the two-dimensional hard sphere fluid at 
high densities are described satisfactorily by the 
Cohen- Turnbull equation with ya*= 0.84a°; a° is the 
projected area of a sphere on its supporting surface 
and a*is the corresponding area of the critical void. 

Cohen and I also showed that the temperature vari- 
ation of the self-diffusion coefficients of liquid metals 
is in agreement with our equation provided the total 
thermal expansion of the liquid is taken to be propor- 
tional to the free volume. The best fit is obtained 
with values of v* near the ionic rather than the atomic 
volume. This result seems to support the suggestion 
of Eyring and coworkers” that for atomic transport 
in liquid metals it is necessary only that the holes be 
large enough to accommodate the metal ions. 

The decreases in the fluidities and self-diffusion 
coefficients of liquid metals with increasing pres- 
sure are an order of magnitude smaller*”’*” than 
calculated from the Cohen- Turnbull equation with 
the decrease in free volume set equal to the total 
decrease in volume with pressure. However, as 
Cohen and I suggested, most of the volume decrease 
in the compression of a liquid metal may be due to 
the decrease in the atomic (uy) rather than of the free 
volume (vy). The evidence for this is that the com- 
pressibility of liquid metals is only 20 to 30 pct 
larger than that of the corresponding crystal at 0°K. 
Thus the change in the actual free volume of a liquid 
metal upon compression may be small enough to be 
compatible with the observed small changes in the 
atomic transport rates. It seems then that the free 
volume model of diffusion can be applied success- 
fully to liquid metals. However, the important as- 
sumptions on which this application is based, namely, 
that the free volume of a liquid metal is propor- 
tional to its thermal expansion and that the critical 
void volume is near that of the ion rather than of the 
atom, have not yet been justified. 

Liquid-crystal Transition—As we have seen a 
liquid may, depending on its crystallization rate and 
the rate at which it is cooled, solidify either to a 
crystalline or an amorphous body. We have already 
discussed the equilibrium features of the crystalli- 
zation mode of solidification; in this section the 
kinetic features of the process will be reviewed. 

Crystallization of pure liquids, like other first- 
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Table Ill. Characteristic Undercooling Coefficient, A, Corres- 
ponding to Undercooling AT’ =AT,,, at which Homogeneous 
Nucleation Frequency has the Value /, = 106 cm-3 sec-!, 
These Results are Inferred from Observations on the 
Crystallization of Droplets. 


Average De- 
A viation of A 
Liquid Type Range Mean from Mean 
Metallic” 0.13 to 0.32 0.19 0.03 
Alkali Halide” 0.14 to 0.24 0.18 0.025 
Simple Molecular’*’”* 0.12 to 0.32* 0.21 0.04 
Saturated Normal Long 
Chain Hydrocarbon” 0.037 to 0.043 0.041 0.002 


*Excludes white phosphorus” for which A > 0.36. 


order phase changes, occurs by nucleation and 
growth so that its rate is specified by two rate con- 
stants: the crystal growth velocity, u, and the fre- 
quency, J, per unit volume at which the crystals nu- 
cleate. According to nucleation theory the frequency 
of forming spherical crystal nuclei in the interior of 
a clean undercooled liquid (homogeneous nucleation) 
may be expressed as:”’° 


I exp [- 1670°/3 (AG, 
0 


where n is the number of molecules per cm?; D’is 
the rate constant, in cm? sec™’, which governs the 
rate of transport across the crystal-nucleus inter- 
face; 0 is a parameter which in the classical nuclea- 
tion theory is identified with the liquid-crystal sur- 
face tension; and AG, is the free energy of crystal- 
lization per unit volume. For most molecular sub- 
stances it is expected that D’ will be identical with 
the rate constant, D,,, for crystal growth; hence it 
will be (see Eq. [10]) a function of the reduced tem- 
perature having the same form as the fluidity func- 
tion ¢(T). 

Crystallization in bulk liquids generally is nu- 
cleated at the surfaces of impurities inadvertently 
present in the liquid. Perhaps the simplest way to 
circumvent these impurity effects is to use the drop- 
let technique as developed by Vonnegut” and myself.” 
This technique now has been applied to the study of 
the nucleation behavior of a considerable number 
and variety of liquids.’*~”* It is probable that in 
many of these studies nucleation was homogeneous 
but results suitable for testing the simple nuclea- 
tion theory, Eq. [22], have been obtained only in 
investigations of mercury” and of the normal C,, and 
C,, saturated hydrocarbons. * These results are in 
good agreement with the theory in that: a) for a given 
substance and undercooling the nucleation rates in 
droplets having a wide range of diameters are satis- 
factorily described by a single frequency, J; b) the 
variation of J with undercooling is of the form pre- 
dicted by Eq. [22] and c) there is good agreement be- 
tween the measured and theoretical (nD’/a¢ ) preex- 
ponential factors, where D’ is set equal to the self- 
diffusion coefficient in the liquid; this agreement is 
very close for the pure hydrocarbons and fair for 
mercury. 


[22] 
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Let us now define a characteristic undercooling, 
AT’ = AT,,,, at which the homogeneous nucleation fre- 
quency has some specified measurable value, /,. This 
undercooling can, of course, be calculated precisely 
from measurements of the kind that have been car- 
ried out on the hydrocarbons and mercury. It can al- 
so be estimated with fair accuracy from observa- 
tions on the undercooling at which crystallization 
begins in clean droplets, because of the very great 
dependence of nucleation frequency upon the under- 
cooling. To be readily measurable the nucleation 
frequency should be in the range 1 to 10’ cm™ sec’, 
and we select for J,.a value 10° falling within this 
range. In substances having a very strong glass 
forming tendency the nucleation frequency never 
reaches the specified J,,, and the corresponding 
characteristic undercooling coefficient, , does not 
exist. For substances with weak glass forming 
tendencies the values of A inferred from droplet ob- 
servations range from 0.04 to 0.35. The range and 
mean of the observed A values for several types of 
liquids are summarized in Table III. 
Values of the parameter 0 may be calculated from 
the variation of nucleation frequency with undercool- 
ing. When this information is not available but A is 
known approximately from observations on droplets 
0 still can be calculated by assuming that Eq. [22] 
is valid. The values of 9 found so far range, in 
units of the corresponding heat of fusion, between 
0.3 and 0.6. 
Since the short-range order in the simplest liquids 
is similar superficially to that in close-packed crys- 
tals it was thought that A should be very small for 
liquids which crystallize to close-packed structures. | 
Actually (see Table III) \ for most such liquids, in- | 
cluding many metals, is quite large, being of the | 
order of 0.2. It seems that these results rule out the | 
crystallite model of liquids, according to which crys- : 
tallization would be a simple grain growth process 
proceeding rapidly with little undercooling. Frank™ | 
explained the results on the basis of his concept 
(see part II) that the coordination in simple liquids is 
predominantly of the icosahedral type. Then nuclea- 
tion of a close-packed crystal would require a fairly 
large atomic rearrangement within the coordination 
polyhedra and consequently a relatively large under- 
cooling. 
Now consider the mechanism of the reverse of 
crystallization; 7.e., crystal melting. When this tran- 
sition is first order, as it is at the thermodynamic 
crystallization temperature, it should also occur 
by nucleation and growth at rates described by ex- 
actly the same parameters, 0 and D,, as describe 
the rate of crystallization. However, in contrast 
with crystallization, melting almost always begins 
at the free surface of the specimen when the driving 
free energy, and hence the superheating, is very 
small. Apparently this occurs because the contact 
angle between the melt and crystal in some orienta- 
tions is zero; hence, no surface work is required to 
coat the crystal with a thin liquid film at any tem- 
perature above the thermodynamic crystallization 
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temperature. Melting then occurs simply by the 
movement of this film inward at a velocity which 
should be given by Eq. [9]. For most substances 
this velocity is so large that the rate of melting 
comes to be limited by the rate at which the heat of 
fusion can be supplied. Under these conditions and 
if all the heat is supplied from an external source 
the crystal cannot superheat appreciably. 

There exists a widespread impression that melt- 
ing, because it usually begins at very small super- 
heating, must be a nearly continuous transition. In 
view of the considerations given above and the ob- 
served heterogeneous nature of the melting process 
this impression is certainly not justified. Actually 
we would expect that the interior regions of perfect 
crystals should withstand quite large degrees of 
superheating; ¢.g., 0.1 to 0.15 T,,,, before the melt- 
ing rate becomes appreciable. One way to check this 
prediction is to observe the melting behavior when 
the interior of the crystal is made hotter than its 
surface. By this means it has been shown that sound 
crystals of tin™ can withstand at least 1 to 2°C of 
superheat. 

Perhaps a more convenient method of testing the 
theory is to investigate the melting of crystals which 
form very viscous melts. In this event the crystal 
boundary motion should be so slow (see Eq. [10]) 
that it will not be limited by heat flow; hence, the 
crystal, even with a molten layer on its surface, may 
be superheated a large amount by an external heat 
source. Crystals of the feldspar, albite, melt toa 
liquid having a fluidity of about 107° poise’. At this 
fluidity a homogeneous melting process should be 
essentially completed in a period of less than one 
second. Actually it has been established that the 
melting of albite®** and quartz®*”’ crystals is still 
heterogeneous and quite slow at superheatings of 
more than 100°C. Also Stranski and his coworkers 
have shown, from their very interesting observa- 
tions on melting in the AsO, system, that crystals 
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Fig. 9—Fluidity (¢)—temperature relation® for liquid 
water through the thermodynamic crystallization tem- 
perature. 
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in which the state of molecular binding is very dif- 
ferent from that in the liquid also can withstand 
large superheating. From these observations it is 
clear that under certain circumstances crystals do 
withstand relatively large superheating; further, 
in all cases documented so far crystal melting has 
been a heterogeneous process, 

Phenomena known as ‘‘pre-melting’”’ or ‘‘pre- 
crystallization’? have been reported in many papers. 
These phenomena are abnormally rapid property 
changes (fluidity, heat capacity, thermal expansion, 
and so forth) with temperature at temperatures near 
T,, which supposedly signal the impending phase 
change. It is very difficult to explain such occur- 
rences in pure substances without invoking the con- 
cept, which seems untenable for the reasons already 
given, that the liquid-solid transition is continuous at 
temperatures not far removed from 7),. Actually it 
has been shown that these phenomena, at least in 
many cases, reflect extrinsic rather than intrinsic 
characteristics of the system. For example, the 
thermal history phenomenon in crystallization was 
Once counted as an intrinsic precrystallization phe- 
nomenon but the droplet experiments”* showed that it 
originates from the action of impurity particles.** 
Also there have been several careful investigations 
of equilibrium and transport properties (see, for ex- 
ample, viscosity of water,®° Fig. 9) of extremely pure 
substances near their T,,, in which no evidence of 
premelting or precrystallization was found. Hoffman 
and Decker®® showed that the premelting which had 
been reported for hydrocarbon crystals is not ob- 
served in crystals of very high purity. Nevertheless 
there are still many reports of premelting and pre- 
crystallization which are, as yet, unchallenged. 

The Liquid-Glass Transition—We consider now the 
continuous mode of solidification which is the glass 
transition. That this transition should always occur 
upon cooling, if the liquid is constrained from crys- 
tallizing, follows from the model of Cohen and my- 
self.”* In our model the glass state is that in which 
the excess volume, Av, is very small, Av < Av,, and 
therefore distributed fairly uniformly. The excess 
volume then corresponds to a potential which is well 
inside the nonlinear region (see Fig. 8) of the cage 
potential curve. The glass should expand with tem- 
perature at about the same rate as the corresponding 
crystal until an excess volume is reached, Av ~ Av,, 
at which the curvature of the cage potential relation 
has nearly disappeared. Then upon further tempera- 
ture increase the added volume tends to be more 
randomly distributed so that the entropy of randomi- 
zation begins to appear. This leads to the observed 
enhancement of the expansion of the amorphous 
phase with temperature (see Fig. 5) which is one 
manifestation of the transition from glass to liquid. 
The sharp increase in the self-diffusion coefficient 
and fluidity during this transition results from the 
appearance of free volume in the system, as may be 
seen from Eq. [20b] 

The problem of what determines the glass forming 
tendency was also treated by Cohen and myself”’* and 
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I shall only summarize our considerations here. You 
will recall that among substances of a given class the 
reduced glass transition temperature, Tg, is roughly 
constant but the reduced thermodynamic crystalliza- 
tion temperature, T,,, varies widely. Therefore the 
less is 7,, the less is the undercooling required to 
reach the glass transition. It follows from this, and 
the dependence of the crystallization kinetic constants 
on the undercooling and on 7, that the glass forming 
tendency will be greater the less is 7,,. 

Some of the effects of molecular constitution on 
glass forming tendency can be discussed most con- 
veniently in terms of the thermodynamic relation. 


RAU,, 
where AU,,and AS,, are, respectively, the energy 

and entropy of crystallization. In these terms the 
glass forming tendency at constant cohesion increases 
with the ratio AS,,/AU,,. This criterion encompasses 
the Zachariasen®’ crystal-chemical criterion for 
glass forming tendency according to which the glass 
forming tendency, in substances with relatively open 
structures, is much greater if the coordination poly- 
hedra make point-to-point contact than if they make 
edge-to-edge or face-to-face contact. In systems in 
which there is point-to-point contact the long-range 
order can be destroyed by small random displace- 
ments of the polyhedral contact angles from the crys- 
tal values. These displacements require very little 
energy; hence a large amount of entropy is gained 
from the disordering with the expenditure of only a 
small amount of energy which is just our require- 
ment for the existence of a strong glass forming 
tendency. However, where there is edge-to-edge or 
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in Singly 


When commercial silicon iron sheets of varying magnetic 
quality are isothermally annealed at high temperatures, ex- 
tremely large grains develop in the material having good mag- 
netic properties. These grains are of the (110) [001] orienta- 
tion and are formed by secondary recrystallization. The pri- 
mary driving force for this secondary recrystallization is 
grain boundary free energy. For the secondary grains, activa- 
tion energies of 103 kcal per mole for nucleation, and of 75.5 
kcal per mole for growth, were obtained. The activation 


energy for nucleation of the secondary grains is consistent 
with a model involving redistribution of a precipitate acting as 


the primary grain growth inhibitor. 


SINGLY oriented silicon iron sheet was first pro- 
duced in 1935.’ The material as commercially pro- 
duced today has a very highly developed preferred 
orientation or texture; up to 95 pct of the grains are 
crystallographically oriented with their (110) planes 
in the plane of the sheet and their [100] directions 
parallel to the rolling direction. This texture, usu- 
ally written as (110) [001], is referred to as the 
‘‘Goss’’ or the ‘‘cube-on-edge’’ texture. Because 
the magnetic properties of this material are super- 
ior to those of the nonoriented sheets in the direction 
of rolling, the oriented silicon iron has acquired 
tremendous industrial importance especially in the 
manufacture of transformer cores and other elec- 
trical equipment. 

The commercially produced material is essen- 
tially an iron-silicon alloy containing about 3 1/4 pct 
Si with minor impurities totaling less than 0.15 pct. 
The silicon steel heat is melted in the open hearth 
or electric furnace. The ingots are hot rolled, with 
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or without being slabbed, to strips of 0.100 to 0.080 
in. thickness. 

They are then cold reduced to an intermediate 
thickness, recrystallized, cold reduced to final 
thickness, decarburized, and finally annealed at a 
high temperature. During this high-temperature an- 
neal, extremely large grains with the cube-on-edge 
texture are produced in the sheet. 

Several papers have appeared in the literature’ 
relating to the production of the Goss-textured ma- 
terial. Most of these describe the textures produced 
on cold rolling and on subsequent annealing of single 
crystal or polycrystalline silicon iron. May and 
Turnbull’’»”* have recently shown the necessity of a 
second-phase dispersed impurity in the material for 
the production of the Goss texture. However, none of 
these papers describes in detail the nucleation and 
growth kinetics of the (110) [001] grains during the 
final high-temperature anneal.* The present work, 


10 


*A very recent paper by P. N. Richards’* that appeared since the com- 
pletion of this work confirms some of the findings described in this paper. 


therefore, is an attempt to understand the nucleation 
and growth kinetics of the cube-on-edge grains in the 
silicon iron sheet during the final high-temperature 
anneal. 
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MATERIALS 


The materials used in this investigation were 
commercially produced, semiprocessed, or de- 
carburize-annealed silicon iron sheets of 0.014 in. 
thickness containing Si, 3.0 to 3.2 pct; Mn, 0.05 to 
0.06 pct; and S, 0.015 to 0.017 pct. Epstein speci- 
mens (3 by 30 cm) were taken from four commer- 
cial coils, each of which had resulted in finished 
products of different magnetic quality. The four 
coils were commercially classified as Grades 66, 
73, 80, and 90 (AISI Grades M-6 through M-9, res- 
pectively). The maximum core losses of these 
grades of oriented silicon iron are shown in Table I. 


EXPERIMENTAL PROCEDURE AND RESULTS 


The Epstein strip specimens were cut into 4-in. 
lengths. They were then isothermally annealed in a 
tube furnace at 1650°, 1700°, 1750°, and 1800°F for 
varying times in a hydrogen atmosphere. 

Macroscopic Examination—The annealed speci- 
mens were deep etched in a 30 pct HCl-1 pct HF 
solution and visually examined. The following was 
observed: 

1) After an incubation period, new or secondary 
grains were observed to nucleate* and grow in Coil 

*Here ‘‘nucleation’’ is used in the sense described by Cohen** and 
refers to the initial appearance of a growing secondary grain which is 
just visible to the naked eye. 

A (Grade 66) at all temperatures. These grains grew 
in a nearly circular fashion to large sizes with in- 
creasing isothermal holding. This two-dimensional 
grain growth was stopped when the new grains im- 
pinged on each other. Only a few grains, the number 
of which increased with increased isothermal hold- 
ing, nucleated in this grade. With increasing anneal- 
ing temperature, the incubation times decreased and 
the number of secondary grains increased with cor- 
responding decrease in the final grain size; also, 
secondary recrystallization was complete in de- 
creasing times. No secondary recrystallization was 
observed in 50 min at 1650°F and in 3 min at 
1800°F; however, secondary recrystallization was 
complete in about 4 hr at 1650°F and in 15 min at 
1800°F. 

2) In Coil B (Grade 73), a large number of new 
grains were seen to be nucleated and growing. The 
number of these grains increased with increasing 
isothermal holding. With increasing temperature, 
the number of new grains increased rapidly with 
corresponding decreases in the resultant grain size. 
The unique circular growth of the secondary grains 


Table |. Grading of Oriented Silicon Iron 


Maximum Core-Loss in 


Coil Grading Watts per Ib at 15 Kilo- 
No. AISI Commercial gausses and 6C Cycles 
A M-6 Grade 66 0.60 to 0.66 
B M-7 Grade 73 0.67 to 0.73 
3 M-8 Grade 80 0.74 to 0.80 
D M-9 Grade 90 0.81 to 0.90 
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(Grade 66) 


(Grade 73) 


(Grade 80) 


(Grade 90) 


Coil A 


Coil Cc 


Coil D 


2 
Time In Minutes Of Isothermal Annealing 


Fig. 1—Macroscopic examination of secondary recrystalliz- 
ation in different grades of silicon iron as a function of 
annealing time at 1750°F. X1/2. Reduced approximately 48 
pet for reproduction. 

observed on Coil A was not observed on this coil. 
The incubation period at any temperature, which also 
decreased with increasing temperature, was much 


Coil A 
(Grade 66) 


collB 
(Grade 73) | 


coilc 
(Grade 80) 


Coil D 
(Grade 90) 


Time In Minutes Of Isothermal Annealing 


Fig. 2—Grain growth characteristics in different grades of 
silicon iron as a function of annealing time at 1750°F. X35. 
Reduced approximately 41 pct for reproduction. 
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Fig. 3—Transverse section of a partially recrystallized 
specimen showing a large, secondary grain growing across 
the specimen thickness. X150. Reduced approximately 43 
pet for reproduction. 


shorter in this coil than in Coil A. For example, at 
1750°F secondary grains were observed after 10 min 
for Coil A, but only after 4 min for Coil B. 

3) At all temperatures, very little secondary grain 
growth, if any, was observed on Coil C (Grade 80), 
and no secondary grain growth at all was observed 
on Coil D (Grade 90); in fact, Coil D specimens ap- 
peared to undergo continuous grain growth at all 
temperatures. 

Fig. 1 shows the grain growth characteristics of 
these coils at 1750°F, as observed macroscopically. 
Microscopic Examination—For the microscopic 
examination, the specimens were sectioned, mounted, 
and etched in 2 pct nital. What was observed macro- 
scopically was confirmed microscopically. The na- 
ture of grain growth in any one coil was essentially 
the same at all temperatures, except for differences 
already mentioned. Fig. 2 shows a section of the 
specimens presented in Fig. 1 (these specimens 
were annealed at 1750°F). The microscopic ex- 

amination revealed the following: 

1) In Coil A (Grade 66), there is essentially no 
primary grain growth. After an incubation period, 
which increases with decreasing temperature, sec- 
ondary grains grow. These grains grow across the 
specimen thickness to very large sizes as seen in 
the last specimen (20 min) of the first row. This 
specimen shows only part of a large secondary 
grain. 

2) In Grade 73 specimens, although some primary 
grain growth occurs, grain growth proceeds mostly 
by secondary grain growth; however, the final grain 
size is much smaller than that in Grade 66. Quite a 
few secondary grains, all of which may not be of the 


Fig. 4—Transverse section of a partially recrystallized 
specimen showing part of a secondary grain growing in the 
plane of the sheet. X200. Reduced approximately 43 pct for 
reproduction. 
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Fig. 5—Transverse section of the edge of a partially re- 
crystallized specimen. A large secondary grain growing 
from within toward the edge. X200. Reduced approximately 
31 pet for reproduction. 

cube-on-edge orientation, are growing and the re- 
sultant grain size is small. 

3) From Grades 73 through 90, there is decreas- 
ing secondary grain growth and increasing primary 
grain growth, little secondary grain formation being 
observed in the last set. 

Nucleation Sites of the Cube-on-Edge Grains—To 
study the nucleation sites of the secondary grains, 
several sections of the specimens from Coil A 
(Grade 66) that had undergone partial secondary re- 
crystallization were metallographically examined. 
Figs. 3 through 7 show the transverse sections 
(0.014 in. thick) of these specimens. 

Fig. 3 shows a secondary grain growing across 
the thickness of the specimen. In this specimen, 
primary grains along the specimen surface, as well 
as a circular grain almost in the center of the sec- 
ondary grain, remain unabsorbed by the growing 
large grain. In Fig. 4, part of a secondary grain is 
shown at some later stage of its growth. It is to be 
noted in this figure also that some primary grains 


Fig. 6—Transverse section of partially recrystallized 
specimens. Top: A secondary grain grown completely 
across the specimen thickness and growing in the plane of 
the sheet. Bottom: A secondary grain at its initial growth 
stage situated near the top specimen surface. X200. Re- 
duced approximately 31 pct for reproduction. 
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Fig. 7— Transverse section of a partially recrystallized 
specimen. A secondary grain at its initial growth stage. 


X500. Reduced approximately 31 pct for reproduction. 


along the specimen surface are yet to be absorbed 
by the secondary grain. Fig. 5 shows a secondary 
grain which has grown completely across the speci- 
men thickness and is growing toward the edge of the 
specimen. In the top part of Fig. 6, part of a sec- 
ondary grain that has grown completely across the 
specimen thickness is shown. In the bottom part 
which shows the full specimen thickness, a secon- 
dary grain nucleated near the top surface of the 
specimen is shown at an initial stage of growth. A 
secondary grain at its initial growth is shown ata 


higher magnification in Fig. 7. 


DISCUSSION 


Grain Growth Characteristics of Various Silicon 
Iron Grains—It is well known that during the final 
high-temperature anneal described previously, ex- 
tremely large grains are developed in the silicon 
iron sheet through a process of secondary recrys- 
tallization. Secondary recrystallization or discon- 
tinuous grain growth, as distinct from primary re- 
crystallization and grain growth, has been described 
by several authors.’»”»'»*> Primary or continued 
grain growth does not result in extremely large 
grains; the maximum grain size attained by this 
mechanism has been shown to be dependent on the 
strip thickness and that by secondary grain growth 
to be independent of strip thickness.*® Secondary 
grains of sizes many times the thickness of the sheet 
are of the cube-on-edge orientation in the present 
case. 

In magnetically good material as in Coil A (Grade 
66), the grain growth occurs entirely by the process 
of secondary recrystallization. As the extent of pri- 
mary grain growth increases, the magnetic quality of 
the material decreases. In Grade 90, the magnet- 
ically poorest material in this work, the grain 
growth is essentially all primary. For secondary 
grain growth to occur, primary grain growth should 
be prevented. 
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Fig. 8—Relationship of temperature and time for start 
(1 pet) of secondary recrystallization. 


In the magnetically good, Grade 66, material, there 
is essentially no primary grain growth. After an in- 
cubation period, which depends on the annealing 
temperature, the secondary grains grow by a proc- 
ess that can be described by nucleation and growth 
kinetics. With decreasing magnetic quality the in- 
cubation period at a given temperature also de- 
creases. With increasing annealing temperature, 
both the rates of nucleation and of growth increase; 
however, the rate of nucleation increases faster than 
that of growth with the result that higher annealing 
temperatures give rise to smaller grains. This 
phenomenon has been observed by others."???” 

In the early stages of secondary recrystallization, 
nearly circular or spherical grains are often left 
unabsorbed within the secondary grains. Attempts 
to determine the orientations of these left-behind 
grains were not successful in this laboratory be- 
cause the X-ray beam used was not fine enough. In 
the near future, we should have the necessary equip- 
ment to obtain fine X-ray beams. 

Nucleation and Growth of Cube-on-Edge-Grains— 
As observed earlier, extremely large secondary 
grains of the (110) [001] orientation are developed in 
the Grade 66 material. Some of these large grains 
were examined by the X-ray back-reflection method, 
and they checked to be within 4 to 5 deg of the (110) 
[001] orientation. 

Activation Energy for Nucleation and for Growth— 
From the macroscopic examination of the Grade 66 
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Fig. 9—Effect of temperature on secondary grain growth. 


specimens, the times for the start of secondary re- 
crystallization (1 pct of the surface area of the 
specimens) at the several temperatures were noted. 
In Fig. 8, the logarithm of the reciprocal of this 

time is plotted against the reciprocal of the absolute 
temperature. A straight-line relationship is obtained 
from which an activation energy for nucleation of 

103 kcal per mole is obtained. 

On each Grade 66 specimen where the secondary 
grains have not impinged on each other, the average 
diameter of the largest grain was measured. If we 
assume that the largest grain in any sample had 
started its secondary growth at the first instant of 
reaction, the rates of radial growth G of the second- 
ary grains at the different temperatures can be ob- 
tained by plotting the values of the diameter against 
annealing time. These rates are shown in Fig. 9 for 
the different annealing temperatures. Essentially 
straight-line relationships are indicated. Taking the 
measured slopes of these straight lines as the rates 
of growth and plotting the logarithm of these rates 
against the reciprocal of the absolute temperature 
(shown in Fig. 10) gives an activation energy of 75.5 
kcal per mole for the growth of the secondary grains 
in the material. It may be mentioned here that 
Stanley’® obtained a value of 73 kcal per mole for the 
growth of recrystallized grains in cold-worked 1 pct 
SiFe, and Assmus” got a value of 70 kcal per mole 
for secondary growth into cube texture in 3 pct SiFe. 

If, from Fig. 9, the extrapolated time intercepts at 
zero grain growth, i.e., the incubation times, for the 
different temperatures are noted, and the logarithm 
of their reciprocals are plotted against the recipro- 
cal of the absolute temperature, the resulting 
straight line is parallel to that shown in Fig. 8. This 
result corroborates the activation energy for the 
start of secondary recrystallization found by the 
surface area technique discussed previously. There- 
fore, the high activation energy for the start of sec- 
ondary recrystallization must be independent of the 
activation energy for the growth of secondary grains. 

According to Dunn,” the nuclei for secondary 
grains are primary grains with the (110) [001] ori- 
entation and which are larger than the average ma- 
trix grain. For secondary grain growth to occur, 
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Fig. 10—Relationship of temperature and rate of secondary 
grain growth. 


primary grain growth should be prevented, and this 
primary grain growth inhibition is accomplished by 
the grain boundary pinning agent, a dispersed 
second-phase impurity thought to be manganese 
sulfide in commercial silicon iron. 

Recent work in this laboratory” has shown that 
the activation energy for sulfur removal from com- 
mercial silicon iron sheets (containing manganese) 
is quite high; a value of 98 kcal per mole was ob- 
tained. This high activation energy for desulfuriza- 
tion may be explained as being partly due to the tem- 
perature dependence of the diffusion coefficient of 
sulfur in silicon iron, and partly due to the tempera- 
ture dependence of the MnS solubility, a factor which 
sets the boundary condition for the diffusion process. 

For the primary grain (nucleus) boundary to 
move, the grain boundary pins, namely MnS parti- 
cles, should either be completely dissolved or dis- 
solve and reprecipitate on larger particles under a 
capillary driving force. In either case, the density 
of pins in the grain boundary will be reduced. Be- 
cause secondary recrystallization can occur without 
any appreciable desulfurization (as was observed by 
chemical analysis) and because at the isothermal 
recrystallization temperatures used in this work the 
solubility limits of sulfur are much less than the 
actual sulfur content of the silicon iron,” it would 
appear that agglomeration of the sulfide particles is 
the reaction that primarily controls secondary re- 
crystallization. The time required for a small par- 
ticle to dissolve and be deposited on a bigger parti- 
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cle, for agglomeration, can be shown to depend on 
the heat of solution, diffusion coefficient, radius of 
the small particle (assuming spherical particles) 

and temperature.* The high activation energy, for 


*The actual process of agglomeration will be quite complex, and 
would involve a knowledge of the statistical distribution of particles of 
all sizes as a function of time. However, the process can be approxi- 
mated as follows to estimate the temperature dependence of the process: 

Assume spherical sulfide particles and that a small particle of radius 
r, is separated by a distance R from spherically symmetric sink, en- 
visioned to be made up of particles of larger radius r,. 

By the Gibbs-Thompson equation 
n’ = solubility of sulfur in equilibrium with the small spherical particle 

= ne exp(yQ/r,kT) {1] 
where 

Ne = equilibrium solubility 

y = surface energy 


Q) = atomic volume 
T = absolute temperature 


n” = solubility of sulfur in equilibrium with the large spherical particle 


= neexp(y0/r,kT) [2] 
The rate of dissolution of the small particle 
dr,/dt = -QD(0C/dr),.,, where C = concentration [3] 


(0C/dr),, = AC/(1/r, 1/R)ri = AC/r, where R >r,” 
If 7 is the time required for complete dissolution of the small particle 


fae = frydr,(1/DOAn) [4] 
Lat 
Where Ay is the change in solubility 
= neexp(yQ/r,kT) exp(yQ/r,kT) 
= Nel exp(yQ/r,kT) - 13 
=1/DOne f 13 [5] 


where D = diffusion coefficient of sulfur 
= D, exp(—Qaittusion/kT) and 
Ne =A exp(—H/kT) where Hf = heat of solution of MnS 


Although the solution of Eq. [5] is complex, the analysis above shows 
that 


Taf(r,,T) Qaiftusion) ] [6] 
where gle is the temperature dependent term arising from the integral 
in Eq. [5]. 


Evidently the activation energy for the process described in Eq. [6] 
would include both the activation energy for sulfur diffusion and the heat 
of solution of MnS. This may partly explain the high value obtained for 
the start of secondary recrystallization. 


starting secondary recrystallization may therefore 
be accounted for by the necessity of the MnS parti- 
cles to go into solution prior to the start of second- 
ary grain growth. 

Nucleation Sites of Secondary Grains— The nucleus 
of a secondary grain is probably a large primary 
grain of the (110) [001] orientation. As shown in 
Fig. 6 and as observed in all the samples studied, 
this nucleus is most frequently situated about two to 
three primary grains inside the specimen surface. 
Occasionally, secondary grains were seen on the 
specimen surface, but it is not certain whether they 
grew on the surface or from the interior on to the 
surface. In none of the specimens studied did the 
secondary grains appear to be nucleating at the cen- 
ter of the specimen cross section. The exact nature 
of the nucleus cannot be discerned since the nucleus 
could be observed only after it has started to grow 
into a secondary grain. It is distinguished from the 
matrix grains by its size, its unique dark etching 
characteristic (in transverse cross sections), and by 
the curvature of its boundaries with the surrounding 
primary grains. 
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The secondary grains always had a dark etching 
appearance when microscopically examined on a 
transverse cross section of the specimen. The same 
grains appeared light when examined on a surface 
parallel to the sheet surface. The {100} planes etch 
darker than others. This was confirmed by micro- 
scopic examination of grains for which X-ray back- 
reflection pictures were taken. 

If the dark etching characteristic of a grain in 
transverse section is characteristic of its cube-on- 
edge orientation, then it will be observed in all the 
microstructures that many such primary grains 
exist. According to Dunn, secondary nuclei are pri- 
mary grains with the cube-on-edge orientation. 
However, all of the dark etching grains (presumed to 
be cube-on-edge) do not grow into secondaries. This 
certainly shows a selectivity of nucleation, probably 
because of the grain size’ or of the orientation re- 
lationship between the grains and the surrounding 
matrix grains.’® 

Figs. 3 through 8 show that once nucleated the 
secondary grains grow radially consuming the sur- 
rounding matrix grains. The secondary-primary in- 
terfaces or grain boundaries migrate toward their 
centers of curvature. Secondary nuclei are situated 
two to three grains inside the free specimen surface 
and in fact Figs. 3, 4, and 5 seem to indicate that the 
free surfaces of the specimen are a hindrance to 
secondary grain growth. These facts suggest that 
grain boundary energy, and not surface free energy, 
is the driving force for secondary recrystallization. 


SUMMARY 


1) In magnetically good silicon iron sheets, ex- 
tremely large grains of the (110) [001] orientation 
are formed exclusively by secondary recrystalliza- 
tion during the final high-temperature anneal. Sec- 
ondary grain growth is quite distinct from primary 
grain growth. For secondary grain growth to occur, 
primary grain growth must be suppressed. With in- 
creasing primary grain growth and correspondingly 
decreasing extent of secondary grain growth, the 
magnetic quality of the material decreases. 

2) Nuclei for secondary grains, which are pri- 
mary grains themselves of the cube-on-edge orien- 
tation, and which are probably larger than the aver- 
age matrix grains, are situated two to three primary 
grains inside the free specimen surface. These nuc- 
lei grow radially consuming the surrounding matrix 
grains. Once the new grains have grown across the 
sheet thickness, this three-dimensional growth is 
followed by two-dimensional growth in the plane of 
the sheet. At this stage the secondary grains be- 
come macroscopically visible on the sheet surface 
after deep etching. 

3) The primary driving force for secondary re- 
crystallization is grain-boundary free energy and not 
surface free energy. Activation energies of 103 kcal 
per mole for nucleation of secondary grains and of 
75.5 kcal per mole for secondary grain growth, were 
obtained. 
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These results are consistent with the model of 
May and Turnbull, indicating that MnS particles are 
necessary to prevent primary grain growth and 
hence to permit secondary grain growth to occur. 
The activation energy for nucleation of secondary 
grains is consistent with a model involving redis- 
tribution of MnS pins by an agglomeration mecha- 
nism. 
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The Zirconium-Platinum Alloy System 


Investigations of the Zr-Pt system, by metallography, in- 
cipient melting, and X-ray diffraction, determined the phase 
relationships from 0 to 50 at. pct Pt. Phase fields in the Pt- 
rich region were outlined, and three intermetallics (ZrPt, 


ZrePt, and ZrPt,) were located, A eutectic between B Zr and 
Zyr,Pt, and a eutectoid reaction between B Zr anda Zr + Zr,Pt, 
were established. The maximum solubility of Pt in B Zr was 
approximately 13.5 wt pct, as opposed to less than 1 wt pet 


solubility in a Zr. 


Earuier work on the Zr-Pt system was limited 
to an X-ray study on the intermetallic compound, 
ZrPts, by H. J. Wallbaum.’ It was reported that 

Zr Pt; existed at 86.52 wt pct Pt, and had a hexago- 
nal structure, isomorphous with TiNi3. Wallbaum’s 
data revealed the following structural particulars: 
a = 5.633A, c = 9.21A, and c/a = 1.635A. Other 
studies allied to Zr-Pt alloys concerned only 1) Pt- 
rich alloys (0.05 to 5.0 pct Zr) for corrosion resist- 
ance,” 2)a Zr-base alloy with 5 pct Pt and 0.124 
pet C for oxidation resistance,°* and 3) electroclad- 
ding of Zr with Pt for in-pile corrosion resistance 
of Zr to uranyl sulphate.* 
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Metallographic, incipient melting, and X-ray dif- 
fraction techniques were applied to accurately re- 
solve the phase relationships in the 0 to 50 at. pct 
(68.2 wt pct) Pt region, and to outline the phase 
fields in the Pt-rich area. Three intermediate 
phases: Zr2Pt, ZrPt, and ZrPt3, were also estab- 
lished by the same methods. 


PROCEDURE 


Melting stock for this program was of the highest 
purity obtainable. The Zr was iodide crystal bar 
with a low hafnium content of about 0.05 wt pct 
(Westinghouse ‘‘Grade 3’’). The as-received Zr 
was treated to remove the surface film of corrosion 
product that resulted from a standard autoclave 
grade designation test. Next, the bars were pro- 
cessed to yield material suitable for arc melting and 
free of contaminants. 

Sheet platinum metal (Baker and Co. ‘‘Grade 2’’) 
was used for alloying additions. This material con- 
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Table |. Annealing Treatment Schedule for Zr-Pt Alloys 


Annealing Annealing 


Tempera- Time, Alloys, 
ture, °C Hr Wt Pct Pt 
1400 1 10, ms 51.7, 55, 65, 68.2, 70, 86.5, 94, 96, 98, 
1300 5 10, 20, 25, 55, 94, 96, 98, 99 
1250 7 2; 25 
1215 7.5 40, 50 
1200 8 10, 15, 25, 55, 94, 96, 98, 99 
1170 11 25, 40, 50 
1150 14 15 
1100 20 1, 2, 3, 4, 5, 10, 15, 98, 99 
1050 30 10, 15 
1000 40 i, 2;.3, 4, 5, 40;.15, 20; 
98, 99 
950 45 0, 1, 2, 3;-4;.S, 6, 7, 10; 15,20, 25;-40,50, 
51.7, 55, 68.2, 98, 99 
900 50 0 
875 85 
850 120 0, 1,.2,:3,.4; 5; 10 
825 134 0; 1, 2; 3,4; 5,40 
800 148 0, 25 
775 184 0, 1, 2, 3, 4, 5, 10 


tained a minimum of 99.9 pct Pt, with the main 
impurities being traces of other platinum metals, 
predominantly iridium and rhodium. The Pt was 
then treated in a manner similar to that for the Zr, 
to prepare it for arc melting. 

A nonconsumable electrode vacuum arc furnace, 
similar to that used by Kroll,* was employed in this 
investigation. Charges of 20 to 30 g were melted, in 
30 to 60 sec, without any evidence of tungsten con- 
tamination. For maximum uniformity, ingot but- 
tons were reversed in position and melted at least 
four or five times. Due to the high cost of material 
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Fig. 1—Partial phase diagram for Zr-Pt system. 
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Fig. 2—Phase diagram for Zr-Pt system. 


and time, chemical analysis of the cast ingots was 
not made. Instead, the phase diagram was plotted, 
on an assumption that, if no significant weight 
change was observed in the ingot after each melt, 
then the calculated composition served as the actual 
analysis. Exact weighings, to the nearest 0.1 mg, 
and weight losses, on the order of only 20 mg for 
20- to 30-g ingots after four or five melts, yielded 
alloys acceptable for construction of the diagram. 

Alloys were cold-rolled, homogenized, and cold- 
rolled again to maximum reduction before isother- 
mal annealing, in order to accelerate the attain- 
ment of equilibrium. Ingots of 0 to 7 pct Pt were 
especially amenable to cold working, but alloys 
from 10 to 96 pct Pt were quite brittle. Homogeni- 
zation, to allow diffusion and a breakdown of the 
as-cast structure, was done in vacuum at approxi- 
mately 900°C for periods of 33 to 70 hr. For pro- 
tection against contamination, the as-cast ingots 
were wrapped in 4-mil thick tantalum sheet and 
packed in titanium lathe turnings. 


Fig. 3—A 3 wt pct Pt alloy, quenched from 827.5°C, showing 
a@ Zr plus transformed # Zr (Etchant no. 1). X250. Reduced 
approximately 29 pct for reproduction. 
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Table Ii. Etchant Compositions 


Composition, cc 


Etchant “HF, HNO,, Ethylene 
Number  4gpct 76 Pet 
1 5 3 92 
2 5 92 3g 
3 5 3 42 50 
4 25 25 50 
5 25 50 25 


Transparent fused quartz bulbs served as pro- 
tective containments for the tantalum-wrapped 
samples during isothermal annealing treatments. 
For anneals at 1000°C or less, the bulb was left 
under vacuum, but for anneals in the range from 
1000° to 1495°C, a partial pressure of argon (to 
produce 1 atm at the temperature of treatment) 
was admitted to the quartz before sealing. A spe- 
cially designed high temperature vacuum furnace, ° 
capable of attaining 2120°C, was used to study the 
melting range in alloys of greater than 50 pct Pt. 


RESULTS 


Table I shows the annealing schedule that was 
used to establish the phase relationships for this 
system. The tabulation includes most of the heat 
treatments that were employed. In all cases, 
previous anneals to 900°C for 33 to 70 hr served 
as a guide to predict the times necessary to attain 
equilibrium at all temperatures used in the anneal- 
ing schedule. 

The phase fields for the 0 to 50 at. pct (0 to 68.2 
wt pct) Pt alloys is presented in Fig. 1, and the com- 
plete diagram is shown in Fig. 2. Most of the experi- 
mental points are included in Fig. 1, but some were 
omitted for clarity. 

An early study was made to reveal the exact tem- 
perature of the a~fallotropic transformation for 
Zr. Due to the impurity levels of iodide zirconium, 
the Grade 3 material transformed, over a tempera- 
ture range close to the ideal transition point. The 


Fig. 4—A 3 wt pet Pt alloy, quenched from 825°C, showing 
a Zr plus Zr,Pt (Etchant no. 1). X250. Reduced approxi- 
mately 29 pct for reproduction. 
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Fig. 5— A 7 wt pet Pt alloy, furnace-cooled from 900°C, 
showing @ Zr plus a hypoeutectoid structure of a Zr plus 
Zr,Pt (Etchant no. 1). X400. Reduced approximately 29 pct 
for reproduction. 


value of 862° + 5°C, which was reported by Vogel 
and Tonn,’ was accepted for this investigation. 

A eutectoid decomposition of 8 Zr into a Zr + 
Zr2Pt was located at 8.5 + 1 wt pct Pt and 826°C, 
by observation of microstructural changes, as 
shown by Fig. 3 and 4 (Table II lists the etchant 
compositions used for the preparation of photomi-. 
crograph samples). Fig. 3 shows a 3 wt pct Pt alloy, 
quenched from 828°C, and is representative of the 
a Zr plus transformed f Zr structure. The same 
alloy is shown in Fig. 4, but quenched from 825°C, 
which resulted in @ Zr plus Zr2Pt. Even with the 
effect of iodide zirconium’s transformation range 
on most eutectoid area structures, these findings 
are unusually precise. Figs. 5 and 6 illustrate how 
a series of 1 to 10 wt pct Pt alloys determined the 
eutectoid composition. Fig. 5, a 7 wt pct Pt sample, 
furnace-cooled from 900°C, exhibits a Zr plus a 
eutectoidal structure of a Zr + Zr2Pt. For an alloy 
of 10 wt pct Pt, furnace-cooled from 900°C, as 


Fig. 6—A 10 wt pet Pt alloy, furnace-cooled from 900°C, 
showing Zr,Pt plus eutectoid (Etchant no. 1). X400. Re- 
duced approximately 29 pct for reproduction. 
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Fig. 7—A 10 wt pet Pt lies quenched from 1075°C, show- 
ing retained 8 Zr (Etchant no. 2). X250. Reduced approxi- 
mately 29 pet for reproduction. 


shown in Fig. 6, the structure changes to a mixture 
of Zr2Pt and eutectoid. On the basis of such struc- 
tures, the eutectoid composition is placed at 8.5 + 
1 wt pet Pt. 

Isothermal annealed samples revealed that the 
solubility of Pt in 8 Zr decreases from 13.5 wt pct 
at the eutectic isotherm to approximately 8.5 wt 
pet at the eutectoid point. Figs. 7 and 8 depict a 
10 wt pet Pt alloy quenched from 1075° and 1050°C, 
respectively. In Fig. 7, the structure is that of re- 
tained 8 Zr, while Fig. 8 shows 6 Zr + Zr2Pt. This 
transition establishes the 8- Zr solvus. Ten wt pct 
Pt alloys, quenched from 1375° and 1350°C, serve 
to fix the B- Zr solidus slope. Fig. 9 gives evidence 
of liquation in the 10 wt pct Pt alloy at 1375°C, 
showing a structure of quenched liquid + 8 Zr. 
However, the quench at 1350°C, shown by Fig. 10, 
revealed no incipient melting. Since the maximum 
solubility of Pt in a Zr was not of paramount in- 
terest in this investigation, the point was not pur- 


Fig. 8—A 10 wt pct Pt alloy, quenched from 1050°C, show- 


ing 8 Zr plus Zr,Pt (Etchant no. 2). X150. Reduced ap- 
proximately 29 pct for reproduction. 
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Fig. 9—A 10 wt pct Pt alloy, quenched from 1375°C, show- 
ing quenched liquid plus 8 Zr (Etchant no. 2). X250. Re- 
duced approximately 29 pct for reproduction. 


sued too thoroughly. Metallographic studies indi- 
cate that this value is substantially less than 1 wt 
pct Pt. By the same token, Zr solubility in pure Pt 


was also found to be considerably less than 1 wt pct. 


Metallography of as-cast alloys and incipient 
melting data positioned a eutectic point at 36 + 1 wt 
pet Pt and approximately 1185°C. Fig. 11 shows 
the as-cast eutectic structure of a 36 wt pct alloy. 
A typical case of incipient melting that served to 
fix the eutectic isotherm is shown in Fig. 12. Here, 
an alloy of 15 wt pct Pt, quenched from 1200°C, 
shows a mixture of 8 Zr + liquid. The product of 
this liquation is largely in the form of divorced 
eutectic rosettes. 

Due to the narrow range of the terminal solid so- 
lution in this system, an instance of an incomplete 
peritectic reaction exists at about 51.7 wt pct Pt 
and 1725°C. Fig. 13 shows the structure of this 
alloy as a mixture of Zr2Pt with some ZrPt in the 


ES 


Fig. 10—A 10 wt pct Pt alloy, quenched from 1350°C, 
showing no incipient melting (Etchant no. 2). X250. Re- 
duced approximately 29 pct for reproduction. 
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Fig. 11—A 36 wt pct Pt alloy, showing the as-case eutectic 
structure (Etchant no. 3). X750. Reduced approximately 
29 pet for reproduction. 


Table Ill. Melting Range Observations for Pt-Rich Alloys 


Melting Observed 


Pt, Wt Pct Temperature, ° C 


51.7 (Zr,Pt) 1490 None 
1725 Partial 
55.0 1490 None 
1650 None 
1755 Partial 
60.0 1710 None 
1812 Partial 
65.0 1490 None 
1750 Partial 
68.2 (Zr Pt) 1425 None 
2100 Complete 
70.0 1490 None 
2060 Partial 
86.5 (Zr Pt,) 1490 None 
2120 None 
94.0 1965 Partial 
98.0 1950 Complete 


Fig. 12—A 15 wt pct Pt alloy, quenched from 1200°C, 
showing 6 Zr plus liquid (Etchant no. 3). X250. Reduced 
approximately 29 pct for reproduction. 


Fig. 13—A 51.7 wt pet Pt alloy, showing the as-cast peri- 
tectic structure (Etchant no. 4). X150. Reduced approxi- 
mately 29 pct for reproduction. 
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Fig. 14—A 68.2 wt pet Pt alloy, showing the as-cast struc- 
ture of ZrPt (Etchant no. 4). X250. Reduced approxima- 
tely 29 pet for reproduction. 


Fig. 15—An 86.5 wt pct Pt alloy, showing the as-cast 
structure of ZrPt, [Etchant no. 5 (hot)]. X250. Reduced 
approximately 29 pct for reproduction. 
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Fig. 16—X-ray diffractometer tracings for alloys from 20 to 86.5 wt pct Pt, confirming existence of three intermetallic 
compounds, (a)—68.2 to 86.5 wt pct Pt, (b)—51.7 to 65 wt pct Pt, (c)—20 to 40 wt pct Pt. 


as-cast condition. The peritectic reaction tempera- 
ture was determined by incipient melting studies, 
and the observations for this alloy and others are 
incorporated in Table III. 

As-cast photomicrographs of the two compounds, 
ZrPt and ZrPt3 may be seen in Figs. 14 and 15, 
respectively. An unusual observation with ZrPt; 
(86.5 wt pct Pt) was that no melting was seen, at 
temperatures up to 2120°C. X-ray diffractometer 
tracings for alloys within the range from 20 to 86.5 
wt pct Pt are shown in Fig. 16. These tracings 
show the variation of intensity vs 26 for changing 
composition. Such variations substantiated all met- 
allographic findings and confirmed the existence of 
the three intermetallic compounds. 


SUMMARY 


The Zr-Pt system was carefully resolved to 50 at. 


pet Pt (68.2 wt pct), and the balance of the system 
was outlined. Metallography, incipient melting, and 
X-ray diffraction were used to determine phase re- 
lationships. In all cases, every possible precaution 
was taken to guard against contamination of the 
alloys. 

The essentials of this investigation include: 

1) The maximum solubility of Pt in 8 Zr is 13.5 + 
1.0 wt pet. 
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2) The minimum solubility of Pt in @ Zr is sub- 
stantially less than 1.0 wt pct. 

3) Zr solubility in pure Pt is considerably less 
than 1 pet. 

4) A eutectic exists between #8 Zr and Zr2Pt at 
36+1 wt pct Pt. and 1185°C. 

5) A eutectoid decomposition of 8 Zr into @ Zr + 
Zr2Pt occurs at 8.5 +1 wt pet Pt and 826°C. 

6) The intermediate phase Zr2Pt is formed peri- 
tectically at about 51.7 wt pct Pt and 1725°C. 

7) ZrPt exists at 68.2 wt pct Pt, and melts at 
2100°C. 

8) An intermetallic compound, ZrPts, occurs at 
86.5 wt pct Pt and has a melting point greater than 
2120°C. 

9) A eutectic between ZrPt and ZrPt; is fixed at 
approximately 72 wt pct Pt and 2000°C. 

10) No solidus is noted for Pt-rich alloys below 
1425°C. 

11) A possible eutectic reaction between pure Pt 
and ZrPt; is proposed at less than 1 wt pct Zr and 
about 1770°C. 

12) Melting range observations allow a final pro- 
posal that the liquidus for Pt-rich alloys extends 
from approximately 1770°C and less than 1 wt pct 
Zr to a point greater than 2120°C at 13.5 wt pct Zr. 
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AT 400, fabricated by compacting an atomized aluminum powder, 
extruding the compact, cold working, and recrystallizing the ex- 
trusion, was investigated. This alloy has a dispersion spacing of 
lu. Previously Ansell and Weertman’' determined the steady- 
state creep rate of a recrystallized aluminum-aluminum oxide 
SAP-type alloy, MD 2100, with a 0.48-u. dispersion. This alloy 

was found to have a steady-state creep rate of less than 10* 

min-', too small to be measured accurately. By employing a 

more sensitive method of measuring creep rate, it was possible 

to determine the steady-state creep rate of AT 400 alloy, which 

is somewhat faster than that of MD 2100, ata series of tempera- 
ture and applied stresses. Above a stress of 2ub/\ (b = Burger’s 
vector, = dispersion spacing, u = is a shear modulus) the rate 
follows an equation of the type: Steady-state creep vate K = A exp. 
(-Q/kT)o*/4u°kT where A is a constant, Q is the activation energy 
for self-diffusion, and o is the applied stress. At stresses lower 
than 2ub/d the steady-state creep rate drops off sharply and is 

no longer in agreement with this equation. This behavior is in good 
agreement with that predicted by the model for dispersion strength- 
ened alloys in the stress and temperature range investigated. The 
absolute value of the creep rate is, however, four orders of mag- 
nitude lower than that predicted if the normal number of active dis- 
location sources ave assumed to be present. It is concluded that in 
this SAP-type alloy the usual three-dimensional dislocation network 
is not present. Instead, short dislocation segments extending from 


one dispersed particle and terminating at a neighboring particle may 
act as dislocation sources. With this provision the creep model pro- 
posed by Ansell and Weertman reasonably accounts for the creep be- 


G. S. Ansell 


havior which was observed. 


Recent y, Ansell and Weertman’ proposed a dis- 
location model from which they derived creep equa- 
tions to describe the steady-state creep behavior of 


dispersion - strengthened alloys. Following Schoeck,” 


they assumed that the rate controlling process for 
steady-state creep is the climb of dislocations over 
the dispersed particles. 

In order to verify their creep model, Ansell and 
Weertman determined the steady-state creep be- 
havior of an aluminum-aluminum oxide SAP-type 


alloy, MD-2100, in both the fine-grained as-extruded, 


and coarse-grained recrystallized conditions. Since 
the grain size was the order of the dispersion-spac- 
ing, their model was not applicable for the as-ex- 
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truded alloy. It should, however, be applicable to the 
coarse-grained recrystallized alloy. The results 
they obtained were rather unexpected. No meas- 
ureable steady-state creep was observed for the 
recrystallized MD-2100 alloy. 

If their model is correct, and if the second-phase 
particles act solely to hinder dislocation motion, 
then some measureable steady-state creep would 
have been expected. On this basis, they postulated 
that, in this SAP-type alloy, the main effect of the 
fine dispersion was to inactivate dislocation sources 
rather than to hinder the movement of dislocations. 

In order to understand more fully this unusual 
creep behavior, and to determine the validity of the 
model proposed,’ the steady-state creep behavior 
of an aluminum-aluminum oxide recrystallized SAP- 
type alloy, with a somewhat coarser dispersion 
spacing, was investigated. The results of this study 
are presented in this paper. 
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THEORY 


The dislocation model for steady-state creep pro- 
posed by Ansell and Weertman’ is as follows: For 
low stresses, where the stress is just sufficient to 
nucleate dislocations from a source in the matrix, 
up to a stress which is great enough to bow disloca- 
tions between the dispersed particles, the rate con- 
trolling process for steady-state creep is the climb 
of single dislocations over the second phase par- 
ticles. If Frank- Read sources are present due toa 
continuous dislocations network, for resolved stresses 
in the range 


ub/L<o<pbA [1] 


(uis a shear modulus, L is the length between nodes 
in the dislocation network, o is the applied stress, b 
is the Burgers vector of the dislocation, and A is the 
dispersion spacing), the steady-state creep rate, K, 
for resolved stresses and strains is 


K=70b°D/2kTh 


where D is the coefficient of self-diffusion, k is 
Boltzmann’s constant, J is the absolute temperature, 
and h is the height of the dispersed particle. 

At stresses great enough to pinch-off dislocation 
loops about the dispersed particles, Eq. [2] is no 
longer applicable. The rate controlling process for 
steady-state creep is now the climb of an array of 
piled-up, pinched-off dislocation loops rather than 
the climb of single dislocations. Therefore at 
stresses grater than ypb/A, steady-state creep rate 
predicted by the model, for resolved stresses and 
strains, is 


K = 27 D/h 
which is valid up to stresses where 
= (uk T/2Ab7)/ [4] 


The density of active dislocation sources in these 
alloys has been implicitly assumed in the derivation 
of Eqs. [2] and [3] using a calculation that had been 
used previously for single-phase alloys.° 


[2] 


[3] 


EXPERIMENTAL DETAILS 


The alloy studied, designated AT 400, was fabri- 
cated by compacting and subsequently extruding 3- 
average diameter atomized aluminum powder. The 
alloy is therefore similar to an SAP-type alloy, R3M, 
whose microstructure has been reported previously. 
The extrusion was then recrystallized by first wire 
drawing to a 55.6 pct reduction in area and then an- 
nealing for 2 hr at 582°C. The grain size of the 
recrystallized alloy was several millimeters in 
diameter. The microstructure of this large-grained 
recrystallized alloy is similar to that of the recrys- 
tallized MD 2100 alloy. Each consists of flakes of 
aluminum oxide, 130 Angstrom units thick and about 
0.3 u on edge, dispersed in an aluminum matrix. 
However, the average dispersion spacing is approxi- 
mately 0.9 » for the AT 400 alloy as compared with 
the 0.5- spacing for the MD2100 alloy. * 
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Fig. 1—Typical creep curve, recrystallized AT-400 alloy. 


Creep measurements were made on wire test sam- 
ples, with a 2-cm centimeter gage length, held in 
friction type wire grips. The test temperatures 
ranged between 500° and 620°C. The test tempera- 
tures were held to within 1°C for the duration of 
each test. All tests were run under the condition 
of constant loading and can be considered constant 
stress tests since the creep strains were small. 
The stresses used at each temperature ranged 
from a stress which was just large enough to give 
a measureable steady-state creep rate to the stress 
at which the sample fractured immediately upon 
loading. Creep extensions were measured with a 
micrometer slide cathetometer, permitting the de- 
termination of a minimum resolvable strain of 10° *. 

In addition to the constant temperature, constant 
stress creep tests, tests were made in which the 
temperature or stress was changed abruptly after 
steady-state creep had been reached, while holding 
the stress or temperature constant. This produced 


TIME, MIN. 


15,000 


Table |. Steady-State Creep Data AT-400 Recrystallized Alloy 


Temp Comp 

Sam- Steady-State Steady-State Test 
ple Temp, Stress, Creep Rate, Creep Rate, Duration, 

No. °K Dynes per cm? Min Min 

16d 893 9.75 x 10’ 1.64 x 10° 4.90 x 10-*° 60,000 

16c 893 1.11 x 10° 5.00 x 10° 1.73 x 107° 10,000 

l6a 873 9.75 x 10” 7.50 x 10-° 4.16 10-° 14,348 

16b 873 1.11 x 10° 3.48 x 10~* 1.94 x 10-° 30,000 

l6e 873 1.20 x 10° 4.24 x 10° 2.35 x 10-° 9,000 
15a 873 1.28 x 10° 1.52 x 10-’ 8.45 x 10-° 14,371* 

14a 873 1.53 x 10° 1.85 x 107” 1.01 x 10~* 6,000 
to 7,000* 

16f 823 1.70 x 10° 8.83 x 10-° 1.87 x 10 3,000 
to 7,000* 

4a 773 1.82 x 10° 2.40 x 10 2.40 x 10~* 25,929 

18a 773 2.10 = 10° 4.06 x 10-* 4.06 x 10-° 19,885 

9a 773 2.34 x 10° 6.10 x 107° 6.10 x 10~* 15,516 
lla 773 2.60 x 10° 9.20 x 10~* 9.20 x 10-° 9,370* 
6a 773 2.92 x 10° 2.53 x 10~’ 2.53 x 10-’ 1,020* 


*Indicates sample failed during test. 


Temperature compensated steady-state creep rate calculated using an 
activation energy for creep of 37,000 cal/mole and 773°K as the refer- 


ence temperature. 
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a short period of transient creep behavior before a 
new steady-state creep region appeared. The steady- 
state creep rates under these new conditions were 
then measured. 


RESULTS 


The creep curves for each of the samples tested 
showed a region of steady-state creep from which 
the steady-state creep rate could be measured. 
Typical creep curves are shown in Figs. 1 and 2. 
Summary data from all the creep tests are listed in 
Table I. Some data in the table are the creep rates 
at several temperatures and stresses determined 
from a single test specimen. In these cases, the 
letter following the test specimen number indicates 
the sequence of testing conditions. 

The range of stresses used for the creep testing 
for any one particular temperature was very limited. 
This was due to the narrow range of stress between 
the stress where the strain rate was barely meas- 
ureable and the stress where the sample fractured 
immediately upon loading. In order to determine the 
effect of stress upon the steady-state creep behavior 
of the AT-400 alloy over a wider range of stress 
than a single test temperature would allow, the data 
from all the creep tests were adjusted to a single 
test temperature, 500°C., by using as a basis Eq. [3] 
of the creep theory for dispersion-strengthened al- 
loys. A treatment of this type implicitly compares 
the experimental results with the proposed theory. 
This temperature-compensated creep rate was de- 
termined in the following manner: 

According to Eq. [3] 


Steady-state creep rate = K = 270° *D, exp (-Q/RT)/ 
h 
where: exp (-Q/RT), yp, T =f (T) 
Do; h, +f (7) 


Since for any particular alloy T and ¢ are the only 
independent variables treated by the creep theory, 
eliminating T as a variable, with 773°K equal to the 


STEADY-STATE CREEP REGION 
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TIME , MIN. 
Fig. 2—Typical creep curve, recrystallized AT-400 alloy. 
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reference temperature 7,4, and T equal to the test 
temperature, the temperature-compensated creep 
rate, K*, is 


K*= K(exp (-Q/RTg)/exp (- Y/RT)) (T/T) 
[5] 


or 
K*=K(I'/Tg) (up/uz,) exp (-Q(T-T./RTT,) [6] 


in which the subscripts T and @ refer to the values 
of the properties or test conditions at test tempera- 
ture and reference temperature respectively. 

In order to reduce the steady-state creep rate at 
temperatures other than 500°C to a temperature 
compensated creep rate, it is necessary to know both 
the temperature dependence of the shear modulus of 
aluminum, and the value of the activation energy, Q, 
for steady-state creep. 

The temperature dependence of the shear modulus 
was determined from the data of Sutton.* Sutton re-— 
ported the elastic constants of aluminum over the 
temperature range 315° to 773°K. The shear modulus, 
lt, was calculated from these data using the equation, 
w= V1/2 Cag (C,,—Ci 2), where C;; are the usual elastic 
constants. These data were then extrapolated linearly 
to 893 °K. 

The creep theory assumes that the activation en- 
ergy for steady-state creep is the same as that for 
self-diffusion. The activation energy for steady-state 
creep was therefore assumed to be 37,000 cal per 
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Fig. 3—Logarithm of the temperature-compensated steady- 
state creep rate of recrystallized AT-400 alloy plotted vs 
the applied stress. 
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mole, in accordance with indirect estimates of the 
activation energy for self-diffusion in aluminum.°’” 
The calculated temperature compensated creep rates 
for all the steady-state creep data are shown in 
column 5 of Table I. 

This method of compensating the creep rates ob- 
tained at different test temperatures to a single tem- 
perature, in this case 500°C., made it possible to 
determine the effect of stress on the creep rate of 
this alloy over a reasonably large stress range. The 
logarithm of the temperature-compensated steady- 
state creep rate is shown plotted vs the logarithm 
of the applied stress in Fig. 3. In this same figure, 

a line was drawn whose slope corresponds to a 
fourth power stress dependence of the steady-state 
creep rate. The position of the fourth power line was 
arbitrarily taken to fit the data. 

The reasonable fit of the data with the fourth 
power line indicates that, for the stress region where 
according to the dislocation theory for creep piled- 
up dislocation loops are present, the steady-state 
creep rate follows the fourth power stress depend- 
ence predicted in agreement with Eq. [3]. At lower 
stresses however, the steady-state creep rate does 
not follow the stress dependence predicted by the 
theory, as indicated by Eq. [2], but falls off sharply 
with decreasing stress. Therefore a line was ar- 
bitrarily drawn in Fig. 3 to correspond to an infinite 
stress dependence of the steady-state creep rate ata 
stress equal to 2ub/A. 


DISCUSSION 


The present study of the AT-400 recrystallized 
alloy shows that the steady-state creep data ob- 
served may be described by the theoretical treat- 
ment of Ansell and Weertman if the activation energy 
for steady-state creep is assumed to be the same as 
that which has been previously estimated for self- 
diffusion in aluminum. This assumption for the acti- 
vation energy implies that the climb of dislocations 
over the second-phase particles is the rate control- 
ling process for steady-state creep in this alloy. At 
this point it is now relevant to compare the steady- 
state creep data with the Eqs. [2] and [3] predicted by 
their model. 

At the low stresses, in the range given by Eq. [1], 
the rate-controlling process for steady-state creep 
was proposed to be the climb of single dislocations 
over the dispersed particles. The steady-state creep 
rate in this stress region should be a first-power 
function of the applied stress as shown in Eq. [2]. 
From Fig. 3, apparently this is not the case. In this 
stress region the steady-state creep rate decreases 
rapidly with decreasing stress, and for stresses 
just a little lower than 2ub/A the steady-state creep 
rate falls off essentially to zero. At these stresses, 
the applied stress is probably too low to nucleate 
dislocations from the sources present in the alloy. 
This would explain why at these stresses, the steady- 
State creep rate falls off essentially to zero. 
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At stresses greater than 2 ub/A dislocations are 
nucleated from some type of sources in the alloy. The 
rate-controlling process for steady-state creep is 
now the climb of piled-up arrays of pinched-off 
dislocation loops over the oxide particles, and Eq. [3] 
should be applicable. It has been shown previously 
that the stress and temperature dependence of the 
steady-state creep rate of the AT-400 alloy follows 
Eq. [3]. The absolute values of the observed creep 
rate, however, are much lower than those predicted. 
Correcting Eq. [3] for unresolved stresses and 
strains, i.e. dividing the right-hand side of the equa- 
tion by 16 Xx V2, the predicted rate is approximately 
4 orders of magnitude faster than the observed one. 
Since the stress and temperature dependence of the 
creep rate, and also the stress range where this 
behavior is observed follows Eq. [3], it appears that 
the model used to describe the creep behavior is 
correct, except that the assumed density of active 
dislocation sources (dislocation sources which are 
generating new dislocations during steady-state 
creep) is much too high. The model used for the 
calculation of the density of these sources was one 
which holds well for single-phase metals. The con- 
clusion must, therefore, be drawn that the density 
of active dislocation sources in the AT-400 alloy is 
approximately 10 * that of a single-phase metal. It 
is proposed that this difference is largely due to the 
character of the dislocation sources present, specifi- 
cally that there is no continuous dislocation network 
present in this alloy. Perhaps, it is absent due to 
interactions of dislocations with the oxide flakes as 
proposed previously by Ansell;® The stress at which 
dislocations are nucleated in this alloy corresponds 
to Frank- Read sources whose lengths are the aver- 
age spacing between oxide flakes dispersed in the 
alloy, in agreement with the suggestion by Ansell and 
Weertman, that the dislocation sources present are 
short dislocation segments extending from one oxide 
flake to another. 


CONC LUSIONS 


1) The rate controlling process for steady-state 
creep in this aluminum-aluminum oxide SAP-type 
alloy is the climb of dislocations over the dispersed 
aluminum oxide flakes. 

2) The density of active dislocation sources in the 
AT-400 alloy is abnormally small as compared with 
the density of active dislocation sources in a single- 
phase metal. 

3) The creep theory proposed by Ansell and Weert- 
man for the steady-state creep of a dispersion 
strengthened alloy appears to apply to the AT-400 
alloy, except for their assumption as to the density 
of active dislocation sources present. 
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Cd crystals have been measured at temperatures from 158° to 
276°C. The glide vate is proportional to the 2.75 power of the 
applied shear-stress. The activation energy is 29.2 kcal per 
mol, It is suggested that the rates of prismatic glide in Cd and 


Zn crystals are determined by the strengths of the atomic 


bonds across the prism planes. 


ALTHOUGH zinc and cadmium crystals both have 
hexagonal structures with nearly the same c/a ra- 
tios, their mechanical behaviors are quite different. 
Whereas zinc becomes quite brittle below room 
temperature, and cleaves readily on (0001) planes, 
cadmium is very ductile even at 4.2°K, and cannot 
be cleaved at any temperature. As part of a search 
for the explanation of this difference in behavior, a 
study has been made of prismatic glide in cadmium. 
It complements a previous study of the same phen- 
omenon in zinc.’ 

The primary glide plane in cadmium is the basal 
(0001) plane, and the primary glide direction is the 
direction of atomic close-packing <2110>. However, 
if a tensile stress is applied parallel to the basal 
plane, then the shear stress on the basal plane 
equals zero so basal glide cannot occur. At low 
temperatures, deformation by twinning occurs; but 
at high temperatures, it has been found in this study 
that gliding on prismatic planes {1010} occurs in the 
close-packed direction. This is completely analo- 
gous with the case of zinc, except that lower tem- 
peratures are required. 


EXPERIMENTAL 


The experiments were done in nearly the same 
way as for zinc.’ Therefore, only the differences in 
the two sets of experiments will be described here; 
for other details the reader is referred to the prev- 
ious paper. 

Crystals 6 by 6 mm sq were used that were grown 
from ‘‘Super Purity’’ 99.999 + pct Cd purchased 
from the New Jersey Zinc Co. The crystals were 
grown with their basal planes parallel to both the 
rod axis and one of the flat sides of the square cross 
section. A close-packed direction in the basal plane 
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was oriented parallel to the rod axis. Gage sections 
were carefully machined into the crystals, and the 
surface damage caused by machining was removed 
with the same chemical polishing reagent as had 
been used for zinc. Thus, specimens of the same 
form and size as the previous zinc ones were pro- 
duced. 

The crystals were heated to the test temperatures 
in a silicone oil bath (fused salts were tried first, 
but they reacted badly with the cadmium). 

An Instron tensile-testing machine was used for 
applying stresses to the crystals at various constant 
strain-rates. 


RESULTS 


The general behavior of cadmium crystals is 
much the same as for zinc. Only the constants that 
measure specific properties are different. Just as 
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Fig. 2—Temperature dependence of prismatic glide rate in 
cadmium. 

in the case of zinc, prismatic glide occurs without 
strain-hardening. Therefore, a given glide strain- 
rate is caused by a single value of the applied 
stress. The various stresses and strain-rates that 
were measured in this study are plotted in Fig. 1. 
They indicate that the strain-rate is proportional to 
the 2.75 power of the applied stress; this compares 
with 3.0 for zinc. 

Not enough data were collected to allow a plot of 
the temperature dependence of the strain-rate at 
constant stress, so the stress at constant strain- 
rate will be considered instead. These data are 
plotted on Fig. 2. It was shown in the previous work 
on zinc that, if strain-hardening is absent so that a 
mechanical equation of state is obeyed, and the 
strain-rate obeys an equation of the form:y = 
Azn,~9/RT(where } is the strain-rate, 7 is the 
shear stress, T is the absolute temperature, and A, 
n, Q, and R are constants), then the mene at con- 
stant strain-rate is given by: T = De *9/”"7 (where 
D is a new constant). The activation energies, Q, 
given by these two equations agree within 0.3 pct for 
zinc, and it is assumed here that the same is true 
for cadmium. Fig. 2 is a plot of the second equation, 
and, taking m = 2.75 from Fig. 1, the value of Q is 
29.2 kcal per mol. 


DISCUSSION 


For zinc it was found that the activation energy 
for prismatic glide, Qpg = 38.1 kcal per mol, is 
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nearly twice as large as the activation energies for 
self- -diffusion; Q, = 21.8 kcal per mol, Q, = 24.3 
kcal per mol.” Nearly the same result has now been 
obtained for cadmium; Qpg = 29.2 kcal per mol as 
compared with Q,, = 18.2 kcal per mol, and Q,; = 19.7 
kcal per mol for self-diffusion.” Thus self-diffusion 
does not control the prismatic glide process. 

The author previously proposed that the rate of 
prismatic glide might be controlled by the strength 
of the atomic bonds across non-close-packed 
planes. This is consistent with the present results 
because the ratio of Qpg for zinc to that of cadmium 
is nearly the same as the ratio of their elastic con- 
stants: 38.1/29.2 = 1.30, as compared with 
16.1/12.1 = 1.33 for the ratio of the C.:’s of the two 
crystals.° This is to be expected on this interpreta- 
tion because the lattices of the two crystals are geo- 
metrically similar. Thus the primary mechanical 
difference between them is their eleastic constants, 
and the Ci:’s give a measure of the strength of the 
bonds across the prismatic planes. 

There seems to be no qualitative difference be- 
tween zinc and cadmium with respect to prismatic 
glide, and the quantitative differences are in ap- 
proximate proportion to the elastic constants of the 
two crystals. Therefore, the marked qualitative dif- 
ference in their fracture behaviors cannot be ex- 
plained in terms of prismatic glide. 


SUMMARY 


Prismatic glide {1010} <2110> in pure cadmium 


crystals has been studied in the temperature range 
from 158° to 276°C at glide strain-rates from 2.5 to 
30 x 10°” per sec. It has been found that the glide 
strain-rate is proportional to the 2.75 power of the 
resolved-shear-stress, and that the activation 
energy of the process is 29.2 kcal per mole. It is 
suggested that the rate of prismatic glide is con- 
trolled by the strength of the atomic bonds that act 
across the prismatic glide planes. 
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Effect of Copper Additions on the Activation 
Energies for Creep of Aluminum Single Crystals 


The effect of small solute additions of Cu on the activation 


energies for creep Al single crystals were determined over 


the range from 78° to 850°K. Below 240°K and above 800°K 
activation energies were unchanged. Between 240°K and 400°K 
strain aging causes the creep rate to become vanishingly small 
and the flow stress was independent of the temperature, Be- 
tween 500° and 50°K the activation energy was increased to 


41,000 cal per mole. 


Numerous investigations’ have shown that solid 
solution alloying invariably increases the flow 
stress. A typical example is documented in Fig. 1. 
Such increases in flow stress can arise from two 
general effects: Alloying can increase the long- 
range stress fields through which dislocations must 
move by causing appropriate clustering; modifica- 
tion of dislocation densities, and so forth. Alloying 
can also modify the short-range stress fields that 
determine the activation energies for thermally 
stimulated migration of dislocations, such as occurs 
in some solute atom pinning processes, and so forth. 
Actually both long- and short-range stress-field ef- 
fects can occur simultaneously. 

It was the purpose of this investigation to evalu- 
ate the effect of alloying on the short-range stress 
fields by determining the effect of alloying on the 
activation energies for creep. The resulting obser- 
vations also shed some light on the effect of long- 
range stress fields on dislocation processes. 


EXPERIMENTAL TECHNIQUE 


Single-crystal bars (6 in. long 3/8 in. wide and 
1/4 in. thick) of dilute solutions of Cu in Al were 
seeded, so as to provide extensive single slip, with 
the pole of the tensile axis located in the standard 
stereographic projection as shown in Fig. 2. Each 
crystal was grown under an argon atmosphere ina 
graphite mold containing a large reservoir of mol- 
ten alloy for the purpose of obtaining rather uniform 
composition of Cu along the length of the bar. The 
nominal compositions of the alloys which were 
produced from 99.99 pct Cu and high-purity Al con- 
taining 0.001 pct Fe and 0.001 pct Si, are given in 


Table I. 
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Strains, measured by linear variable transform- 
ers attached by quartz rods to a 3 in. gage section 
were sensitive to 10” °and the stresses were ap- 
plied by direct loading of the specimen. Tempera- 
tures were determined by thermocouples attached 
to the gage section of the specimens. Below 400°K 
the apparent activation energies for creep, Q, were 
determined by the effect of small, rapid changes in 
temperature of about + 10°K from 7; to 72 on the 
corresponding creep rates & and é2 during primary 
creep according to 


Ep > = (eR 12) 


where R is the gas constant.” Above 400°K, Q was 
evaluated from Eq. [1] for the secondary creep rate 
using temperature changes of about + 20K, A typical 
set of results is shown in Fig. 3. 


RESULTS AND DISCUSSION 


The previously obtained effect of temperature on 
the apparent activation energy for creep of single 
crystals of high-purity Al’ is shown by the broken 
curve of Fig. 4. The datum points on the same graph 
illustrate the effect of dilute a solid solution alloy- 
ing with Cu on the activation energy between 600° 
and 750°K. Each plotted point is the average of not 
less than five independent test values between 600° 
and 750°K and not less than three at other tempera- 
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Fig. 2—Orientation of tensile axes of alloy single crys- 
tals. 


tures. As in the case of high-purity Al, the apparent 
activation energy for creep of the dilute a solid 
solutions containing Cu were also insensitive to the 
strain, and the applied stress. 

In the range from about 78° to 200°K where creep 
is probably controlled by the intersection process, 
the activation energies for the dilute alloys agree, 
within experimental scatter, with those for pure Al. 
This correlation is entirely consistent with the dic- 
tates of the intersection process, since the apparent 
activation energy for intersection of dislocations 
released from their atmospheres should be inde- 
pendent of dilute alloying. 

Above about 800°K the activation energies for 
creep of single crystals of Al containing small ad- 
ditions of Cu agreed with the 36,000 cal per mole 
value obtained for pure Al. In this range both the 
pure Al and alloy crystals exhibited pronounced 
polygonization, whereas such polygonization did not 
occur during creep below about 750°K. Since this 
activation energy coincides with that estimated for 
self-diffusion in Al, and since creep is accompanied 
by polygonization, the creep rate in this region is 
undoubtedly determined by the rate of climb of edge 
dislocations. Dilute a@ solid solution alloying cannot 
materially alter the activation energy for self-dif- 
fusion and consequently the insensitivity of the acti- 
vation energy for creep to dilute alloying in the high- 
temperature range is consistent with the dictates of 
dislocation theory. 

The creep behavior of dilute alloys of Cu in Al, 
however, were qualitatively dissimilar from those 
of high-purity Al over the range of temperatures 


Table |. Composition of Aluminum Alloy Single Crystals 
Weight Percent Copper 


Nominal Composition Seed End Reservoir End 
0.005 0.006 0.006 
0.01 0.008 0.01 
0.10" 
0.10? 0.09 0.09 
0.10° 0.12 0.14 
0.25 0.24 0.25 
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Fig. 3—Secondary creep rates vs time for a 0.25 pct Cu- 
Al alloy crystal crept alternately at 619° and 643°K. 


from about 225° to 750°K. Actually this range can 
be subdivided into two distinct regions; the first of 
which, denoted as that of strain aging, extends from 
about 225° to 425°K. This region coincides with the 
region over which the flow stress in polycrystalline 
alloys, illustrated in Fig. 1 is independent of tem- 
perature. The second, characterized by an apparent 
activation energy of about 41,000 cal per mole, ex- 
tends from about 500° to 750°K. 

Upon application of a stress in the strain-aging 
region, the alloy single crystals experienced an 
initial plastic straining followed by a brief period of 
creep which rapidly decreased so that no creep could 
be detected 5 min after application of the stress. 
This behavior was repeated for all subsequent in- 
creases in stress and for this reason it was phys- 
ically impossible to obtain activation energies for 
creep in this region by the change in temperature 
technique. 

Cottrell* demonstrated that above about 240°K, 
especially in the presence of excess vacancies 
produced by the motion of jogged screw dislocations, 
the diffusivity of foreign atoms in Al is sufficiently 
high to promote the formation of solute atom atmos- 
pheres about stationary edge dislocations. However, 
the diffusivity is not high enough to permit the at- 
mosphere to accompany the dislocation. Before 
plastic deformation can occur, then, the dislocations 
must be separated from their atmospheres. As the 
dislocations slow down and stop, the atmosphere 
can reform. Under these circumstances additional 

plastic deformation becomes possible only upon ap- 
plication of a new stress, sufficiently higher than the 
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Fig. 4—Activation energies for creep of aluminum single 
crystals alloyed with copper. 
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former to tear the arrested dislocations from their 
atmospheres. 

Cottrell® has also shown that when the atmosphere 
consists of a single row of atoms along the core of 
the dislocation, thermal fluctuations can assist in 
separating the dislocation from its atmosphere. Toa 
first approximation, under these conditions, the flow 
stress should vary with the reciprocal of the absolute 
temperature. In contrast to this deduction, however, 
the flow stress obtained over the strain-aging re- 
gion in this investigation was a constant for a given 
work-hardened state independent of the test temper- 
ature. These results on a single crystals were in 
complete harmony with those shown in Fig. 1 for 
polycrystalline Al alloys where the flow stress re- 
mains constant from about 200° to 400°K. It is 
therefore necessary to assume that the thermally 
activatable Cottrell unlocking mechanism, which 
has been applied with some success to interstitial 
solid solutions, is not applicable to the substitu- 
tional solid solutions under scrutiny here. 

As shown by Fisher® and more recently by Flynn’ 
short-range ordering can result in resolved shear 
stresses of the order of magnitude of those observed 
in the strain-aging region. Furthermore, over the 
range of temperatures where this mechanism op- 
erates, the resolved shear stress should remain 
independent of the temperature. This provides a 
possible explanation for the phenomena observed 
in the strain-aging region. 

Over the range of about 575° to 750°K the creep 
of single crystals of high-purity Al is thought to be 
rate controlled by the cross-slip mechanism which 
has an apparent activation energy of 28,000 cal per 
mole. Over somewhat the same region, z.e. from 
about 500° to 750°K, the single crystals of aluminum 
containing Cu have an apparent activation energy of 
about 41,000 cal per mole. Since this region is char- 
acterized by extensive cross-slip and the absence 
of pronounced polygonization it is not unreasonable 
to believe that the 41,000 cal per mole mechanism 
results from modification of the 28,000 cal per 
mole cross-slip process as a result of solute atom 
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Fig. 5—Creep activation energies as a function of copper 
content for a series of aluminum-copper single crystals 
at 620°K. 
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additions. The effect of solute atoms of Cu on the 
apparent activation energy for creep of single crys- 
tals of Al is shown in Fig. 5. 

Up to the present the mechanism of solute atom 
modification of the apparent activation energy for 
cross-slip has not been completely rationalized. 
The evidence in Fig. 5 suggests the operation of a 
Cottrell atmosphere which becomes saturated be- 
yond about 0.04 pct Cu. Such Cottrell atmospheres 
could well increase the energy required to form a 
constriction and bring the two partials of a disloca- 
tion in screw orientation together. On the other 
hand the absence of strain-aging effects conflicts 
with this mechanism. Alternate explanations con- 
cern the distribution of solute atoms between the 
stacking fault and the surrounding ideal crystal, 
resulting in the theoretically expected broadening 
of the stacking fault. Such broadening of the stack- 
ing fault would require a higher activation for cross- 
slip. 
CONC LUSIONS 


1) Below 250°K the activation energy for creep of 
single crystals of Al containing small additions of 
Cu is the same as that for pure Al, namely about 
3400 to 4000 cal per mole. 

2) At temperatures above 800°K, dilute solid solu- 
tions of Cu in Al and high-purity Al single crystals 
exhibit the same activation energy of about 36,000 
cal per mole. 

3) Between about 240° and 400°K dilute additions 
of Cu to Al result in strain aging and the deformation 
is essentially athermal. 

4) Between about 500° and 750°K solid solution 
alloying with Cu results in an increase in activation 
energy from 28,000 cal per mole for cross-slip in 
pure Al to about 41,000 cal per mole for solute con- 
centrations above about 0.04 pct Cu. 


ACKNOWLEDGMENTS 


This investigation was conducted under sponsor- 
ship of the Metallurgy Branch of the Office of Naval 
Research. The authors express their sincere appre- 
ciation for the continued interest, support, and ad- 
vice given to them by the various staff members of 
the O.N.R. They also wish to thank Mr. R. Nolder 
for preparing the alloy single crystals and for his 
invaluable assistance in testing; Mr. G. Gordon for 
making the spectrochemical analyses. The authors 
also thank the Aluminum Co. of America for the 
gift of the alloys used in this investigation. 


REFERENCES 


1—. R. Parker and P. H. Hazlett: Principles of Solution Hardening, ASM Sym- 
posium, Relation of Properties to Microstructure, 1959, p. 30. 

23, E. Dorn: The Spectrum of Activation Energies for Creep, ASM Symposium, 
Creep and Recovery, 1957, p. 255. 

3J. L. Lytton, L. A. Shepard, and J. E. Dorm: Activation Energies for Creep 
of Single Aluminum Crystals Oriented for (111)(101) Slip, A/ME Trans., 1958, 
vol. 212, p. 220. 

“A. H. Cottrell: Interaction of Dislocation and Solute Atoms, ASM Symposium, 
Relation of Properties to Microstructure, 1954, p. 131. 

5A. H. Cottrell: Dislocations and Plastic Flow in Crystals, Clarendon Press, 
p. 144, 1953. 

6}. C. Fisher: Acta Met., 1954, vol. 2, p. 9. 
7™P, A. Flynn: Acta Met., 1958, vol. 6, p. 631. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


T 
ea 
of 
st 
mi 
at 
| fol 
fol 
tex 
| fir 
me 
] 
tha 
in | 
mo 
det 
tex 
aro 
rec 
res 
nick 
mer 
ser 
by t 
[112 
Jone 
orie 
also 
that 
| pole 
<6) 
roug 
coun 
mem 
| these 
sent: 
(as i 
orier 
to us 
varic 
coppe 
PAI 
Physic 
PARTI 
Illinoi 
Te 


Interpretation of the Rolling Texture of Copper 


By determining the (220) pole figure for OFHC copper rolled 
to 96 pct R.A.,the occurrence of four texture components of the 
type (135) [211] was confirmed. It was found that the total volume 


fraction of material close to the four symmetrical orientations of M. N. Parthasarathi 
this type is larger than the volume fraction of the other compo- 
nents put together. Paul A. Beck 


Tue rolling texture of copper was described by The inadequacy of two-dimensional ‘‘axis density 
early investigators’’* as a mixture of components figures’’ in describing orientation distributions in 
of the (110)[112] and (112) [111] types. Other sheet textures was previously discussed.” It was al- 
studies, still using the qualitative photographic so pointed out’ that there is no reliable evidence to 
method of texture determination arrived, instead, prove that orientation distributions derived by the 


at orientations of the type (135) [533] or (135) [211] ‘‘quasi-fiber method”’ from rotated sheet speci- 
for copper®’* and at the closely related ‘‘Z-texture”’ mens are fully equivalent to the corresponding in- 


for a fcc nickel-iron alloy.* The prevalence of this formation obtainable from quantitative pole figures. 
type of orientation, near (123) [412], in the rolling The view that a sheet texture could be adequately 
texture of aluminum and of copper was later con- determined by means of two photographic quasi- 
firmed by means of quantitative diffractometer fiber texture patterns is obviously erroneous’. 
methods. ° The question as to the consistency with the (220) 


However, in a recent paper’ J ones and Fell stated pole figure of ideal orientations derived from the 
that the (110) [112] and (112) [111] double texture was (111) and (200) pole figures is, on the other hand, 
in better agreement with the measurements of Young’s_ certainly very relevant. Since no quantitative (220) 
modulus for cold-rolled copper.*® These authors also __ pole figure for cold-rolled copper appears to be 
expressed their belief that the ‘‘roll texture’’ canbe available in the literature, the following work was 
determined by means of two photographic quasi-fiber undertaken. 
texture patterns taken with sheet specimens rotated 
around the rolling direction and the transverse di- EXPERIMENTAL METHOD 
rection, respectively. Jones and Fell found’ that the An extruded rod of OFHC copper, 1 in. in diam, 
results obtained from such patterns for cold-rolled was given alternate rolling (30 to 35 pct R.A) and 
nickel did not agree with any of the orientations 
mentioned above, but they suggested that the ob- 
served diffraction spots may have been brought about 
by the overlapping of reflections due to the (110) 
[112] and (112) [111] double texture components. 
Jones and Fell concluded that the (123) [412] type 
orientation is inconsistent with their patterns. They 
also stated, without offering any supporting evidence, 
that this orientation is inconsistent with the (220) 
pole figure. 

‘Ideal orientations’’ are often used for a very 
rough description of the principal orientations en- 
countered in a texture. It is, however, well to re- 
member the fact that, no matter how ‘‘accurate’’, 
these ideal orientations are only schematic repre- 
sentatives of a continuous distribution®, which often 
(as in the case of rolled copper) includes extensive 
orientation spreads. The attempt by Jones and Fell’ 
to use elastic modulus data in deciding between 
various ideal orientations in the rolling texture of 
copper neglects this fact. 
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Fig. 2—(111) pole figure for inside texture of copper rolled 
96 pct R.A.° Intensities in arbitrary units. The (111) poles 
for the three orientations given in Fig. 1, are marked with 
the same symbols. Circles with crosses mark the (111) 
poles for a (5, 8, 14) [11, 5, 7] type orientation. 


annealing treatments (45 min at 600°C) to a thick- 
ness of 0.5 in. After a penultimate anneal for 45 
min at 550°C, the rod was rolled to 96 pct R.A. The 
strip was reversed end to end between passes. 

A specimen cut from the rolled strip was etched 
on one side to half its thickness, so that the center 
of the sheet was exposed. The (220) pole figure was 
determined at the etched surface, using the Schulz 
reflection technique,*° from 0 to 70°deg from the 
N.D. in all four quadrants in increments of 2.5 to 
5 deg of both the azimuthal and the tilting angle. The 
correction factor for the defocusing effect’ was de- 
termined experimentally as a function of the tilting 
angle, with the help of a random specimen prepared 
from copper powder. The peripheral part of the 
pole figure from 50 to 90 deg from the N.D. was 
determined in one quadrant, using the transmission 
technique of Decker, Asp, and Harker,” in incre- 
ments of 2.5 to 5 deg of both the azimuthal and the 
tilting angle. For the transmission work the speci- 
men was etched on both sides to approximately 1/10 
of its thickness. Correction for diffracting path 
length and absorption path length was calculated with 
the experimentally determined value of pt = 1.65. 


Fig. 3—(200) pole figure for inside texture of copper 
rolled 96 pct R.A.* The(200) poles of the four orienta- 
tions given in Fig. 2 are marked with the same symbols. 
Using the data from the overlapping regions, the in- 
tensities of the transmission portion were adjusted 
to be consistent with those of the reflection portion 
of the pole figure. The dotted portions of the pole 
figure, Fig. 1, were not determined experimentally, 
but drawn symmetrically with respect to the meas- 
ured quadrant. 


RESULTS 


The (220) pole figure, Fig. 1, in conjunction with 
the (111) and (200) pole figures determined earlier,’ 
Figs. 2 and 3, indicates that the orientation distribu- 
tion, which includes extensive spreads, might be 
roughly described in terms of eight components iden- 
tifiable with the following ideal orientations: 

Four components near to orientations of the type 

(135) [211] 

Two components of the (112) [111] type 

Two components of the (110) [112] type 
The indices, as determined from the location of the 
(220) pole concentrations for the four components of 
the (135) [221] type, were: 1,3.5, 5.2 for the N.D. and 
1, 0.46, 0.53 for the R. D. 

For the sake of clarity, in each pole figure only 
one component of each of the three types of orienta- 
tion suggested above is marked. 


Table |. Intensity Values Associated with the Three Types of Texture Components in the (220) Pole Figure of Rolled Copper 


Estimated Range 

Ideal Orientations of Relative Total 

Characterizing the Volume Fraction 
Types of Texture Minimum Location of Maximum Location of of all Components 
Components Intensity (220) Pole Intensity (220) Pole of a Certain Type 
cps a ¢d cps a d Min. Max. 

Near (135) [211] 78 290 40 166 326 79 312 664 
(112)[111] 86 330 73 102 270 90 192 205 
(110)(112] 35 290 60 65 0 0 70 120 
TRANSACTIONS OF 
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DISCUSSION 


The three orientations suggested above fit fairly 
well all three pole figures. However, it should be 
borne in mind that these ideal orientations, in them- 
selves, by no means represent a complete descrip- 
tion of the texture. A complete interpretation of the 
pole figures would be possible only with the help of a 
three-dimensional inverse pole figure.° 

Table I gives the minimum and maximum intensi- 
ties in the pole figure associated with the location of 
the various (220) poles corresponding to the three 
types of orientation. The difficulties involved in in- 
terpreting the data in terms of ideal orientations 
is shown, for instance, by the lack of consistency in 
the intensity values associated with the different 
poles of a given component. This is particularly 
noticeable in the case of components of the type (135) 
[211] and (110) [112], where the minimum and maxi- 
mum values of peak intensity differ by a factor of 
approximately 2. 

It may be noted also that, while the (135) [221] 
orientation fits the (220) pole figure quite well, the 
(123) [412] orientation, suggested earlier, accounts 
better for the high intensity peak at approximately 
25 deg away from the N. D. in the rolling direction in 
the (111) pole figure. However, in any case, the two 
ideal orientations (123) [412] and (135) [211] are very 
near to each other. All three pole figures are de- 
finitely consistent with four symmetrical texture 
components of a type approximately described by 
these indices. It may be concluded from the data in 
Table I that the volume fraction of the rolled copper 
specimen in the four orientations near (135) [211] is 
larger than the volume fraction in the four orienta- 
tions of the other two types put together. 
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SUMMARY 


1) A quantitative (220) pole figure was determined 
for OFHC copper rolled to 96 pct R.A. 

2) The rolling texture of copper was found to 
comprise eight components of three types, roughly 
described by the following ideal orientations: (135) 
[211], (112) [111] and (110) [112], in addition to very 
extensive orientation spreads. 

3) The volume fraction of the specimen corre- 
sponding to the four components of the type of orien- 
tation near (135) [211] is larger than the volume 
fraction of the four components having the other two 
types of orientation put together. 
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Sulfur Equilibria between Gases and Calcium 


Ferrite Melts 


Calcium ferrite melts were equilibrated with sulfur and 


oxygen-bearing gases at temperatures within the range 1290°C 
to 1620°C. The results show that at oxygen partial pressures 
below 107+ atm the sulfide-reaction occurs and at higher oxy- 
gen pressures the sulfur dissolves in the melt principally as 
sulfate ion. It is also observed that when the product Pso, (Pa,)'? 


increases, sulfate ions ave converted to pyrosulfate ions and 
the results permit the evaluation of the pyrosulfate/sulfate 
ratio, It is shown that the ratio y CaSO,/y CaO increases 
with decreasing concentration of calcium oxide in calcium 
ferrite, silicate and aluminate melts. Indications are that 


oxy-acids, e.g. silica, alumina and ferric oxide, increase 
yCaSO,. A few experiments were carried out within the sul- 
fide range and the results are in accord with those obtained 
by other investigators on aluminate and silicate melts. 


Because of the industrial importance and theo- 
retical interest, many investigators have studied the 
reactions between molten oxides, silicates or alumi- 
nates, and gases containing oxygen and sulfur. The 
early work reviewed by Schenck’ and studies made 
by Bardenheuer and Geller? indicates that solution of 
gaseous sulfur in an oxide melt resulted in the re- 
placement of the oxide ions by the sulfide ions. Meas- 
urements made by Grant and Chipman® on the equi- 
librium partition of sulfur between molten iron and 
complex silicate melts also demonstrated that, for 

a given temperature and silicate composition, the 
distribution of sulfur between slag and metal in- 
creased with decreasing oxygen content of the metal. 
Fincham and Richardson‘ studied the effects of tem- 
perature and partial pressures of sulfur and oxygen 
on the solubility of sulfur in simple silicate and 
alumino-silicate melts. They observed that at oxy- 
gen partial pressures below about 10-5 atm sulfur in 
the gas dissolved in the melt as sulfide ions, replac- 
ing an equal number of oxide ions of the melt. At 
oxygen partial pressures higher than 107% atm, sul- 
fur entered the melt as sulfate ions. Similar studies 
were made by St. Pierre and Chipman 5 using calcium 
ferrite and calcium silico-ferrite melts. 

The experimental data presented in this paper were 
obtained in this Laboratory about 10 years ago; this 
is the first formal presentation although a prelimi- 
nary report was given previously.® In each of these 
experiments, a pure synthetic CaO-Fe,0; melt ina 
platinum crucible was equilibrated with a gas mix- 
ture (SO,-O,, SO.-air, SO.-CO, or SO,-CO.-CO) at a 
temperature ranging from 1290° to 1620°C. 

The experimental technique was essentially the 
same as that reported by Darken and Gurry,’ the 
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main difference being that the atmosphere in the re- 
action chamber contained sulfur dioxide together 
with oxygen, or carbon dioxide-carbon monoxide 


Table |. Experimental Data on Fe-Ca-O Melts Equilibrated 
With SO,-0, Mixtures at 1-Atm Total Pressure 


Composition of Melts* 


Time of Ingoing 
Temp., Reac- Wt Pct Mole Pct 
No. °C tion,Hr FeO’ Fe,0, FeO ‘Fe, 0, Pct SO, 


49 1615 2.5 (0.0) 


37 1622 4.5 0.3 S29) 0.4 28.5 7.77 
41 1621 4.5 (1.4) (51.8) 0.15 (1.6) (27.5) 
48 1622 5 (4.3) (61.3) 0.19 (5.6) (35.8) 30.9 
47 = 1618 2.0 62.0 0.14 2.6 36.7 17.35 
599 47 63.4 0.058 2.3 38.0 7.80 
50 1618 5 Ley 62.8 0.018 2.2 37.4 4.10 
46 1624 17 (4.6) (68.6) 0.008 (6.6) (44.2) 7.77 
36 16 (0.6) (53.0) 2.86 (0.7) (29.8) 
28 «41505 21 (1.5) (64.2) 0.33 (2.0) (39.0) 7.90 
58 1498 65 (1.4) (63.7) 0.15 (1.9) (38.2) 4.32 
62 1507 70 (1.4) (63.8) 0.06 (1.9) (38.5) 2.37 
60 1501 20 (1.4) (63.8) 0.028 (1.9) (38.4) 0.92 
30 1499 21 (2.8) (70.0)  0.038° (4.0) (45.5) 7.93 
26 1507 22 (2.8) (70.0) 0.028 (4.0) (45.5) 7.88 
29 1499 23 (10.7) (80.5) 0.001 (18.4) (62.2) 7.90 
45 1404 90 (0.9) (62.8) 2.56 (1.2) (38.9) 7.82 
56 1408 115 1.7 70.7. 0.029 2.5 46.2 2.01 
57 1404 65 (1.7) (70.6) 0.22 (2.5) (46.1) 8.75 
35 1399 66 (4.0) (69.6) 0.53 (5.8) (45.7) 16.22 
25 1398 24 (2.0) (70.7) 0.18 (2.9) (46.4) 7.90 
33 1411 66 (2.0) (70.7) 0.17 (2.9) (46.4) 7.90 
34 1403 69 (2.0) (70.8) 0.053 (2.9) (46.3) 4.10 
16 1401 18 (3.5) (76.0) 0.008 (5.5) (53.4) 7.79 
31 1401 23 (3.5) (76.0) 0.0124 (5.5) (53.4) 7.90 
17 «61397 18 (8.0) (83.0) 0.004 (14.1) (65.6) 7.74 
44 1359 89 (1.5) (71.0) 0.35 (2.2) (46.7) 7.74 
20 1291 70 (1.6) (77.5) 0.079 (2.5) (55.1) 7.86 


*Compositions in parentheses were determined by interpolation as discussed 
in the text; others are by direct chemical analysis. 

bBalance in the gas was air. 

“Initially this sample contained 0.46 pct S. 

d[nitially this sample contained 0.025 pct S. 
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Table Il. Experimental Data on Fe-Ca-O Melts Equilibrated 
With $0,-CO,-CO Mixtures at 1 Atm Total Pressure 


Time Composition of Melts@ 
of Re- Ingoing Gas 
Temp., action, Wt Pct Mole Pct Mixture, Pct 

No °C FeO FeO, S FeO Fe,0,; SO, CO, CO 
39 1622 4.5 (16.4) (44.3) 0.041 (18.9) (23.0) 6.15 81.69 12.16 
38 1622 4.5 9.2 48.2 0.005 10.8 25.3 6.01 87.99 6.00 
40 1621 5 6.4 49.6 0.010 7.5 26.2 6.07 91.23 2.70 
42 1619 6 3.8 51.0 0.024 4.5 27.1 6.07 93.93 0 
53 1619 4 68.7 31.2 0.12 83.0 17.0 6.04 76.26 17.70 
52 1505 18 71.8 27.6 0.60 85.3 14.7 6.04 76.26 17.70 
51 1433 18 (69.3) (29.2) 1.55 (84.1) (15.9) 6.04 77.66 16.30 


*Compositions in parentheses were determined by interpolation as discussed 
in the text; others are by direct chemical analysis. 


mixtures. The calcium ferrites of required com- 
positions were prepared by melting in platinum 
crucibles mixtures of analytical grade ferric oxide 
and calcium carbonate. The sample, weighing 2 to 

4 g and contained in a platinum crucible, was sus- 
pended in the controlled atmosphere of the inner 
porcelain tube of a vertically mounted tubular globar 
furnace. The temperature of the furnace was con- 
trolled within +2°C; the calibration of the thermo- 
couple (Pt/10 pct Rh-Pt) was checked frequently. 
After equilibration, the sample was rapidly pulled 
into the cool top of the furnace tube. Preliminary 
experiments indicated that two to three hours were 
adequate to reach equilibrium, but in subsequent ex- 
periments much longer reaction time was allowed. 


RESULTS 


The results obtained from experiments using 
SO,-O, mixtures, and in one case SO,-air mixture, 
are given in Table I; in Table II are the results from 
experiments using SO,-CO,-CO mixtures. The re- 
sults in Table III were obtained by equilibrating a 
basic open-hearth slag with SO,-O, mixtures at 1600° 
to 1630°C., 

A number of samples, as indicated in Tables I and 
II, were analyzed for ferrous and ferric oxide con- 
tents. It should be pointed out that the results on 
melts 37, 47, 5, and 50 were previously reported by 


Table Ill. Equilibration of an Open Hearth Slag Sample 
With SO, + 0. Mixtures at 1 Atm 


Initial Slag Composition: 
40.59 pct CaO 


pet S 
bie ie Pct SO, (Gas)* Pet S (slag) 
1600 7.90 0.177 
1607 7.90 0.177 
1614 0.30 0.005 
1615 3.95 0.067 
1611 9.25 0.159 
1617 17.50 0.290 
1630 16.00 0.200 


*Balance is oxygen. 
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Fig. 1—Composition diagram of Fe-Ca-O melts equilibrated 
with oxygen at 1-atm pressure. 


Gurry and Darken® in connection with their study of 
the state of oxidation of iron in Fe-Ca-O melts. The 
effects of temperature, oxygen partial pressure, and 
calcium oxide concentration on the state of oxidation 
of iron in these melts are well established. For the 
present purpose these data are given graphically in 
Fig. 1 where ferric oxide concentration is plotted 
against the ratio pct CaO/pct Fe for 1-atm pressure 
of oxygen by using the results of Gurry and Darken® 
and those of White;® similar diagrams may also be 
drawn for other oxygen partial pressures, 

Since there is very little or no reaction between 
the platinum crucible and iron oxides at high oxygen 
partial pressures, the ratio pct CaO/pct Fe in the 
melt does not alter during the experiments with oxy- 
gen and sulfur-bearing gases, and since the compo- 
sition of the original sample is known, any change 
in ferric oxide concentration after remelting. in a 
controlled atmosphere can be estimated by the data 
in Fig. 1. In order to check the calculated composi- 
tions, most of the samples were analyzed for total 
iron; they agreed within +0.5 pct with the calculated 
values. 

All the samples were analyzed for total sulfur by 
the gravimetric method; at sulfur contents below 0.2 
pet, the analysis was reproducible within about 5 pct 
of the amount present, but at higher concentrations, 
agreement between duplicate analyses was much 
closer. The overall reproducibility of the data is 
somewhat poorer. 

The time required for equilibration was further 
checked by experiment 30 where the sample initially 
had a very high sulfur content, 0.46 pct; after 21 hr 
of reaction time, this was reduced to 0.038 pct, in- 
dicating by comparison with experiment 26 (initial 
%S ~ 0, final %S = 0.028%) that equilibration is about 
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98 pct complete in this time (part of the difference 
is attributable to temperature difference). 

Most of the experiments were carried out with 
oxygen, containing 2 to 31 pct sulfur dioxide; in seven 
experiments, Table II, sulfur reaction was conducted 
at much lower oxygen partial pressures. 

In experiment 49, pure calcium oxide was reacted 
with 31 pct SO,-O, mixture and the appearance of the 
sample, containing 14.35 pct S after the experiment, 
indicated that it had been molten at the time of reac- 
tion at 1615°C. In the experiments 51, 52, and 53, no 
calcium oxide was added to the iron oxide melts. The 
ratio Fe*+/Fe?* in these melts are found to be in 
agreement with those of Darken and Gurry,*° and 
those in melts 38, 40, and 42 are concordant with the 
ratios Fe*+/Fe?* in calcium ferrite melts determined 


by Larson and Chipman,”4 


DISCUSSION 

The two principal equilibria to be considered are: 
SO, (g) + O*-(slag) = 3 0, (g) + S*-(slag) [1] 
and 
SO, (g) +5 O, (g) + O?-(slag) = SO?-(slag) [2] 


For a given temperature and melt composition, the 
oxide ion activity of the slag will be constant and at 
low sulfur concentrations the activity coefficient of 
sulfur (for any given species) will also remain con- 
stant. Under these conditions, and for a given partial 
pressure of sulfur dioxide in the reaction zone, the 
plot of log (%S) against log po, will be linear with a 
slope of —3/2 for reaction [1] and 1/2 for reaction 
[2]. This is partly illustrated in Fig. 2 for melts at 
1620°C and molar ratio CaO/Fe.O, = 2.5. It will be 
noticed that the curve for the sulfate reaction devi- 
ates from the theoretical line progressively as the 
oxygen partial pressure decreases. The following 


two reasons may account for this observation: 1) With 


decreasing oxygen partial pressure some of the tri- 
valent iron is reduced to the divalent state, and as 

a result, oxide ion activity of the melt increases 
slightly; 2) with decreasing oxygen partial pressure, 
sulfate reaction is progressively replaced by the 
sulfide reaction, i.e. the ratio sulfide ions/sulfate 


Log 


Fig. 2—Variation of sulfur content of Fe-Ca-O melts with 
partial pressure of oxygen. Molal ratio CaO /Fe,O3 = 2.5, 
temp. 1620°C and total sulfur as SO, = 6.1 pct or 7.8 pct. 
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Fig. 3(a)—Plot for illustration of sulfate and pyrosulfate 
reactions in Fe-Ca-O melts. 


ions increases. These effects give rise to a higher 
total sulfur content in the melt. Similar reasoning 
will also apply to the sulfide curve as drawn by 
broken lines in Fig. 2. However, it is apparent that, 
under the conditions given in Fig. 2, the transition 
from sulfide to sulfate reaction takes place at a par- 
tial pressure of oxygen of about 10-* atm. 
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Fig. 3(b)—Plot for illustration of sulfate reaction in O-H 
slag at 1615°C. 
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Sulfate-Pyrosulfate Reaction—In Fig. 3(a), log (%S) 
is plotted against log[p.<o, (po,)'/2] for melts at 1500° 


and 1400°C having molecular composition ratios, 
CaO/Fe,O; = 1.5 and 1.0, respectively. It follows 
from reaction [2] that, if all the sulfur in the melt 
(at nearly 1-atm partial pressure of oxygen) were in 
the sulfate form, the curves in Fig. 3(a) should have 
been linear with the slope of one. However, it is 
seen that with increasing sulfur content, the slopes 
of the curves become greater than one and gradually 
attain the slope of two, indicating the formation of 
pyrosulfate ions. Although the data in Fig. 3(a) are 
limited, there is little doubt about this gradual tran- 
sition from sulfate to pyrosulfate-reaction with in- 
creasing sulfur content. At temperatures above 
1600°C, there is very little or no pyrosulfate ion in 
the melt as illustrated by the results in Fig. 2 and 
Fig. 3(b), the latter being for experiments with an 
open hearth slag at 1615°C (see Table III). With in- 
creasing sulfur content of the melt, the slope of the 
curve in Fig. 3(b) deviates only slightly from that of 
the sulfate-reaction. A further evidence in support 
of the pyrosulfate-reaction may be obtained by con- 
sidering the results of Fincham and Richardson‘ as 
plotted in Fig. 4. In the study of the behavior of sul- 
fur in molten oxides, silicates, and so forth, due con- 
sideration must therefore be given to the pyrosulfate- 
reaction at high sulfur dioxide and oxygen partial 
pressures especially at lower temperatures. 

The pyrosulfate-reaction may be represented by 
the following equation: 

[3] 


2SO, (g) + O, (g) + (slag) = S,07- (slag) 


SLOPE ron 
$207 
REACTION 


A-SLOPE FOR 
S04 REACTION 


-| 
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Fig. 4—Plot for illustration of sulfate and pyrosulfate-reac- 
tions in CaO-Al,03-SiO, melts. (Using the data of Fincham 
and Richardson4). 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


For a given composition of the melt, z.e. for con- 
stant oxide ion activity and sulfur activity coefficient, 
the equilibrium constants for reactions [2] and [3] 
are: 


(7S) 


Deon [4] 


1 
3= 
(Pso.* Po 
where sulfate and pyrosulfate concentrations are in 
terms of sulfur concentrations (%S), and 5 (%S)p, 


respectively. 
If both sulfur-reactions occur simultaneously, the 
total sulfur content can be formulated as follows: 


(%S) = (%S), + (%S), = [kp + 2RsP sop (Pop) 2] 


[6] 
by rearranging 
= ky + 2RsPs0, (Po,)/2 [7] 


Eq. [7] is applied to all the experimental data (of 
Table I) and in Fig. 5, (%S)/[Pso, (po,)|'/2 is plotted 
against the product pso, (po,)'/2. The partial pres- 
sures are in atmospheres, and since at oxygen par- 
tial pressures encountered here, e.g. from 0.2 to 0.99 
atm, dissociation of sulfur dioxide to monatomic sul- 
fur, molecular sulfur, sulfur monoxide or oxidation 
to sulfur trioxide takes place only to a very small ex- 
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Fig. 5—Plot for determination of pyrosulfate/sulfate ratio 
in Fe-Ca-O melts. 
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Fig. 6—Variation of log kg with temperature. 
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tent, the partial pressures of sulfur dioxide in the 
reaction zone are taken to be the same as those in 
the ingoing gas mixtures. In Fig. 5 are also included 
the points derived from the experimental data in 
Table III on an open-hearth slag equilibrated with 
SO,-O, mixtures at 1615°C. From the slopes and 
intercepts of the lines the values of k, and k, may 
be obtained. The ratio k,/k, =k, is for the reaction 


SO}- + SO, +50, = S,03- [8] 


In Fig. 6, log k, is plotted against 1/7; this plot 
suggests that k, is substantially independent of the 
composition of the oxide melt. The heat of reaction 
[8] derived from the slope of the line in Fig. 6 cor- 
responds to AH = -61 kcal. Practically nothing is 
known about the thermodynamic properties of pyro- 
sulfates. However, the heat of formation of K,S.0, 
was measured by Berthelot” (-—475.4 kcal per mole 
at 18 C), combining this value with the heats of for- 


mation!’ of K,SO, and SO., the heat of reaction K,SO, + 


SO, + (1/2)O, = K,S,07 corresponds to AH = -61.8 
kcal which agrees remarkably well with that derived 
from Fig. 6 for reaction [8]. 

The value of log kg derived from the data of Fin- 
cham and Richardson,‘ Fig. 4, for a melt containing 
41 pct CaO, 52 pct Al,O, and 7 pct SiO,, is higher 
than that given in Fig. 6 by about 1.6 to 1.8 which 
corresponds to the difference of about 14 kcal in the 
free energy term for reaction [8] for these two sys- 
tems. 


468-VOLUME 221, JUNE 1961 


1700 1600 1500 
om T T 


600 1300 °C 
T 


~ PRESENT WORK~ 


10/, 


ST.PIERRE & 
CHIPMAN® 
: 
5.0 a 6.0 6.5 


Fig. 7—Variation of log k, with temperature and composition 
of Fe-Ca-O melts. Mole fractions of CaO are given in 


brackets. 


Sulfate-Reaction—Using values of k, from Fig. 6, 
k, was calculated for each melt in Table I; in Fig. 7, 
log k, is plotted against 1/T for constant calcium 
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Fig. 8—Variation of AH, (for reaction [2]) with composition 


for Fe-Ca-O melts. 
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Fig. 9—Variation of log k, with temperature and composi- 
tion of Fe-Ca-O melts. 


oxide contents; k, obtained for the CaO-CaSO, melt 
(49) appears to be in general agreement with those 
of calcium ferrite melts. The two points shown by 
solid circles are derived from the results of St. 
Pierre and Chipman’ (melts equilibrated with p50, = 
1 atm at 1550°C). The heat of reaction [2] AH, 
calculated from the slopes of the lines in Fig. 7, is 
plotted in Fig. 8 against the calcium oxide concen- 
tration. According to the equilibrium data of Zawad- 
ski’ for the reaction CaO + SO, + (1/2)0, = CaSO,, 
AH, = -108.4 kcal; the recent measurements made 
by Dewing and Richardson’® give AH, = -111.0 kcal. 
The mean of these two values is used in Fig. 8 for 
pure calcium oxide. 


In Fig. 9, log k, is plotted against the concentra- 
tion of calcium oxide for temperatures 1300°, 1400°, 
1500°, and 1600°C. The dotted curves are the phase 
boundaries (of the Fe-Ca-O system) where the melt 


is saturated with calcium oxide (at 1500° and 1600°C) 


or with dicalcium ferrite (at 1300° and 1400°C) at 1- 
atm pressure of oxygen. 

In Fig. 10, log k, for 1650°C for Fe-Ca-O melts is 
compared with those for Al-Ca-O and Si-Ca-O melts 
derived from the data of Fincham and Richardson.‘ 

It will be deduced from reaction [2] and Eq. [4] that 
increase of k, with increasing calcium oxide con- 
centration is brought about by a decrease in the ratio 
y /a>?- or in the ratio yc,50,/@cao; more details 


on the values of ycaso, and de,o will be given later 
in the discussion. 
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Fig. 10—Comparison of sulfate reaction in Fe-Ca-O, Si-Ca-O, 


and Al-Ca-O melts at 1650°C. 


Sulfide-Reaction—As pointed out in the early part 
of this paper, at oxygen partial pressures below 10-4 
atm, the sulfur in the melt exists predominantly as 
sulfide ions. In terms of sulfur and oxygen partial 
pressures, reaction [1] may be rewritten as: 


38, (g) + (slag) =350, (g) + (slag) [9] 


and for a given composition and temperature, 
(%s) (Po,)'/2 

In order to evaluate Rk, from the results in Table II, 
gas partial pressures are calculated from the com- 
position of the ingoing gas. In these computations, 
the free energies of formation of S and SO are taken 
from the work of Dewing and Richardson’* and those 
of SO,, SO,, COS, CO, and CO, from the data com- 
piled by the National Bureau of Standards.’” The par- 
tial pressures of oxygen and sulfur in the reaction 
for melts in Table II are given in Table IV. 


[10] 


Table IV. Calculated Data on Partial Pressures of Oxygen 
and Sulphur for Melts in Table II 


In Atm 
Po, Ps, 


1622 1.32 x 10-* 8.03 x 10-* 
1622 7.82 x 10-* 2.24 x 10-” 


1621 
1619 
1619 
1505 
1433 


3.35% 16- 
3.94 x 10-3 
5.13 x 10-° 
5.31 x 107’ 
1.32 x 10-’ 


1.26 x 10-* 
8.48 x 10-" 
2.80 x 10-5 
1.31 x 
2.42 x 10 
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Fig. 11—Variation of log kg with temperature and composi- 
tion of Fe-O melts. 


Log k, derived from the results on Fe-O melts in 
Table II are plotted in Fig. 11 against the ferric 
oxide concentration, The calculated points are for 
melts in equilibrium with solid or liquid iron using 
the reaction equilibria and thermal data as computed 
by Fincham and Richardson.‘ Although there are in- 
sufficient data, the curves follow the expected pat- 
tern, i.e. k, decreases with decreasing temperature 
or increasing ferric oxide concentration. 

According to Fig. 2, in melt (39) mainly the sulfide- 
reaction takes place, but melt (38) may contain some 
sulfate ion; therefore, in calculating Rk, for this melt 
a small correction is made for the presence of a small 
amount of sulfate ion, e.g. using the data in Fig. 7, 
sulfate-sulfur in melt (38) is found to be 0.008 pct. 

In Fig. 12, log k, is plotted against the concentration 
of calcium oxide. The point at zero calcium oxide is 
obtained by extrapolating the curve in Fig. 11 for 
1620° to Nr.,0, = 0.24 which is the average ferric 


-1.0 T 4 
Fe-Ca-0 
(1620°) 
-2.0F- 
= 
Fe-Co-O0 PRESENT WORK Al-Ca-0 
(1650°) 
-0 
(1650°) 
-4.0 
0 0.2 0.4 0.6 


Ca0,MOLE FRACTION 


Fig. 12—Comparison of sulfide-reaction in Fe-Ca-O, 
Al-Ca-O, and Si-Ca-O melts. 
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oxide concentration for melts (38) and (39). The 
curves for the systems Al-Ca-O and Si-Ca-O are 
taken from the work of Fincham and Richardson.‘ 
The relative positions of the curves in Fig. 12 are 
not similar to those in Fig. 10 for the sulfate-reac- 
tion. The main difference is that the relative posi- 
tion of the curve for Fe-Ca-O melts in Fig. 12 is 
reverse to that of the curve for Fe-Ca-O melts in 
Fig. 10. This may be due to the presence of higher 
concentrations of ferrous oxide at low oxygen partial 
pressures when the sulfide-reaction occurs. 

In connection with Fig. 12, reference should be 
made to the work of St. Pierre and Chipman;® log k, 
calculated from their results for Si-Ca-O melts, 
(containing less than 1 pct Fe), are about 1.2 log 
units higher than those of Fincham and Richardson.‘ 
St. Pierre and Chipman used SO,-CO mixtures at a 
total pressure of 1 atm; it is possible that under 
these experimental conditions sulfur deposition might 
have occurred in the cooler part of the reaction zone, 
and therefore, any calculations of sulfur and oxygen 
partial pressures are apt to be erroneous and may 
account for high k, values obtained from their results* 


*In a series of experiments carried out in the Chemistry Department 
of the British Iron and Steel Research Association (London) using 
SO, + CO mixtures over silicate melts, heavy deposition of sulfur in 
the inlet and outlet sides of the reaction tube was observed. 

Activity Coefficients of Calcium Sulfate and Fer- 
rous Sulfide—From thermal data,” the free energy 
change for the reaction FeO + CaSO, = FeSO, + CaO 
at 298.16°K is found to be +32.3 kcal per mole and 
since the entropy change is negative, z.e. about 
-4.3 cal per deg mole, the formation of ferrous sul- 
fate will be even less favorable at higher tempera- 
tures. Therefore, it can be assumed that the sulfate 
ions are principally affiliated with calcium ions 
rather than ferrous ions; 


CaO + SO, + 5 O, = CaSO, [11] 
and the thermodynamic equilibrium constant is 

a a 
K ce [12] 


P so, (Po,)!/2 
and in terms of activity coefficient, it becomes 
Pso, (Po2)/2 Acao 
where n is a factor to convert wt pct S to mole frac- 


tion of calcium sulfate. Combination of Eqs. [4] and 
[13] gives 


K, 


For the standard states of solid calcium oxide and 
calcium sulfate and one atmosphere pressure for the 
gases, log K, can be calculated for various tempera- 
tures by extrapolating the equilibrium data of Zawad- 
ski!* and of Dewing and Richardson,** thus 


7 log K,* log K,** log K,*** 
1300 2.835 3.046 2.78 
1400 1.920 2.124 1.95 
1500 1.122 1.307 1.21 
1600 0.420 0.576 0.54 
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*Using the equilibrium data of Zawadski.** 
**Using the equilibrium data of Dewing and Richardson.'* 
***Using the thermal data.’’ 


There is a reasonable agreement between the val- 
ues of log K, determined by equilibrium measure- 
ments‘*,15 and those derived from the thermal data,” 
particularly at higher temperatures. In the following 
calculations of y¢,50,, a mean value of K,* and K,** 
will be used. 

As indicated in Fig. 9, at po, = 1.0 atm, the melts 


containing 0.685 and 0.715 Nc,o are saturated with 
solid calcium oxide at 1500° and 1600°C, respec- 
tively. The value of yc.s0, can, therefore, be calcu- 
lated for calcium oxide-saturated melts, e.2. ycaso4 = 
27.9 and 19.8 for 1500 and 1600°C, respectively. 

The liquidus curve of CaO—CaSO, system is not 
known except that, as reported by Newman,*® there 
appears to exist a eutectic mixture of a CaSO, and 
CaO at about 1365°C containing probably less than 
12 pct CaO. Since the melting points’? of CaO and 
CaSO, (about 2600° and 1400°C) differ considerably, 
it is reasonable to assume that the melt (49) in Table 
Iis near or at calcium oxide-saturation. On this as- 
sumption, Ycaso, in the CaO-CaSO, melt is found to be 


about 2, and using the approximate slope of the line 
in Fig. 7 for Nr.,0, = 0, it appears that yq,so, can be 


assumed to be independent of temperature within the 
range 1500° to 1650°C; although the calculations are 
approximate, errors should not be more than +50 pct. 
It should be noted that increase in the ferric oxide 
concentration of calcium ferrite melts from 0 to 0.3 
Ny,,0, (saturated with calcium oxide) increases the 


value of ycaso, by a factor of about 10 to 15. 


For the sulfide reaction in Fe-O melts the follow- 
ing reaction may be written: 


FeO + 5S = FeS + 50, [15] 
and the equilibrium constant becomes 
= (Po,)*/2 [16] 


(ps,)/2 


The free energy change associated with reaction 
(15) was computed by Richardson and Fincham”® by 
combining various equilibrium and thermal data and 
Yres was taken equal to 1.5 as computed by Chipman?? 
However, recent studies of Bog and Rosenqvist?* on 
the thermodynamics of iron sulfide-iron oxide melts 
indicate that the pseudobinary mixture FeS-FeO is 
nearly ideal, but yz,., is above unity as the metalloid 
content increases above the stoichiometric amounts, 
The values of K, derived from the calculations of 
Richardson and Fincham are therefore corrected for 
Yres = 1.0 and the values for the melts (51), (52), and 
(53) are given below for the standard states of liquid 
FeO and liquid FeS in equilibrium with iron. 


log Kg 
1619 -2.570 
1505 —2.758 
1433 —2.888 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Using the data of Darken and Gurry,” the activity of 
ferrous oxide in melts (51), (52), and (53) are calcu- 
lated (on the assumption that a small percentage of 
sulfur does not affect af,o); and inserting these 
values in Eq. [16] together with the experimental 
data on melts (51), (52), and (53) in Table II and K, 
given above, the activity coefficient of ferrous sul- 
fide is found to be 1.1, 2.0, and 1.7 for melts (51), 
(52) and (53), respectively. A mean value for ys,; 
may be taken as 1.6 at Np,,0, = 0.16 and 1400° to 
1600°C., 

General Considerations—As already pointed out, 
the activity coefficient of calcium sulfide or sulfate 
can be derived from the equilibrium data on sulfide 
or sulfate-reactions provided the activity of cal- 
cium oxide in the melt is known, Fincham and 
Richardson‘ obtained a value of about 5 for yq,, and 
Ycaso, and they expressed the view that these ac- 
tivity coefficients were almost independent of the 
composition of the calcium silicate melts. 

Carter and Macfarlane?* measured the sulfide- 
equilibrium in calcium aluminate melts and on the 
assumption that yce,, did not vary with composition, 
they calculated the activity of calcium oxide. 

Recently Chipman** calculated the activity of cal- 
cium oxide in CaO-SiO, and CaO-Al,O, melts. If 
these activity data are applied to the above men- 
tioned sulfur equilibrium data, it is found that for 
1500°C yc,s and yce,so, increase i) from about 2 to 
20 as Ngo, increases from 0 to 0.5 and ii) from 2 


to 40 as Naj,0, increases from 0 to 0.4. The results 


of these computations are not given here in a tabular 
or a graphical form as it is felt that the degree of 
accuracy of the computed data on the activity of cal- 
cium oxide is not certain, particularly those for the 
calcium silicate melts, for which different values 
of silica activity have been reported by different 
workers,?5,26 

However, the above values of yc,s0,, though given 


tentatively at present, are in line with those obtained 
for calcium ferrite melts saturated with calcium 
oxide, and therefore, it may be stated generally that 
the value of ycaso, increases with increasing concen- 
tration of oxy-acids, e.g. SiO,, Al,Os, or Fe20s. 

The experimental results given in this paper on the 
sulfate-reaction in calcium ferrite melts extend over 
a wide composition range, and therefore, it should be 
possible to derive the values of yc,so, in ferrite melts, 
if the activity of calcium oxide therein is known. Lar- 
son and Chipman?” computed the activity of calcium 
oxide in Fe-Ca-O melts for 1550°C for applying the 
Gibbs-Duhem integration using the experimentally 
measured oxygen activities?* on this system. How- 
ever, close examination of their computed data re- 
veals that the activities of CaO, FeO, and Fe,O, do 
not interrelate in a manner dictated by the Gibbs- 
Duhem equation (see for example a paper by Schuh- 
mann?? on the application of Gibbs-Duhem equation 
to ternary systems). Further calculations indicate 
that their values on the activity of calcium oxide ap- 
pear to be somewhat high for the calcium ferrite 
melts. 

The activities in the Fe-Ca-O melts are now being 
computed by the authors and the results on the oxide 
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Fig. 13—Variation of log yea 50, /Yc,0 With composition of 
calcium ferrite, silicate, and aluminate melts at 1650°C. 
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activities together with the values of yc,50, will be 


given in another paper. 
By rearranging Eq. [14] the following expression 
may be obtained 


_ K2Ncao [17] 
Ycao k,n 

Using the results in Fig. 10 the values of yc,50,/Ycao 

may be obtained for calcium ferrite, silicate, and 

aluminate melts at 1650°C. As seen from the plot 

in Fig. 13, the ratio yc,so4/Ycao increases appreci- 

ably with decreasing concentration of calcium oxide. 

Although there are only two points for the calcium 

silicate melts, indications are that they lie about the 

curve drawn for the ferrite melts. 

If the activity coefficient of calcium oxide in fer- 
rite melts does not change by a factor of 100 or 
more over the composition range studied, the rela- 
tionship in Fig. 13 would indicate that the activity 
coefficient of calcium sulfate may increase appreci- 
ably with decreasing calcium oxide concentration, 
suggesting the existence of a limited miscibility in 
the calcium sulfate-calcium ferrite melts. In fact, 

a few preliminary experiments carried out at 1500°C 
showed that there is a liquid miscibility gap in the 
ternary systems CaO-CaSO,-Fe,0, and Na,O-Na,SQ,- 
Fe,0,. The results on the miscibility gap measure- 
ments for these systems will be given elsewhere on 
the completion of the work. 


SUMMARY AND CONCLUSIONS 


When sulfur-bearing gases are equilibrated with 
calcium ferrite melts, sulfur dissolves in the 
melt as sulfide ions by replacing an equivalent num- 
ber of oxide ions when the oxygen partial pressure 
in the gas is below about 107* atm. With increasing 
oxygen partial pressure, the sulfide ions are con- 
verted to sulfate ions and some oxygen dissolves in 
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the melt. However, as the product ps0, Po,’/? in- 


creases, the sulfate-reaction is gradually replaced 
by the pyrosulfate-reaction; this change-over is 
gradual but below 1500°C when ps5, Po,'/2 > 0.1, 


most of the sulfur is in the pyrosulfate form. The 
heat of reaction of sulfate — pyrosulfate found from 
the present results (AH, = —61.0 kcal) agrees well 
with that of the potassium sulfate — potassium py- 
rosulfate reaction derived from the thermal data 
(AH, = -61.8 kcal). 

In calculating k, for the sulfate reaction [2], due 
allowance is made for the presence of the pyrosul- 
fate together with the sulfate ions, and the results 
show that k, increases with increasing concentra- 
tion of calcium oxide and decreasing temperature 
and the heat of reaction [2] decreases with increas- 
ing calcium oxide concentration. 

Although there are only a few results on the sul- 
fide-reaction, it can be stated that k, for reaction 
[9] increases with increasing concentration of fer- 
rous oxide or calcium oxide and increasing temper- 
ature. 

The present experimental results compare well 
with those available on the calcium aluminate and 
Silicate melts. 

It is shown that in calcium ferrite, silicate, and 
aluminate melts the ratio y¢,s0,/Ycao increases ap- 
preciably with decreasing concentration of calcium 
oxide and indications are that the activity coefficient 
of calcium sulfate (and presumably that of calcium 
sulfide) increase with increasing concentration of 
silica, alumina, or ferric oxide. At higher concen- 
trations, the effect of ferric oxide is expected to be 
much larger, and in fact, this has been confirmed by 
some recent experimental work which showed the 
existence of a miscibility gap in calcium sulfate- 
calcium ferrite melts. In Fe-Ca-O melts saturated 
with calcium oxide yc,50, = 27.9 and 19.8 for 1500° 
and 1600°C, respectively, while in CaO-CaSO, melts 
Ycaso, iS about 2. 

A series of experiments carried out on an open- 
hearth slag is in accord with the results on the pure 
Fe-Ca-O melts. The plot in Fig. 2 indicates that the 
best condition to desulfurize the slag, for example 
in an open hearth furnace, is to adjust the partial 
pressure of oxygen over the melt to about 10-* atm. 
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ADDENDUM 


At the time this paper was completed, the authors 
became aware of a paper by Dewing and Richardson™ 
on the thermodynamics of mixtures of ferrous sulfide 
and oxide. They equilibrated Fe-S-O melts with 
gases of known partial pressures of oxygen and sul- 
fur. Most of their measurements were made at 
1206°C; two melts were equilibrated at 1433°C and 
one melt at 1100°C. Their results follow a pattern 
Similar to that shown in Fig. 11; that is, as stated 
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ture for Fe-S-O melts containing Np.3+ =0.125. 


in this paper, the equilibrium constant k, decreases 
with increasing ferric oxide concentration of the 
melt. In order to compare the present results with 
those of Dewing and Richardson, their plot log K vs 
ferric iron concentration is extrapolated linearly to 
Ny,3+ = 0.125 (this is the atom fraction of trivalent 
iron, i.e. Np.3+ + Ng.2+ +Ns + No = 1.0) which is 

the average trivalent iron content in Fe-S-O melts 
given in Table II (melts 51, 52, and 53). 

In Fig. 14, log K’ is plotted against 1/T for melts 
containing = 0.125. For a given melt-compo- 
sition and temperature the equilibrium constant K’ 
is for the reaction 


FeO (1) + at, = FeS (1) +50, 


x =Ns 
No p S2 
The agreement between the results is as good as can 
be expected. It should also be pointed out that whilst 
the melts employed by Dewing and Richardson con- 
tained large percentages of sulfur (0.2 to 0.5 Ng), in 
the melts used by the authors N, < 0.02. Since the 
values of K’ derived from the two sets of data are in 
close agreement, it may be stated that the activity 
coefficient ratio yf.5/Yreo is independent of the sul- 
fur content of the melt, but varies only with the con- 
centration of the trivalent iron. 
The line in Fig. 14 may be represented by the fol- 
lowing equation: 
5590 


log K’ = +0.095 at Np.3+ = 0.125 


Assuming that the variation of log K’ with Ny,3+ is 
independent of temperature, the following equation 
may be derived for very low contents of trivalent 
iron in melts in equilibrium with iron, by using the 
slope of the line of log K’ vs Nr,3+ plot for 1206°C 
melts (from the results of Dewing and Richardson); 
thus for melts in equilibrium with iron 
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Fig. 15—The standard free energy change associated with 
reaction ‘FeO’ (1) + 1/2 S, = ‘FeS’ (1) + 1/2 O,. 


log K’ = + 0.50 [21] 


_ 5590 
T 


and the standard free energy change is 
(AF°)’ = 25,570 — 2.29 T cal. [22] 


The standard free energy change associated with 
reaction [18] may also be derived from the known 
thermal data;*! this is plotted in Fig. 15 together 
with that calculated from Eq. [22]. The difference in 
the values of AF° and (AF°)’ is within the limit of 
uncertainty of the data, and therefore, it may be 
stated that in Fe-S-O melts in equilibrium with iron, 


YFes/YFeo ~ 1.0. 

The variation of this activity coefficient ratio with 
composition may be obtained from Eqs. [20] and [21], 
thus within the temperature range 1100°to 1620°C. 


log Yres/YFeo = 3.2 NFe3+ [23] 


It is to be noted that yp.>/ygeo varies with the con- 
centration of ferric oxide in a manner similar to that 


Of Ycaso,/Ycao aS Shown in Fig. 13. 
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Delay Time in Single Crystals of Aluminum, Zinc, 


and Iron 


The delay time for single crystals of iron, zinc, and pre- 
strained aluminum was measured under conditions of high- 
speed deformation. The delay time of aluminum was found to 
be affected by the orientation of the crystal. Under the dy- 


namic conditions employed, the calculated ‘‘activated volume’’ 
term appears to be very small for the three metals studied. I. 


In a previous paper,! it was shown that under dy- 
namic testing conditions at 78°K, there was a delayed 
yield in single crystals of aluminum and copper which 
had been cold-worked prior to testing. The experi- 
mental results also indicated that the delay-time ef- 
fect was not due to the interaction of dislocations 

with impurity atoms or vacancies, but rather to a 
dislocation-dislocation interaction since aluminum 
which has not been prestrained shows no delay-time 
phenomenon. 

In this paper, some data are reported on the ef- 
fects of orientation on the delay time of aluminum 
single crystals; the delay time of zinc single crys- 
tals saturated with nitrogen and the delay time of 
iron single crystals also were measured. 


EXPERIMENTAL PROCEDURE 


Aluminum (99.997 pct) and zinc (99.999 pct) crys- 
tals, 1/2 in. in diam and 8 in. long were grown by 
the Bridgman technique. The iron single crystal was 
supplied by Dr. R. Maddin. The zinc crystals con- 
taining nitrogen were prepared by melting high- 
purity zinc in a graphite crucible and the nitrogen 
was introduced by additions of ammonium chloride. 
The liquid zinc was then drawn up into glass tubes 
of 1/2 in. diam and allowed to solidify. The rods 
were cooled to room temperature before the trans- 
fer to the mold for conversion into single crystals. 
The orientation of all specimens was determined by 
the Laue’ back-reflection technique, Fig. 2 and 
Table I. 


R. Kramer 


ends carefully machined. The specimens then were 
electrolytically polished to remove the cold-worked 
metal, mounted in a special fixture and hand-lapped. 
As a final step, the crystals were annealed in evacu- 
ated tubes. Specimens of aluminum crystals, Nos. 
24 and 26, were compressed 0.5 and 2 pct, respec- 
tively, in the direction of the later impact. 

The zinc specimens were aged at 50°C for 15 min. 
In the case of iron, only two specimens could be ob- 
tained. To obtain sufficient data, it was necessary to 
resort to a reaging treatment. After each delay-time 
test, the specimens were aged at 65°C for 100 min. 
This treatment, according to Clark,? is sufficient to 
restore the original delay time. It is believed that 
although the specimens were plastically deformed 
approximately 10-* pct, after each test the delay- 
time values are reliable. 

The delay-time measurements were made in an 
apparatus similar to that described previously.? 
Single crystals approximately 1 in. long and having 
a diameter of 1/2 in. were placed in a pendulum 
which consisted of a bar 1/2 in. in diam and 8 ft 
long, designed with a crystal holder to accommodate 
the specimen at low temperatures. The crystal was 
held at a position 2 ft from the front part of the pen- 
dulum. This portion of the apparatus was supported 
on a fine molybdenum wire. A projectile bar of the 
same diameter and length comprised the other por- 
tion of the apparatus. This bar was supported on 


Table |. Orientation of Zine Single Crystals 


To prepare for the delay-time measurements, the amas r 6 
crystals were cut with a fine jewelers saw and the = 

4 7 86 
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sets of three roller bearings arranged 120 deg around 
the periphery of the bar and spaced at 18-in. inter- 
vals to allow accurate alignment. The striking por- 
tion of the pendulum was propelled by means of a 
spring-loaded gun and traveled about 9 in. before 
striking a lead bar against which the crystal was 
placed. 

SR-4 type A-14 resistance strain gages were ce- 
mented to the specimens and the strain measure- 
ments were obtained by amplifying the strain-gage 
output by means of a high-gain preamplifier. A 
Tektronix 545 oscilloscope was used together with 
a polaroid camera to record the strain and time 
sweep. An Ellis Associate Bridge was used to cali- 
brate the strain gages, and calibration readings were 
obtained before each test. The sweep of the time 
signal was initiated by means of a miniature thyraton 
which was fired when the two bars came into con- 
tact. Under some conditions, the sweep signal was 
triggered at a prearranged value of the strain signal. 

A schematic delay-time oscilloscope trace is 
shown in Fig. 1. At point B the elastic stress wave 
caused by the impact reaches the strain gage on the 
specimen, The portion BC is the elastic strain. In 
this investigation the strain at point C was used to 
calculate the critical resolved shear stress by mul- 
tiplying by the proper modulus, depending upon the 
orientation of the single-crystal specimen. The time 
between C and D is the delay-time portion of the 
curve. This portion of the curve is fairly flat but 


does have a definite microstrain associated with it. 
After the point D is reached, the specimen deforms 
rapidly and the strain reaches a maximum at E. Fol- 
lowing this, depending upon the length of the bar be- 
hind the specimen, the strain remains constant for 

a period and then decreases when the reflected elas- 
tic wave returns from the end of the pendulum bar. 
A permanent plastic strain is recorded on the oscil- 
loscope trace and also measured by a strain-meas- 
uring bridge. The strain, €,, always corresponded to 
the strain produced between C and E. This factor 
proved quite helpful as it served as a check on the 
value of elastic strain and also showed that the mi- 
crostrain associated with the delay-time region CD 
is not recovered and is caused by dislocation move- 
ment, 

To obtain data for the iron single crystals, it was 
necessary to increase the load capacity of the ap- 
paratus. This was done by doubling the stress on the 
specimen by means of a reflected stress wave from 
a stationary backup block weighing 250 lb. Since the 
iron crystal specimens were 1/8 in. in diam, the ap- 


Time 


Fig. 1—Schematic delay time oscilloscope trace. 
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Table Il. Elastic Constants for Zinc? 
cm?/dyne x 10-*° 
2513 + Sun 
1.078 
1.106 


Siu: 


8.54 
7.79 


17.8 
8.8 


paratus was modified by machining a 1/4-in. deep 
flatbottomed hole into the end of the 1/2-in. diam bar. 
The specimen was inserted into this hole and the 
other end placed directly against the backup block. 
Under these conditions the initial stress wave trav- 
eling through the specimen is reflected from the 
backup bar and doubles the stress. The time for the 
reflected stress wave to pass through the specimen 
and double the stress is less than 5 usec. 

The calculation of the critical resolved shear 
stress for crystals was made by resolving the ap- 
plied stress on the {111} in the <110> direction 
for aluminum, the {110} in the <111> direction for 
iron, and {0001} in the <1120> for zinc. The elastic 
modulus for zinc was obtained from the elastic con- 
stants given by Bashey,* Table II. The modulus of 
elasticity as a function of orientation is given by Fig. 
3. The modulus of elasticity for aluminum at 78°K 
was obtained from the data of Rosi and Mathewson.‘ 
Although these investigators reported values of 
Young’s modulus down to temperatures of 78°K, they 
did not determine the values as a function of orienta- 
tion. However, since aluminum single crystals are 
known to be fairly isotropic, little error may be ex- 
pected. The modulus of elasticity for iron was ob- 
tained from the data of Seitz and Read.* The resolved 
shear stress was calculated by the equation o = 0, 
cos @ where @ is the angle between the speci- 
men axis and the normal to the slip plane and A is 
the angle between the specimen axis and the slip 
direction. 


DISCUSSION OF RESULTS 


Aluminum Crystals—The delay-time curves for 
aluminum crystals 24 and 26 are shown in Fig. 4. 
Also shown, for comparison purposes, is the curve 
(A) obtained from a previous investigation.’ This 
curve was determined from specimens whose orien- 
tations were within the shaded area of Fig. 2. 

The delay-time curves for aluminum crystals 24 
and 26 are quite different from those obtained from 
crystals A. Not only are the slopes of the curves 


Fig. 2—Orientation 
of single crystal. 
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Fig. 3—Modulus of elasticity of zinc as a function of orien- 
tation. 


smaller, but the time is much shorter before onset 
of major plastic flow at a given applied shear stress. 
The difference in curves obtained from crystals 24 
and 26 may be the result of both orientation differ- 
ence and the amount of prior plastic deformation. 

It is interesting to note that although the specimens 
of crystals 26 were compressed 2 pct, the delay-time 
curve is still far removed from crystals A which were 
compressed 1 pct. Some preliminary data on various 
crystals of aluminum A showed that the delay time 
increases with increasing plastic prestrain. Thus it 
may be seen that in the case of aluminum single 
crystals, the delay time is strongly affected by the 
orientation and to a smaller extent by the amount of 
prestrain. Due to the extreme experimental diffi- 
culties involved, it has not been possible during this 
investigation to obtain delay-time data for aluminum 
as a function of temperature. To obtain the data with 
sufficient accuracy, the use of liquid hydrogen and 
liquid helium would have been necessary, and, in the 
type of apparatus available, the use of these coolants 
was not possible because of the hazards and rapid 
loss of liquid gases. However, it would be of interest 
to analyze the data as previously! done by the equa- 
tion: 


t =t) exp [1] 
This equation is similar to that of Seeger’s,® who 
showed that an expression of this form may be used 
for processes involving obstacles. In the equation, 
U, is the energy required for the dislocation to sur- 
mount the barrier in the absence of the applied 
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Fig. 4—Delay time for aluminum single crystals. 


stress 0, ao is the reduction of U, in the presence 
of the stress, and a and ¢, are constants. From 
creep test and static tensile data, the value of ft, 
has been estimated to be about 10-!° sec, while from 
delay-time data on low-carbon steels, where im- 
purity locking is important, Cottrell’ used a value of 
10-11 sec. In the previously reported data for alumi- 
num,! a value of 10-'* was used. 

The experimental data of Fig. 4 were used in Eq. 
[1] to calculate the values for U%, Table III. The U, 
value appears to be constant for the crystals A, 24 
and 26 in spite of the large difference in the delay- 
time response. They become 0.15, 0.12 and 0.11 ev 
for the values assumed for ¢, of 10715, 107! and 
107°, respectively. 

Using the value of 0.11 ev for U,, the activation 
energy U = U, - oa is about 0.10 ev for the alumi- 
num crystal when o is 1800 psi. Lytton, Sheppard 
and Dorn® reported a value of 0.15 ev for the acti- 
vation energy, U, for creep in aluminum at 78°K, 
and considering the vast difference in the type of 
tests, the agreement appears to be reasonably good 
and amounts to a difference of about 5 pct in the ex- 
ponential term of Eq. [1]. 

The orientation of the crystal and the amount of 
plastic prestrain, however, appear to affect the value 
for a. The value for a for those crystals near the 
[001] corner of the stereographic triangle are much 
smaller than those for crystals 24 and 26, although 
a comparison of the latter two shows a relatively 


Table Ill. Effect of Orientation and Prestrain on Delay-Time 
Parameters of Aluminum Single Crystals 
Pct Pre- Us 
Crystal strain to 10 cm’ x 10? 
A 1 0.14 0.13 64 
24 % 0.15 0.12 510 
26 2 0.15 0.12 340 
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Fig. 5—Delay time for iron single crystals. 


smaller difference in spite of the large difference in 
plastic prestrain. 

Of interest are the very small values of the a 
terms. In terms of Seeger’s equation,® a = v = bdl,, 
where v is the activated volume, b is the magnitude 
of the Burgers vector, d is the width of the stacking 
fault and /- is the average distance between forest 
dislocation. Assuming d = 2b, /¢ is equal to 4 x 10-® 
and 20 x 10-* cm for crystals A, 24, and 26, respec- 
tively. Thus it seems that the volume term a is too 
small to be interpreted in terms of forest disloca- 
tion nor can this term be accounted for by the dis- 
location intersection proposed by Cottrell? and 


Seeger.!© An intersection mechanism would require 
an activation energy for aluminum of about 0.5 ev 

and much larger than the activation energy U obtained 
under these dynamic test conditions. 

Iron Crystals—The delay-time data for the iron 
single crystal, Fig. 5, were used to calculate U, and 
a by means of Eq. [1]. In this case, tf) was assumed 
to be 1071! in keeping with that used by Cottrell.’ 


Delay Time (sec) 


“5 
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Fig. 6—Delay times for yield in steel at various stresses 
and temperature.!! 
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For the iron crystal: 
U, = 0.5 ev 
a = 2.34 x 10°? cm3 


The delay-time values obtained for the iron single 
crystals used in this investigation are much smaller 
than those reported for low-carbon steel.’ This dif- 
ference possibly may be due to the large difference 
in impurity content and to difference in specimen 
type. The activation energies, U, also are smaller 
than those calculated by Cottrell’s equation: 


3 
U =0.9 (1 [2] 

For example, at an applied stress o of 20,000 psi 
and using Cottrell’s empirically derived value for 
0, of 310,000 psi, U is 0.74 ev as compared to 0.3 ev 
obtained from Eq. [1]. 

It was of interest to analyze the delay-time data 
for low-carbon steels obtained by Clark and Wood!° 
in terms of Eq. [1]. The value of t) was assumed to 
be 10-™ sec and the values for U, and a were cal- 
culated from the curve drawn through the points as 
shown in Fig. 6. The results of these calculations 
are shown in Fig. 7, wherein it is seen that both U, 
and @ increase with temperature. Since both U, 
and a are functions of temperature, the delay-time 
phenomenon in iron is not governed by a simple 
thermal activation process involving only one proc- 
ess. The values obtained for a, however, are fairly 
close to those obtained for the iron single crystal. 
At a temperature of 296°K, the value of @ for the low- 
carbon steel is 17 x 10-25 cc as compared to 23 x 
10-23 cc obtained for the iron single crystal. The 
value of U, for the low-carbon steel is higher than 
for the iron crystal. 


Zinc Crystals—The delay-time curve for the zinc 
crystals containing nitrogen, Fig. 8, is shown in com- 
parison with the data obtained for zinc crystals grown 
in vacuum.” As may be expected, the increase in the 
concentration of the nitrogen increases the delay time. 
It appears that the delay-time curve is not affected 
greatly by the orientation of the crystals used in this 
investigation. Unlike the data for aluminum, one 
curve can be drawn through the points, and a line 


20 40 60 80 100 120 140 160 180 200 220 240 260 280 300 320 340 360 380 400 
Temperature, (T °K) 


Fig. 7—The change in U, and a as a function of temperature 
calculated from Eq. [1] from the experimental values of 
Clark and Wood.'! 
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Fig. 8—Delay time for zinc single crystals at 78°K. 


drawn between the data from crystals of the same 
orientation falls close to the curve drawn between 
the average of all the points. 

Through the use of Eq. [1], the values of U, and 
a were calculated from the delay-time data obtained 
from the zinc crystals containing nitrogen and those 
grown in vacuum,’? The value for U was 0.1 ev in 
both cases; however, a was 2.5 x 10-** cc for the 
crystals containing nitrogen as compared to 7.9 x 
10-2? cc for the vacuum-grown crystals. Apparently, 
the increase in the number of nitrogen atoms avail- 
able for pinning dislocation decreased the volume 
term a but not the term U,. 


SUMMARY 


The delay time for single crystals of aluminum, 
iron and zinc was measured. The delay time for the 
aluminum crystals was found to vary with the ori- 
entation of the crystal and, to a smaller extent, it 
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appeared to change with the amount of prestrain. In 
spite of the fact that there was considerable differ- 
ence in orientation and plastic prestrain, the 
term was constant; however, the volume term a 
changed. The activation energy, U, which depends on 
stress, appears to be in reasonably good agreement 
with that obtained by Dorn ef al.* It appears from 
these data,obtained under dynamic loading conditions 
on aluminum, iron and zinc, that the volume term of 
Eq. [1] is very small. Apparently, the size of the 
dislocation loop as it breaks away from its pinning 
points is much smaller under these conditions than 
those that exist in slow strain rate experiments. 


The delay time for single crystals of iron was 
smaller than that reported for low-carbon steels of 
higher impurity content. Zinc single crystals satu- 
rated with nitrogen also had delay-time values higher 
than those obtained from zinc crystals grown in 
vacuum, 
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Thermodynamic Activities in the Fe-Mn-C System 


The vapor pressures of manganese in equilibrium with 


several alloys in the iron-manganese-carbon system between 
1200° and 1275°K have been measured using the Knudsen effusion 
technique in conjunction with a vacuum microbalance. The effect 


of orifice area of the effusion cell upon the measured pressure 
has been determined. The binary iron-manganese system shows 
small negative departures from ideality, and the system of mixed 


J. F. Butler 
C. L. McCabe 


carbides, (Fe, Mn),C3, in equilibrium with graphite behaves 


ideally. 


Tus work is a continuation of the investigations in 
which the Knudsen effusion method has been used to 
determine thermodynamic activities in systems and 
at temperatures of interest to metallurgists. Ina 
previous publication,’ the free energy of formation of 
Mn,C, was determined and some preliminary work 
on the solution behavior of this carbide with the 
hypothetical ‘‘Fe,C,’’ was reported. The present 
work deals with this latter topic and also includes 
data on the binary iron-manganese system. 


EXPERIMENTAL METHOD 


The Knudsen effusion method was used to measure 
the vapor pressure of manganese in both the alloy 
and carbide sections of this investigation. This dy- 
namic method of vapor pressure measurement pre- 
sents a problem when studying solid alloy systems 
in which one of the components has a much larger 
vapor pressure than the others. Over-all depletion of 
the alloy in the most volatile component will occur 
during evaporation so that the pressure of that com- 
ponent will decrease. Even more serious than the 
over-all concentration change is the surface deple- 
tion of volatile component in the alloy brought about 
by the slow rate of diffusion of this component from 
the interior to the surface of the solid particle. Since 
knowledge of this surface composition is necessary 
inorder torelate it to theactivity determined through 
the measurements, changes in surface composition 
from the analyzed bulk composition are to be avoided 
in dynamic vapor pressure studies of solid alloys. 

The system under investigation in this study pre- 
sents the problem of surface depletion of manganese 
since its pressure at 1230°K is 10° greater than iron 
and 10*° greater than carbon. Since the existence of 
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a volatile manganese carbide had been ruled out 
previously,’ the high manganese pressure relative 
to iron and carbon insured that the only species 
leaving the effusion cell was manganese. Therefore, 
the effusing species required no analysis so that 
the manganese pressure was determined directly 
from the weight loss of the effusion cell. In order to 
detect small weight losses near the beginning of 
effusion, a vacuum microbalance was used to weigh 
the cell continually. These initial weight loss data 
allowed the rate of manganese effusion to be deter- 
mined before the surface of the alloy became de- 
pleted in manganese. 

The apparatus used in this investigation is shown 
in Fig. 1. Temperature was measured using chro- 
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Fig. 1—Schematic arrangement of apparatus. 
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balance was limited to 3 g or less, the effusion cells 


Table |. Compositions, Crystal Structures and Lattice 
Parameters of the Alloys Studied 


Iron-Manganese Alloys 


Crystal Structure at 


Mol Fraction 1232°K, from the 
Desig- of Manganese, Phase Diagram of 
nation Hellawell"* 
Mn 1.000 8 complex cubic 
Fe-Mn 1 0.89, B complex cubic 
Fe-Mn 2 0.82, B complex cubic 
Fe-Mn 3 0.74, B complex cubic 
Fe-Mn 4 0.65, y face-centered cubic 
Fe-Mn 5 0.50, y face-centered cubic 
Fe-Mn 6 0.29, y face-centered cubic 
Iron-Manganese-Carbon Alloys 
Mol Lattice 

Desig- Fraction Mn,C, Crystal Structure meee 

nation NMiny Cs at 1232°K a (A) c (A) 
Mn,C, 1.000 Mn,C, hexagonal 13.87, 4.54, 


(Fe, Mn),C, hexagonal 13.85, 4.53, 
(Fe, Mn),C, hexagonal 13.84, 4.53, 
(Fe, Mn),C, hexagonal 13.83, 4.53, 
(Fe, Mn),C, hexagonal 13.82, 4.53, 
(Fe,Mn),C, monoclinic - - 


Fe-Mn-C 1 0.89, 
Fe-Mn-C 2 0.82, 
Fe-Mn-C 3 0.74, 
Fe-Mn-C 4 0.64, 
Fe-Mn-C 5 0.49, 


mel-alumel thermocouples calibrated from a sec- 
ondary standard and was controlled to +1°C at 
1000°C. A vacuum of 1 to 2 x 10° mm of Hg was 
maintained in the system after the initial pump out. 
The microbalance had a capacity of 2 to 3 g witha 
range of 0.4 g and a sensitivity of 2 ug. The balance 
was a magnetically compensating type using a silica 
beam and a tungsten fulcrum fiber. In size and con- 
struction details, the balance resembled those used 
by Gulbransen’ and Rhodin® but used the magnetic 
compensation principle of a microbalance described 
by Edwards and Baldwin.* Because the weight on the 


were constructed from 15-mil flanged cups and lids 
which were spot welded together after loading. In the 
studies of the iron-manganese alloys, a molybdenum 
cup with a lid containing a knife-edged orifice was 
used. The effusion cells used in measuring man- 
ganese pressure above the mixed iron-manganese 
carbides consisted of tantalum cups containing 
graphite liners with a molybdenum lid containing the 
orifice. 

The binary iron-manganese alloys were made 
from Ferrovac-E iron and electrolytic manganese 
by induction melting in magnesium oxide crucibles 
under a purified argon atmosphere. The alloys above 
60 pct manganese were brittle and were crushed to a 
small particle size in order to increase the surface 
to volume ratio and minimize the surface depletion 
effect during vaporization. The lower manganese 
alloys were ductile so that they were used in the 
form of fine lathe turnings. The total metallic im- 
purity content of the alloys was less than 0.1 pct. The 
mixed carbides were made by heating high-purity 
graphite powder and finely divided iron-manganese 
alloys in a purified argon atmosphere at 1100°C. Ex- 
cess graphite was present to insure that the car- 
bides were in equilibrium with graphite. The struc- 
ture of the mixed carbides and their lattice param- 
eters were determined by the Debye-Scherrer 
X-ray technique after each experimental run. 


EXPERIMENTAL RESULTS 


The manganese pressures over the alloys were 
calculated by means of the Knudsen’ equation for 
molecular effusion from an orifice, 


Table Il. Manganese Pressure as a Function of Temperature 


Temp., °K Log pMn 1/Tx 1? 


Alloy Orifice Area, A,, cm’ m, g per Sec Mn Pressure, Atm 
Mn 0.004392 4.66 x 10~” 1.13 x 10-5 1226 -4.946 8.16 
2.78 x 10-7 6.68 x 10-° 1200 =5.175 8.33 
1.50 x 107’ 3.54 x 10-° 1174 -5.451 8.52 
8.92 x 107° 2.09 x 10-° 1148 -5.680 8.71 
1.19 x 10-° 2:71 x 10-’ 1075 -6.567 9.30 
4.14 x 10° 9.10 x 10~’ 1118 -6.018 8.94 
2:33 5.35 x 10-7 1097 6.272 9.12 
Mn 0.004264 4.31 x 10-’ 1.07 x 10-5 1222 -4.970 8.16 
6.52 x 10~” 1.64 x 10-5 1243 -4.785 8.05 
1.09 x 10-° 2.66 x 10-5 1268 -4.575 7.89 
1.66 x 4.25 x 10-5 1293 =4:372 
2.40 x 10-* 6.20 x 10-5 1317 -4,208 7.59 
Mn 0.002545 7.00 x 10-7 2.99 x 1075 1275 4,524 7.84 
118: 5.10 x 10° 1304 -4.292 7.67 
1.94 x 10-° 8.50 x 10-5 1335 -4.071 7.49 
Fe-Mn 5 0.005430 6.74 x 10-* 1232 =5,172 8.12 
Fe-Mn 5 0.004058 1.00 x 10” 7.59 x 10-* 1192 -5.586 8.39 
Fe-Mn 5 0.004644 6.18 x 10-” 1.45 x 1075 1273 -4.339 7.86 
Mn,C, 0.005777 5.89 x 107° 1.07 x 10-° 1183 -5.972 8.45 
1.02 x 10-’ 1.87 x 10-° 1207 =5:727 8.29 
1.85 x 10~’ 3.43 x 10-° 1233 -5.465 8.11 
3.09 x 10-’ 5:76 x 10° 1258 -5.239 7.95 
4.85 x 107” 9.16 x 10-° 1282 -5.038 


Fe-Mn-C 3 
Fe-Mn-C 3 
Fe-Mn-C 3 


0.007163 
0.007074 


0.007590 


1.62 x 
4.76 x 1077 
5.16 x 107° 


2:42x10-* 


1232 
1285 
1179 


-5.616 
-5.134 
-6.142 
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where py, is the pressure of manganese, m is the 
weight loss per unit time through the orifice of area 
A,, M is the molecular weight of the effusing species, 
R is the gas constant, and 7 is the absolute tem- 
perature. Drowart * has measured an upper limit of 
1.5 x 10° for the ratio of molecules to atoms for 
manganese vapor in equilibrium with solid man- 
ganese at 1180°K; therefore, the atomic weight of 
manganese, 54.94, was used for M. The orifice area, 
Ay, was measured by means of a shadowgraph and 
the weight loss per unit time, m, was given by the 
slope of the plot of weight vs time determined by 
means of the microbalance after the cell had reached 
temperature. The initial slope (for a time period up 
to 5 hr after reaching temperature) was always used 
in the calculation of pressure in order to prevent 
errors in pressure due to surface depletion of man- 
ganese in the alloys. 

The compositions and structures of all the alloys 
studied and the lattice parameters of the mixed 
carbides of the type (Fe, Mn),C, are given in Table I. 
Table II and Fig. 2 give the pressure-temperature 
relationship for pure manganese, Mn,C,, and several 
of the alloys. The least-squares equations obtained 
from the data of this investigation agree well with 
those of McCabe and Hudson:* 


_ 14,190 


log Pn This investi- 


gation 


Manganese: +6.66 


- 14,770 
log Phin 


-—14,220 
log Pan = 


McCabe and 
Hudson’ 


+7.16 


+6.06 This investi- 


gation 


McCabe and 
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Mn,C, : 


~14,290 


log +6.07 


At pressures above 10” atm, the simple Knudsen 
equation can no longer be used to calculate the pres- 


-40 


This Investigation 
@4 McCabe & Hudson 


——— Kelley Extrapolation 


!og Py, (Atmospheres) 


8.8 


76 8.0 8.4 
X 10% 
Fig. 2—The pressure of manganese in equilibrium with 
8-manganese, and various alloys as a function of tempera- 
ture. 
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sure from effusion data. This accounts for the 
marked deviation from the straight-line relation- 
ship of log p vs 1/T for our data in Fig. 2 above 
10°° atm. The equality of slopes for pure manganese, 
Mn,C,, Fe-Mn 5 and Fe-Mn-C 3 indicates that within 
the precision of the experiments reported here, there 
is no change in manganese activity with temperature 
in the alloys. 

In many Knudsen measurements, the dependence 
of the measured pressure upon the orifice area and 
the accommodation coefficient has been ignored. 
Several authors, including Motzfeldt,’ have shown 
that the calculated pressure may vary significantly 
from the true pressure due to the effects of cell 
geometry, especially large orifice areas, and devia- 
tions of the accommodation coefficient, a, from unity. 
For the geometry of the cells used in this investiga- 
tion and for a knife-edged orifice, the following re- 
lationship given by Motzfeldt is applicable: 


Pe = +1/a 


where /, is the equilibrium pressure of manganese, 
p, is the pressure calculated from the effusion equa- 
tion, A, is the orifice area, and A,is the projected 
area above the effusing species which is constant for 
a particular cell geometry. Table III gives values of 
m,p, and (A,/Aq)p, for iron-manganese alloys at 
1232°K and a plot of p. vs (A,/A,)p, is given in Fig. 3. 
The calculated pressure shows no dependence upon 
the parameter, (A)/A, )p,, within the precision of the 
data.* Therefore, the calculated pressures have been 


*Results of experimental runs where the rate of weight loss, m, was 
greater than 6 x 10~’ g per sec were discarded because they yielded 
consistently lower values than the average for a given alloy. Below this 
rate of weight loss no dependence on orifice area could be detected. A 
trend would have been noted if there was a condensation coefficient 
problem. We believe that the effect is due to the high rate of manganese 
effusion quickly depleting the alloy surface of manganese so that the 
pressure calculated from weight loss data, even early in the run, does 
not represent the pressure in equilibrium with the gross alloy composition. 


averaged for each alloy so that lines of zero slope 
have been drawn for each alloy on Fig. 3. This has 
no direct meaning with respect to the Motzfeldt equa- 
tion since, although the accommodation coefficient is 
the reciprocal of the slope, it is also limited between 
the values zero and one by definition. However, it is 
apparent that the data demand the smallest possible 
slope (which is zero) so that a= 1. It is impossible 
to distinguish between slopes corresponding to a=1 
and a= on the scale of Fig. 3 due to a factor of 107 
difference between the axes. An accommodation co- 
efficient near unity would be expected under the con- 
ditions of this study according to the theory of Pound 
and Hirth;® however, the precision of the data does 
not allow quantitative measurements of accommoda- 
tion coefficients near unity by means of the Motz- 
feldt relationship. 

Table IV gives values of m, p. and (A,/A,)p, for the 
experiments on the mixed carbides at 1232°K. Fig. 4 
shows the dependence of the calculated manganese 
pressure upon orifice area for these alloys. In con- 
trast to the data for the iron-manganese system, the 
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Table Ill. Manganese Pressure over lron-Manganese Alloys at 1232°K 


Orifice Area Mn Pressure, A,/Ag™~ Pe, 
Alloy A,, cm? m, g per Sec Pc, Atm Atm* 

Mn 0.005509 6.89 x 13:4 =x 14.7 x 107° 
Mn 0.004212 5.39 x 10~’ 13.6 x 10-° 11.5:x:10-° 
Mn 0.003021 3.99 x 10~’ 14.1 x 10-° 8.50 x 107° 
Mn 0.002424 3.01 x 13.3:x 10* 6.44 x 107° 
Mn 0.001526 1.97 x 10~’ 4:18:x:10-* 
Fe-Mn 1 0.005614 6.51 x 10~’ 12.4 x 10-° 13.9 x 107° 
Fe-Mn 1 0.004073 4.60 x 10~’ 12.1 x:10-* 9.85 x 10-° 
Fe-Mn 1 0.002382 2.69 x 107” 12,1: 5:76 x 10° 
Fe-Mn 2 0.006546 6.55 x 107” 10:7:< 407° 14.0 x 10-° 
Fe-Mn 2 0.004660 4.99 x 107’ 11.4:x40-° 
Fe-Mn 2 0.002831 2.97 x 107” 11.2 x40-* 6.3 x 107° 
Fe-Mn 2 0.001471 1.54 x 11.2:<10-° 10-° 
Fe-Mn 3 0.006626 5.90 x 107” 9.54 x 10-° 12;6:x410-* 
Fe-Mn 3 0.004940 4.54 x 10~-’ 9.75 x 10° 9.6 x 10-° 
Fe-Mn 3 0.003077 2.89 x 107’ 10.0 x 10-° 6.15 x 10-° 
Fe-Mn 3 0.001865 1.66 x 10~’ 9.45 x 10° 3:52 xi0-* 
Fe-Mn 4 0.005095 4.03 x 10~” 8.41 x 10 8.57 x 107° 
Fe-Mn 4 0.003787 2.80 x 10” 7.85 x 10~* 5.95 x 10-° 
Fe-Mn 4 0.003471 2.78 x 107’ 8.55 x 10° 5.94 x 107° 
Fe-Mn 4 0.002346 1.86 x 107’ 8.46 x 10° 3.98 x 10-* 
Fe-Mn 5 0.005430 3.43 x 6.74 x 107° 7.31% 
Fe-Mn 5 0.003020 1.81 x 10~’ 6.41 x 10-° 3.94 x 107° 
Fe-Mn 5 0.002143 1.31 x 10~’ 6.53 x 107° 2.80 x 107° 
Fe-Mn 6 0.004806 1.61 x 10~’ 3.58 x 10-° 3.44 x 107° 
Fe-Mn 6 0.003195 1.04 x 3.47 x 2:22 
Fe-Mn 6 0.002171 7.40 x 10-° 3.64 x 10-° 1.58 x 107° 


*Projected area above the effusing species, Ag = 0.50 cm’ 


calculated pressures in equilibrium with the car- 
bides showed a significant dependence upon the 
parameter (A,/A, )p,. Slopes calculated for the five 
alloys with two data points or more resulted in ac- 
commodation coefficients which averaged 0.09, with 
a standard deviation of 0.01,. The determination of a 
quantitative accommodation coefficient thus is pos- 
sible by this method if the value of a is much less 
than unity. This small value of the accommodation 
coefficient might be expected in this case since the 
manganese vapor is in dynamic equilibrium with a 
carbide lattice, all of whose sites are not favorable 
for manganese condensation. The equilibrium man- 
ganese pressure for the mixed carbides was found 


Fe-Mn 
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Fig. 3—Manganese pressure as a function of orifice area 
for pure manganese and Fe-Mn alloys. 


Table iV. Manganese Pressure over (Fe, Mn)7C, at 1232°K 


Orifice Area, Mn Pressure, 4,/4a ™ Pc, 
Alloy Ay, cm? m, g per Sec Pc, Atm Atm* 

Mn,C, 0.007142 2.16 x 10°" 2.96 x 10-* 
Mn,C, 0.005777 1.85 x 107’ 3.43 x 10-° 2.54 x 10-* 
Mn,C, 0.005777 1.83 x 10-’ 3.38 x 10-° 2.50 x 107° 
Mn,C, 0.003769 1.18 x 10~-’ 1.62 x 10-° 
Fe-Mn-C 1 0.009337 2.39 x 10-7 2.74 x 107° 3.28 x 10-* 
Fe-Mn-C 0.005643 1.54 x 107” 2.91 x 10-° 2:10:x 
Fe-Mn-C 0.004250 3.05 x 10-° 1.66 x 
Fe-Mn-C 2 0.007240 1.79 x 107’ 2.64 x 10-* 2.45 x 10-° 
Fe-Mn-C 2. 0.004122 1.07 x 10-’ 2.76 x 10-° 1.46 x 10-* 
Fe-Mn-C 0.007163 1.63 x 2.42 x 107° 2.29: < 107" 
Fe-Mn-C 3 0.004111 1.00 x 10~’ 2.60 x 10-° 1.29 x 107° 
Fe-Mn-C 4 0.007490 1.48 x 10~’ 2.10 x 10-° 2.02 x 107° 
Fe-Mn-C 4 0.004079 8.32 x 2:18: 10-° 1.14 x 107° 
Fe-Mn-C 5t 0.007387 9.82 x 10-° 1.42 x 107° 


*Projected area above the effusing species, A, = 0.78 cm’ 
tFe-Mn-C 5 was present as (Fe, Mn),C,. 


by extrapolation to zero orifice area using a con- 
stant slope for all the alloys as shown in Fig. 4. Be- 
cause the variation in p. with orifice area was not 
determined at temperatures other than 1232°K for 
the carbides, the data listed in Table II and plotted in 
Fig. 2 are slightly lower than equilibrium since the 
correction for orifice area could not be made. 


DISCUSSION OF RESULTS 


The activity of manganese in iron-manganese al- 
loys at 1232°K was calculated by using the ratio of 
manganese partial pressure to the pressure of pure 
manganese of the phase in question. The pressure 
of the stable 8B- manganese was measured directly 
whereas the pressure of unstable y-manganese at 
1232°K was calculated from the data of Kelley, Nay- 
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Fig. 4—Manganese pressure as a function of orifice area 
for various Fe-Mn-C alloys. 
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Fig. 5—Activity of manganese as a function of mol frac- 
tion of manganese, Ny. The dotted lines represent 
Hellawell’s!! phase diagram. 


lor, and Shomate.” The ratio, Mata)» Was 
calculated to be 1.01, at 1232°K. Table V lists the 
activities of manganese in the iron-manganese alloys 
with respect to the pure f and y phases, and Fig. 5 
shows the manganese activity as a function of mol 
fraction manganese. 

The deviations from ideality are small and are 
negative in all cases except for the possibility of 
slight positive deviations above 0.85 Ny,,. Below 
0.85 Nm, in the 8 phase, the deviations from ideality 
become increasingly negative until the 8+ y field is 
reached. The y-phase alloys also show slight nega- 
tive deviations from ideality, but the data do not obey 
regular solution laws. Additional data by Smith, 
Paxton, and McCabe’® confirm the nonregular solu- 
tion behavior in the y range and fix the 8 + y bound- 
aries at 1232°K as those found by Hellawell’’ and 
shown in Fig. 5. 

Recently, Lyubimov, Granovskaya, and Berensh- 
tein’* have determined the activity of manganese in 
the solid iron-manganese binary at 1213°, 1363°, 
and 1447°K and found the system to be ideal. The 
method consisted of chemical analysis of the evapo- 


Table V. Activity of Manganese in lron-Manganese Alloys at 1232° K 


PMn; 
Phase Nn Atm x 10° 


1.000 13.61 
0.891 12.18 
0.828 11.11 
0.745 9.69 
0.656 8.32 
0.505 6.56 
0.295 3.33 


Alloy 


Mn B 
Fe-Mn 1 
Fe-Mn 2 
Fe-Mn 3 
Fe-Mn 4 
Fe-Mn 5 
Fe-Mn 6 


P2mn = 13.61 x 10-* atm at 1232°K (measured) 
PyMn = 13.77 x 107° atm at 1232° K (calculated) 
*y-Mn is the std. state for all y alloys 


pM. Ideal 


7 mols of (Fe + Mn) in (Fe,Mn)7C; 


1 
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Fig. 6—Free energy of mixing following Richardson for 
two models of Fe-Mn-C alloys. The dotted lines are 
tangents to the curves whose intercepts are to be com- 
pared with the open circles representing experimental 
points. 
rated species to determine the relative amounts of 
iron and manganese in the vapor and graphical in- 
tegration to obtain the total pressure. The method 
of integration appears inexact and according to the 
authors is useful only where the vapor pressures of 
the individual components differ by less than 1.5 in 
order of magnitude. Since manganese pressure is 
approximately 10° greater than iron pressure at 
these temperatures, this method should be used only 
at extremely low manganese compositions (below 
0.1 pct manganese in iron). 

The equilibrium values for the manganese pres- 
sure above Mn,C, and above mixed iron-manganese 
carbides (Fe, Mn),C,, in equilibrium with graphite 
can be used to determine the activity of Mn,C, in 
the mixed carbides’ using the equation: 


where py, is the manganese pressure above the 
mixed carbide and py, is the manganese pressure 
above Mn,C,. On the assumption that the free energy 


Table VI. Activity of Mn7C, in Mixed lron-Manganese 
Carbides in Equilibrium with Graphite at 1232° K 


Mn Pressure 
at Zero Orifice 
NMn,c; Area, Atm x 10° 


1.000 3.59 
0.892 3.20 
0.827 2.95 
0.748 2.74 
0.647 2.35 


Alloy 


Mn,C, 

Fe-Mn-C 1 
Fe-Mn-C 2 
Fe-Mn-C 3 
Fe-Mn-C 4 
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of mixing is due entirely to the entropy of mixing of 
the metallic atoms with no contribution due to carbon 
and no heat of mixing, Richardson’® has shown that 
there should be a power relationship between the ac- 
tivity and mole fraction of Mn,C, in the mixed car- 
bide, (Fe, Mn),C,. A convenient way of demonstrating 
the applicability of Richardson’s model is by means 
of a free energy of mixing-composition plot such as 
that shown in Fig. 6. If the carbides mixed as indi- 
vidual molecules of ‘‘Fe,C,’’ and Mn,C,, the ideal 
free-energy curve would be given by the upper curve 
in Fig. 6 for the mixing of one mole of ‘‘Fe,C,’’ plus 
Mn,C,. If the free energy were due solely to the 
entropy of mixing a total of seven moles of iron plus 
manganese in the carbide lattice with fixed carbon 
positions, the lower curve in Fig. 6 would apply. The 
theoretical activities of Mn,C, in the mixed carbide 
at the compositions studied were obtained from both 
entropy of mixing curves by the slope-intercept 
method."* The activities of Mn,C, determined from 
the equilibrium vapor pressure measurements of 
manganese over the mixed carbides are shown by 
the open points on the axis. The close agreement of 
experiment with the model of iron and manganese 
mixing in the carbide lattice indicates that the 
Mn,C,-‘‘Fe7C,’’ system behaves ideally and that the 
proposed model of Richardson is applicable in this 
system. 


SUMMARY 


1) A vacuum microbalance was used to measure 
the weight change of an effusion cell due to manganese 
vaporization from iron-manganese-carbon alloys. 
Continual determination of the weight change at the 
beginning of vaporization minimized surface deple- 
tion of the alloys in manganese so that no ambiguity 
of alloy composition for a measured vapor pressure 
was encountered. 

2) The data of McCabe and Hudson’ for manganese 
pressure in equilibrium with pure manganese and 
Mn,C, were reproduced in the temperature range 
1075° to 1275°K. 

3) The effect of effusion cell orifice area upon the 
measured manganese pressure was determined. An 
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analysis of Motzfeldt’ was used to obtain an accom- 
modation coefficient of unity for the iron-manganese 
binary alloys and of 0.1 for the mixed iron-manganese 
carbides of the type, (Fe, Mn),C3. 

4) The iron-manganese binary showed small nega- 
tive deviations from ideality but did not obey regular 
solution laws. 

5) Mixed carbides of the type, (Fe, Mn),C,, in 
equilibrium with graphite were found to behave ideally 
according to a model proposed by Richardson”* for 
the mixing of the iron and manganese in the carbide 
lattice. 
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A Thermochemical Model of the Blast Furnace 


A method of calculating the changes in blast-furnace per- 
formance brought about by burden and/or blast modifications 
is presented, Essentially the method consists of three simul- 
taneous equations derived from materials and heat balances, 
These equations can be used not only to evaluate quantitatively 
the effect of changes in process operating variables on fur- 
nace performance, but also to provide a useful means of eval- 
uating changes in process variables which cannot be measured 


H. N. Lander 
H. W. Meyer 


directly. 


Ir has been customary for a number of years to 
use simple heat and materials balances as a basis 
for assessing blast-furnace practice. A good ex- 
ample of the method used to set up these balances 
is that proposed by Joseph and Neustatter.’ This 
approach to process assessment has limited utility, 
however, in that it cannot be used to predict the 
furnace coke rate or production under new operat- 
ing conditions. Using an approach based on multiple 
correlation of blast-furnace variables, R. V. Flint” 
has developed an equation which may be used to 
predict the change in coke rate that will result from 
some changes in operating conditions with a reason- 
able degree of accuracy. Although this equation has 
useful applications in production planning, it cannot 
be used to study the relationships between the oper- 
ating variables and the fundamental thermochemi- 
cal characteristics of the process. 

In attempting to analyze the blast-furnace proc- 
ess quantitatively, the idea of dividing the furnace 
into zones® may at first appear attractive. In our 
present state of knowledge, however, it is not pos- 
sible to define with any accuracy the physical limits 
of such zones in relationship to their temperatures 
or to the reactions which may occur in them. Al- 
though its application is restricted, the zonal ap- 
proach to blast-furnace analysis is useful in some 
instances. For example, the change in the calcu- 
lated flame temperature in the ‘‘combustion zone’’ 
caused by injecting steam constitutes information 
which is helpful in understanding why the addition 
of steam to the blast is best accompanied by an 
increase in blast temperature. The zonal approach 
cannot, at the present time, be used to establish the 
relationships between process variables and proc- 
ess performance if the whole process rather than 
part of it is to be considered. 

One of the earliest approaches to the problem of 
relating blast-furnace operating variables to pro- 
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duction and coke rate was that developed by Mar- 
shall.* Essentially Marshall’s work showed that it 
was possible to estimate the performance of a fur- 
nace by solving three simultaneous equations which 
consisted of rudimentary carbon and heat balances 
plus a further equation relating the production, wind 
rate, and the carbon burned at the tuyeres. Although 
these equations did not include all of the chemical 
and thermal variables of the process, their deriva- 
tion and application seems to be the earliest attempt 
which achieved any success in relating prior fur- 
nace operating data to the calculation of furnace 
performance under different blast conditions. 
Work carried out in Germany has been directed 
mainly towards prediction of coke rates using ma- 
terial and thermal balances rather than statistical 
methods. Wesemann’ used prior furnace operating 
data as part of the basis for predicting the change in 
coke rate accompanying a change in burden com- 
position. This author employed a method of succes- 
sive approximations to estimate the secondary 
changes in slag volume and stone rate brought about 
by the change in coke rate. The most recent anal- 
ysis, which seems to have been developed concur- 
rently with the thermochemical model presented in 
this paper, has been described by Georgen.° This 
author has succeeded in improving on Wesemann’s 
approach by expressing the total changes in the slag 
volume and stone rate in terms of the change in 
coke rate itself. This is accomplished in a manner 
similar to that used in the thermochemical model 
described in this paper. Although Georgen makes 
use of a calculated furnace heat loss, he does not 
relate the heat loss per unit of hot metal to the 
production rate as is done in the present work. 
Georgen’s approach may be used to calculate the 
changes in materials requirements accompanying 
changes in furnace operation; it cannot be used to 
assess the resulting changes in production. | 
The fact that blast-furnace behavior can be in- 
terpreted by consideration of the heat require- 
ments of the process was demonstrated by Dancy, 
Sadler, and Lander.” In the analysis of blast-fur- 
nace operation with oxygen and steam injection 
these authors showed that it was possible to ac- 
count for the changes in production and coke rate 
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using enthalpy and oxygen balance equations. The 
basic assumption made was that the amount of heat 
required to produce a unit of iron (defined as AH,p,) 
from a given burden was constant irrespective of 
blast modifications. The value of AH 7. was com- 
puted from the data collected during a reference 
period of operation and it was found that it did not 
remain exactly constant due to small changes in 
burden composition. 

The system of equations described by Dancy, 
Sadler, and Lander was applicable only to changes 
in performance brought about by blast modifica- 
tions. The effects of a change in the composition 
or amount of one of the charge materials on coke 
rate and production could not be predicted, although 
such a change could be taken into account once it 
was known. The present analysis has no such re- 
striction. It provides a means of estimating the 
change in furnace performance brought about by 
gross changes in all of the input variables. The 
system of equations described herein has been 
found capable of reproducing furnace behavior 
with considerable accuracy and, therefore, con- 
stitutes a thermochemical model of the blast-fur- 
nace process. 


DERIVATION OF THE MODEL 


The three main equations which comprise the 
thermochemical model have been derived from ma- 
terials and energy balances. In order to use the 
model for assessing the effects of a change in prac- 
tice on the performance of a particular furnace, it 
is first necessary to calculate the materials and 
enthalpy balances from furnace data collected dur- 
ing a reference period of operation. The furnace 
heat losses during this period are used to deter- 
mine the furnace characteristic, K, ina manner 
similar to that described in the earlier work.’ 

The Furnace Characteristic— The thermochemical 
model has been designed not only to relate changes 
in furnace operating variables to their effects on 
furnace performance, but also to express these re- 
lationships with respect to the thermal character- 
istics of a blast furnace or group of furnaces. This 
is accomplished by making use of a furnace char- 
acteristic, K. In order to determine this character- 
istic, it is necessary to calculate an enthalpy bal- 
ance using the reference period data. Before this 
can be done several materials balances, including 
those for iron, carbon, hydrogen, oxygen and flux, 
must be calculated. 

The materials balances are based on the require- 
ments per pound atom of Fe produced (not hot metal). 
It is, therefore, extremely important that a good 
iron balance be obtained from the reference period 
data, and in some cases it is necessary to make 
adjustments in order to accomplish this satisfacto- 
rily. In cases where input and output iron weights 
differ by more than 2 to 3 pct the decision on 
whether to base the adjustment on the reported hot 
metal weights or on the reported input weights of 
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the iron bearing materials has to be made. In mak- 
ing this decision due consideration must be given to 
the methods by which these respective data have 
been collected. It should be mentioned that the usual 
procedure followed by the authors has been to take 
the hot metal production as the total hot metal leav- 
ing the furnace including the runner scrap. In ad- 
justing the weights of the input materials to close 
the iron balance, the ratio of ore and stone is held 
constant. A slag volume and theoretical slag com- 
position may then be calculated in the usual fashion 
from lime, magnesia, silica and alumina balances. 
The agreement between the calculated slag com- 
position and the mean reported chamical analysis 

of the slags during the reference period provides a 
check on whether the best basis for adjusting the 
iron balance has been used. 

The authors have found that reported wind rates 
are somewhat unreliable. In order to avoid unneces- 
sary errors in the value of K, therefore, it is best to 
calculate the wind rate during the reference period. 
This is accomplished in a manner similar to that 
described earlier’ by using the carbon, oxygen, and 
hydrogen balances. In the carbon balance it is as- 
sumed that the carbon input from the coke is cor- 
rect and compatible with the adjusted iron balance. 
For the oxygen balance the iron oxides are no longer 
assumed to be all present as Fe2O; as in the earlier 
work, but rather both Fe203; and FeO are considered 
and determined by chemical analysis. 

For the enthalpy balance, the top gas temperature 
is assumed to be 400°F. Hence, the only moisture 
in the ores which is considered is that which is 
chemically combined. The amount of combined 
water and carbon dioxide which has to be driven off 
is calculated from the reported ignition loss and 
chemical analyses of the ores and sinters. Experi- 
ments carried out at Jones & Laughlin have shown 
that this combined moisture is virtually all driven 
off between 500° and 700°F. It has been found that 
the assumption of 400°F for the top gas temperature 
is not in itself critical. Even if the assumed tem- 
perature is 600°F the final results of the calcula- 
tions are negligibly altered, providing that the same 
top gas temperature is used in the original refer- 
ence period calculation as is used in subsequent 
calculations. 

The total enthalpy balance for the reference pe- 
riod may be written as: 

H'* + H8* = HHM*, 4 
Hijeat Loss [1] 
The symbols used in this equation and all subse- 
quent equations are defined in Table I, In the mate- 
rial and enthalpy balances the materials require- 
ments are expressed as moles per pound atom of 
iron in the hot metal so as to simplify the heat 
terms in the enthalpy equation. The only exception 
to this rule is the slag which is expressed as pounds 
per pound atom of iron. The heat terms and the 
chemical reactions considered are the same as 
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those given in the previous paper’ with the excep- 
tion that the reduction of FeO is now considered. 

When solving Eq. [1] for Hifeat Loss, the sensible 
heats of the burden, stone, and coke are taken as 
zero as these components are assumed to enter at 
77°F, The H"* is computed as in the earlier paper’ 
using the reported CO/COz ratio and assuming the 
ratio H2/H2O=4. For normal operation, i.e. without 
high blast moisture or hydrocarbon injection at the 
tuyeres, the latter assumption has little or no effect 
on the overall enthalpy balance. In calculating H -. 
the slag is taken to be a mixture of 2 CaO* SiO2; 
2 Al2O3° SiOz; CaO- SiOz; 2 MgO: SiOz; and 
CaS. Richardson’s® data for the heats of formation 
of these compounds are used together with the spe- 
cific heat of the slag given by Umino.° At the pre- 
sent time, the heats of mixing of these slag compo- 
nents, which should be relatively small,’° are neg- 
lected. Recent work by Baldwin” suggests that the 
‘‘compounds”’ most likely existing in the slag are 
different from those used in this work. It is un- 
likely, however, that the sum of the heats of forma- 
tion of Baldwin’s compounds differ significantly 
from those used in the present calculations. In any 
case, thermal data for Baldwin’s slag compounds 
are not yet available. 

The term Hfjeat Loss May now be obtained from 
the solution of Eq. [1]. The furnace characteristic, 
K, is defined by equation [2]. 


Hiteat Loss [2] 


In subsequent calculations to asses the perform- 
ance of the selected furnace under new operating 
conditions, the assumption is made that the heat 
loss per unit of time from the furnace is constant. 
Furthermore, the calculations are always referred 
to the furnace performance at the same wind rate 
as that calculated for the reference period. On this 
basis it can be seen from Eq. [2] that Hyeat Loss 
may be obtained by multiplying K by the moles of 
nitrogen associated with the production of 1lb atom 
of iron under the new conditions of operation. This 
is illustrated in the following section. 

The Basic Equations—In order to assess the ef- 
fect of changes in any of the process operating var- 
iables on coke rate and production it has been ne- 
cessary to derive three equations relating three un- 
knowns. These equations are solved simultane- 
ously. The three unknowns are: N’—the moles of 
blast required to produce 1 lb atom of iron; d—the 
moles of carbon per pound atom of iron which react 
directly with oxides in the furnace; and ANc-the 
change in the carbon rate per pound atom of iron as 
compared to the reference period carbon rate. The 
equations used to relate these three unknowns are 
a carbon balance, an oxygen balance, and an en- 
thalpy balance. 

In deriving the carbon balance, the carbon ap- 
pearing in the top gas as CO and COz may be equated 
to the carbon burned at the tuyeres plus the carbon 
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supplied by the stone plus the carbon reacting di- 
rectly with oxides in the bosh and stack ¢.e., direct 
reduction and solution loss). It is also equal to the 
sum of the carbon supplied by the coke, the metallic 
burden materials and stone, minus the sum of the 
carbon contained in the hot metal and flue dust. 
Using the nomenclature defined in Table I this may 
be expressed as: 


N' (2X0, + X90) ANG +NB 
+N&- NED NEM 
or 
N' +Xt,o) +4 = + ANG +NB- NEP 
- [3] 


where the term N&" refers to the carbon supplied by 
the coke in the reference period. The carbon sup- 
plied by the coke in the new period is, therefore, 
the sum of and 

The oxygen balance, which is referred to oxygen 
on an atomic basis, has been derived as follows. 
The oxygen content of the top gas is equal to the 
oxygen contained in the metallic burden materials 
which are reduced in the furnace plus the oxygen 
combined as COQz in the stone plus the oxygen in the 
blast. It may also be expressed in terms of the 
CO, CO2 and H20 content of the top gas. Using the 


Table |. Explanation of Symbols 


H — 1) with superscript alone: enthalpy content of material denoted by 
superscript in Btu per lb atom Fe. 
2) with superscript and subscript: enthalpy content in Btu per lb 
mole of constituent denoted by subscript. 
a calculated heat loss in Btu per lb mol Fe. 
N -— moles of substance per lb atom Fe. 
X -— mole fraction of gaseous constituents. 
P — production rate in net tons of hot metal per day. 
MW — molecular weight of compound or element. 
% — weight percent of constituent (indicated by subscript). 
A — increment in any variable per lb atom Fe—as referred to the 
reference period. 


Re — CO/CO, ratio in the top gas. 
Ry — H,/H,0 ratio in the top gas. 


+ 
Rs slag basicity ratio = S20 
%si0, * 
d -— moles of carbon reacting directly with oxides per lb atom Fe. 


ANc —change in the moles of carbon, supplied by the coke per lb atom 
Fe as referred to the reference period coke rate. 


Subscripts — These refer to elements or chemical compounds unless a 
full descriptive word is used. The subscript ‘‘avail. base’”’ is defined as 
the base available to flux the burden and coke gangue after allowing for 
the base required to flux the gangue content of the stone mix to the ba- 
Sicity ratio Rs. 


Superscripts 


* — indicates reference period data. 
— denotes blast component. 
— denotes top gas component. 


B burden. 

C —coke. 

L — stone mix. 
FL — flue dust. 
HM — hot metal. 
S —slag. 
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symbols Rc and Ry to denote the CO/COz2 and 
H2/H.20 ratios, the oxygen balance may be written 
as: 
N@ + NE + N' (2X5, + Xt 9) = 

O, + *H,O/ = 


E +N! (2X6, + 


The terms Nd and N b are not known for the new pe- 
riod of operation because the oxygen and carbon 
contributed by the stone will be affected not only by 
the change in burden but also by the change in coke 
rate. Thus, 


L_ L 
No= No ¥ (ANG) due to A Burden 


L 
+ (ANO) Due to A Coke [5a] 
and 
L_yL L 
(ANG) to A Coke [5b] 


The sum of the firsttwo terms on the right-hand side 
of both equations [5a] and [5b] is calculated by add- 
ing the stone required to flux the gangue in the new 
burden to the stone required to flux the gangue sup- 
plied by the coke consumed in producing a lb atom 
of iron in the reference period. The last terms in 
Eqs. [5a] and [5b] may be expressed in terms of the 
unknown change in the carbon rate, 4Nc, as shown 
in Eqs. [6a] and [6b]. 

AN. 
(AN Dow to A Coke ! 


and 


(NO) to A Coke ~ nue to A Coke [6b] 
Eq. [6b] shows the relation between carbon and oxy- 
gen in the stone. 

The enthalpy balance, in simple form, has already 
been defined by Eq. [1]. This equation when written 
for the new conditions, and rearranged gives: 


HEM, yS H"—H yeat Loss(1a] 


When this equation is expressed in terms of the 
process variables it becomes: 


+X! + OX, 


H20 1+Ro 
+ Ay; 
Hy W 'Xy,) -K(N [7] 


In Eq. [7] all the terms refer to the new operating 
conditions except K. The terms HS and H" contain 
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the changes in the enthalpies of the slag and lime- 
stone due to the change in burden composition and 
the unknown change in coke rate as expressed in 
Eqs. [8a] and [8b]. 


HS = HS + (AH®) Due to A Burden 

+ (AHS) Due to A Coke [8a] 
HY= nue to A Burden 

+ (AH _— to A Coke [8b] 


As in the case for NS and Ni, the sum of the first 
two terms on the right-hand side of these equations 
is obtainable by calculating the stone requirements 
for the new burden and the reference period coke 
rate. The weights of slag and stone so calculated 
are simply multiplied by their appropriate heat 
terms to give values for + Barden 
and HL (AH L)nue to A Burden, respectively. The 
changes in the enthalpies of the slag and stone 
caused by the unknown change in coke rate are 
given by: * 

*The symbol wS* corresponds to the weight of slag in the reference 
period in lb./lb. atom Fe. 


(AHS ) coke = ANc + S10, 
L % base 
(AH \coke 
=H ANc:-M We: (%A1,0,+ %Sio, )* 
(havail base) Weao) | 


(% 41,0, + %8i0. fe) 


The equations listed above contain three unknowns: 


N', d, and AN. If the thermochemical model is to 
be used to analyze a period of actual furnace opera- 
tion the values of all the other terms in the equa- 
tions are known, but when the model is used to pre- 
dict furnace performance there are some terms 
which must be estimated before the equations can 
be solved. In cases where furnace performance is 
to be predicted the top gas CO/COz2 and H.,/H20 ra- 
tios used in Eqs. [4] and [7] are assumed to be the 
same as in the reference period except in the cases 
discussed in the following section. The flue dust 
weight is assumed to be the same as in the refer- 
ence period unless a change from an unscreened to 
a screened burden is involved. In the latter case the 
weight and analysis of the flue dust is estimated 
from comparison with previous furnace operating 
data. The iron composition and slag basicity are 
usually assumed to be the same as in the reference 
period. For furnaces producing a basic grade of 
pig iron, the latter assumption does not give rise to 
any significant error. 

Using the values of N’ and AN¢ calculated for the 
new conditions the production and coke rate can be 
calculated using Eqs. [10| and [11]: 
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Coke Rate = 2000 + ANG) [11] 


[10] 


In Eq. [10] the symbol P denotes the hot metal 
production in NTHM/Aiay and is referred to the same 
dry wind rate as in the reference period. 


DISCUSSION 


In applying the model to the analysis of blast- 
furnace problems, care must be exercised to avoid 
certain types of errors, and a general understand- 
ing of the sources of error and the restrictions of 
the model is essential. The type of errors which 
are associated with the model may be broadly di- 
vided into errors in operating and thermodynamic 
data and errors inherent in the formulation of the 
model itself. The latter arise because not all of the 
reactions which occur in the furnace are taken into 
account. It will be shown below that although some 
of these errors are incalculable they do not result 
in an appreciable total error in the calculations 
made using the model. With regard to restrictions, 
the model can be used to assess performance under 
any given set of operating conditions, but when large 
changes in practice are involved some prior knowl- 
edge of the factors which influence process perform- 
ance is required. Providing attention is given to 
these restrictions, the model may be satisfactorily 
applied to the analysis of problems associated with 
production planning, those involving the effect of 
changing a single input variable, analysis of blast- 
furnace trials,'* and the study of the relationships 
between some of the variables which cannot be 
measured directly. 

Accuracy of the Model— The way in which general 
errors in the materials balances are handled has 
been dealt with in the previous section. It should be 
reemphasized, however, that appreciable errors in 
the coke data will result in inaccurate values of both 
N’*and K. In setting up the model, it is sufficient to 
know the amounts and the initial and final states of 
the various elements and their respective tempera- 
tures. All of the elements which have a significant 
effect on the enthalpy balance are considered but 
not all of the side reactions in which they are in- 
volved are taken into account. 

In the reference period calculation, the enthalpy 
equation is balanced by the Apeat loss term. In ad- 
dition to the heat loss through the walls of the fur- 
nace, this term contains, therefore, the algebraic 
sum of all errors, including those in operating and 
thermodynamic data and those due to the reactions 
which could not be taken into account. Because of 
the way in which the model is used to evaluate fur- 
nace performance under new operating conditions, 
this unknown error in the Hpeat loss term does not 
give rise to any appreciable error in the results of 
the calculation. This is because all calculations of 
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furnace performance are referred back to the value 
of the furnace characteristic, K. Hence, the model 
deals only with differences between the furnace 
performance for the new and the reference period 
conditions. The errors in the Hpeat Joss term are 
common to both calculations and tend to cancel out. 
The validity of the assumption that the heat loss 
from the furnace per unit of time is constant has 
been established by the close agreement found be- 
tween the changes in performance calculated by the 
model and those which actually have been observed 
in practice.”’** A further check on this assumption 
has been obtained from two separate reference pe- 
riods, the first covering 721 furnace days on three 
identical furnaces, and the second, twenty four fur- 
nace days on one of these furnaces. The operating 
conditions during these two reference periods dif- 
fered slightly and in particular the wind rate, pro- 
duction, and coke rate were not the same. The heat 
loss from the furnace in Btu per min during the 
reference period may be calculated by Eq. 12. 


2000 (Heat loss) (ore) (P* ) 


Using the data obtained from the two reference pe- 
riods mentioned above the calculated furnace heat 
loss differs by only 0.37 pct. This degree of agree- 
ment suggests that the error in the Hfeat joss term 
is probably very small or is at least constant. 

Restrictions of the Model—In evaluating the 
changes in performance which will result from 
changes in burden composition it is necessary to 
specify the furnace operating conditions before an 
assessment of the new production and coke rate can 
be made. It will be appreciated, therefore, that the 
accuracy of the predicted furnace performance with 
a new burden depends on the degree to which the 
new operating conditions can be correctly estimated. 
Some examples of the restrictions imposed upon the 
use of the model in predicting furnace performance 
and the ways in which the restrictions can be par- 
tially overcome are discussed below. 

The thermochemical model cannot predict what 
change in blast temperature and wind rate is com- 
patible with smooth operation of the furnace if a 
major burden change is made, nor can it predict 
what the new CO/COz ratio in the top gas will be. 
The effect of a change in the burden on the operating 
wind rate can usually be estimated from similar 
practices on other furnaces. Alternatively, if a 
change in the size distribution of the burden is in- 
volved, Ergun’s™ correlation of blast furnace wind 
rate, pressure drop and material mean particle size 
may be used, but further studies are needed in this 
area to improve the accuracy with which the change 
in wind rate can be estimated. The change in the top 
gas CO/CO:z ratio and the increase in blast tempera- 
ture which may be permitted if a major change in 
the burden is made can only be estimated by com- 
parison with existing examples of furnace operation 
on the type of burden being considered. Thus if a 


Heat Loss = [12] 
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change to self-fluxing sinter is being considered, 
some idea of the change in CO/COz ratio which can 
be expected may be obtained from the numerous ex- 
amples given in the literature. 

The change in furnace performance resulting 
from alterations in the slag basicity will, in prac- 
tice, not only include changes in the slag volume 
and coke rate but also in the distribution ratio of 
sulfur between the hot metal and slag. The change 
in the sulfur distribution constitutes only a very 
small part of the total change in the process heat 
requirements brought about by altering the slag 
basicity and no significant errors are introduced if 
such heat effects are ignored. 

When considering the effect of high blast tempe- 
rature, steam injection, oxygen injection, or the in- 
jection of other additives, the degree to which these 
are compatible with smooth furnace operation can 
be estimated from consideration of the calculated 
adiabatic flame temperature developed at the tu- 
yeres. Here again, existing practice provides the 
key as to what range of calculated tuyere zone tem- 
peratures can be tolerated with the particular bur- 
den considered. 

In all predictions of furnace performance carried 
out to date, the hot metal and slag temperature and 
composition have been assumed to remain constant. 
The theoretical approach developed by Ceckler and 
Lander’® to analyze the conditions of heat exchange 
in the blast furnace suggests that the changes in 
hot metal and slag temperature brought about by 
changes in blast temperature and composition may 
be calculable. Analysis of blast-furnace trials in 
which oxygen injection was used’ or in which changes 
in blast temperature occurred’* has shown very 
close agreement between the calculated and ob- 
served performances, even though the hot metal, 
slag, and top gas temperatures were assumed to be 
the same as in the respective reference periods. 

It seems likely, therefore, that the heat required 
to give the increase in the liquid temperatures may 
be approximately compensated for by the decrease 
in the top gas temperature. The assumption has 
also been made that the hot metal slag and top gas 
temperatures remain constant when a change to a 
self-fluxing sinter burden is made. The fact that 
the model does not take cognizance of the tempera- 
ture levels at which the various heat demands are 
satisfied in the process could lead to an erroneous 


coke rate for self-fluxing sinter operation unless 
the assumed operating conditions are close to those 
observed in practice. Consideration of heat transfer 
at various temperature levels in the furnace’ sug- 
gests that when predicting furnace performance 
with self-fluxing sinter burdens the coke rate calcu- 
lated using the model should be more reliable for 
higher levels of blast temperature. 

Further studies are planned in order to expand 
the range of the thermochemical model so that more 
of these factors can be directly and accurately taken 


into account. 
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Applications of the Model— The thermochemical 
model may be applied to the analysis of several types 
of blast-furnace problems. Inthis respect, it provides 
an effective means of interpreting the data collected 
during blast-furnace trials.”** When conducting a 
trial to evaluate the effect on process performance 
of changing a particular operating variable it is 
virtually impossible to maintain the other operating 
conditions constant. If, however, the changes in all 
the operating variables have been measured the 
model can be used to evaluate the separate effect of 
any particular variable. 

The effect of changes in some of the operating 
variables on furnace coke rate can also be estimated 
using the statistical coefficients developed by R. V. 
Flint? in his multiple correlation of blast-furnace 
variables. The comparative changes in coke rate 
resulting from several specific changes in practice 
as calculated using the statistical coefficients and 
the thermochemical model are presented in Table 
II, The agreement between the figures calculated 
by the two widely different methods is in most cases 
remarkably good. The large discrepancy for the 
open-hearth slag addition is at the present time 
difficult to explain. As in the case of utilizing self- 
fluxing sinter the use of open-heart slag results in 
a decrease in the process heat requirements at the 
lower temperature levels. More furnace tests are 
necessary to determine the operating conditions 
under which full advantage may be taken of this de- 
crease in process heat requirements in terms of a 
decrease in coke consumption. 

The thermochemical model may also be used ef- 
fectively in studies connected with production plan- 
ning. If an increase in the hot metal production is 
required from a group of blast furnaces it is ne- 
cessary to assess the costs involved in attaining the 
desired production rate by various combinations of 
blast and/or burden modification. Performance data 
calculated using the model can provide information 
on which cost comparisons can be based. In view of 
the large number of calculations involved in this type 
of study it has been found convenient to program the 
model on a digital computer. 

The changes in hot metal cost resulting from the 
use of various blends of the available raw materials 
can be assessed using linear programming tech- 


Table Il. Comparison of the Effect of Some Operating Variables 
on Blast-Furnace Coke Rate as Calculated by Flint’s Method 
and by the Thermochemical Model 


_ Changes in Coke 


Rate in 

Ib per NTHM 

Change in Variable Flint’s Model 
Value Value 

100° F increase in blast temperature -36 -39 
Increase in blast moisture from 4 to 5 gr per cu ft. +13 +11 
Increase of 100 1b per NTHM in slag volume +44 +43 
Increase of 100 1b per NTHM in charged scrap -81 ~80 
Increase of 100 lb per NTHM in charged roll scale -18 = 


Increase of 100 lb per NTHM in charged open hearth slag 
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Fig. 1—Relationship between furnace heat loss and surface 
area of the hearth and bosh. 


niques. This approach was first used by Bailey’® 
who incorporated into his linear program the sta- 
tistical information developed by Flint,” Similarly, 
a linear program which makes use of the thermo- 
chemical model and which includes restrictions on 
the quality requirements of the hot metal and all 
raw materials, operating and freight costs, can be 
used to optimize the blast-furnace burdens at dif- 
ferent locations with regard to cost and production.’ 

The fundamental relationships between the amount 
of carbon consumed in the direct reduction and so- 
lution loss reactions, ‘d’, and other blast-furnace 
variables cannot be determined by direct measure- 
ment, but it is possible to examine some of the re- 
lationships between ‘d’ and other operating varia- 
bles using the model. Thus it has been found that 
increasing the blast temperature increases ‘d’ 
while increasing the moisture has the opposite ef- 
fect. At the present time these relationships can 
only be calculated by making assumptions with re- 
spect to the top gas CO/COz and H2/H20 ratios. 
When additional operating data become available it 
will be possible to determine the effects of high 
blast temperature and steam additions on the com- 
position and temperature of the top gas. Any estab- 
lished relationships could readily be incorporated 
into the model calculation so that the fundamental 
relationship between ‘d’, blast temperature and 
moisture could be more accurately assessed. 

At the time of writing, in order to use the model 
to evaluate furnace performance, it is necessary to 
collect data on a reference period of operation be- 
fore loss and K can be calculated. The bulk 
of the actual heat loss from the furnace takes place 
through the walls of the hearth and bosh. Fig. 1 
shows a plot of the calculated furnace heat loss, in 
Btu per min, vs the surface area of the hearth and 
bosh. Five of the points are taken from reference 
periods of operation on Jones & Laughlin furnaces, 
and the sixth has been calculated from the data 
given by J. S.McMahan.”® These furnaces range in 
hearth diameter from 18 to 28 ft and all have cool- 
ing plates extending up to the mantle. The operating 
conditions during these reference periods differed 
appreciably. The burdens ranged from 6 to 90 pct 
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the blast moisture from 3 to 12 grains per cu ft of 
blast, and the wind rates from 44,000 cfm to 80,000 
cfm. When sufficient data become available to sub- 
stantiate the correlation between these variables, it 
will be possible to obtain a reasonable estimate of 
K and hence, to use the model to evaluate the per- 
formance of furnaces for which reference period 
data are not available. 

From the foregoing discussion it will be appre- 
ciated that a wide range of problems in blast-fur- 
nace technology can be tackled using the thermo- 
chemical model. Experience to date has shown that 
it is a most useful tool, and there are reasons for 
believing that in the future some of the restrictions 
which presently exist in some areas of its applica- 
tion may be overcome. 


CONC LUSIONS 


This paper has described the derivation, restric- 
tions, and applications of a thermochemical model 
of the blast furnace. The model is based on con- 
siderations of the materials and heat requirements 
of the process and makes use of a furnace charac- 
teristic obtained from a reference period of ~pera- 
tion. It can be used to estimate the perform: ace of 
the blast furnace under any given set of operating 
conditions, but it cannot predict what the best con- 
ditions of operation on a particular burden must be. 

Application of the model to the analysis of blast- 
furnace trials carried out on Jones & Laughlin fur- 
naces has shown good agreement between the calcu- 
lated and actual furnace production and coke rate. 

It will be desirable in the future to expand its use to 
cover more examples of all types of operation, par- 
ticularly in the cases of operation with self-fluxing 
or pellet burdens and high blast temperatures. 


Although additional refinements are required be- 
fore the blast-furnace process can be completely 
described on the basis of materials balances and a 
fundamental enthalpy balance, enough is known about 
the process to enable fairly accurate predictions of 
furnace performance to be made in the case of most 
changes in practice. 
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Penetration of Liquid Bismuth into the Grain 
Boundaries of a Nickel Alloy 


Columnar grained specimens of nickel, containing 0.25 pct 
Si and 0.22 pct Mn, have been exposed to liquid bismuth in the 
temperature range 670° to 1050°C. Under isothermal condi- 
tions the liquid penetration rate is constant. The activation 
energy for the process is 22,000 cal per g-atom. Small 
amounts of plastic deformation, introduced into specimens 
prior to exposure, increase the penetration rate. The slow 


step in liquid film penetration is associated with a reaction 
which occurs at or near the leading edge of the film. Either 
transfer of nickel across the liquid-solid interface or dif- 

fusion in the grain boundary ahead of the liquid film is sug- 


gested. 


Aiquia metal, if brought into contact with the sur- 
face of an unstrained solid metal, will usually pene- 
trate to some extent into the grain boundaries of the 
solid. Under isothermal conditions the extent of 
penetration after any particular time of exposure is 
related to the relative magnitudes of the interfacial 
tensions concerned.’”” If the liquid-solid interfacial 
tension is less than one-half the grain boundary ten- 
sion the liquid may penetrate at a relatively rapid 
rate for an indefinite distance into the grain bound- 
ary surfaces. If the liquid-solid interfacial tension 
is greater than one-half the grain boundary energy, 
liquid penetration occurs at a continually decreasing 
rate so that after the liquid has penetrated to a rela- 
tively short distance below the surface the process 
essentially ceases.° 

Many observations of a qualitative nature con- 
cerning intercrystalline attack by liquid metals have 
been reported, for example, liquid bismuth upon 
copper,’ liquid mercury upon brass,* and liquid 
mercury upon nickel.* Scheil and Schessl determined 
the rate of penetration of liquid bismuth into the 
grain boundaries of hot rolled copper rod.° At con- 
stant temperature, penetration rate was found to be 
independent of the depth penetrated, the rate in- 
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creasing with increasing temperature corresponding 
to an activation energy of 20,000 cal per g-atom for 
the process. It was suggested that at lower tempera- 
tures the liquid travelled mainly along lines of three 
grain intersections while at temperatures greater 
than 1000°C essentially all grain boundary surfaces 
were covered. 

Recently, in a study of copper bicrystals having a 
common [100] axis it was found that at 649°C bis- 
muth penetrated 22, 25, and 63 deg boundaries while 
it did not penetrate 2, 12, 15, and 72 deg boundaries.’ 
Elbaum reported that liquid gallium penetrates alu- 
minum grain boundaries to a depth of 0.6 cm after 
11 hr at 27°C.® Assuming that the rate controlling 
step in the process was diffusion down the liquid 
film to the specimen surface, a diffusion coefficient 
of 10-° cm’ per sec was calculated. 

This paper reports a study of the penetration of 
bismuth-nickel liquids into the grain boundaries of a 
nickel alloy, containing 0.25 pct Si and 0.22 pct Mn 
as principal alloying elements. The phase diagram 


Table |. Composition of Nickel Alloy 


Chemical Analysis Spectrographic Analysis 


Element Analysis, Pct Element Analysis 
Cc 0.03 Al slight trace 
Si 0.25 B very slight trace 
Mn 0.22 Cr trace 
Mg 0.033 Cu trace 
Fe slight trace 
Zn very slight trace 
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Fig. 1—Rectangular specimen of columnar-grained nickel 
alloy. (a) Schematic illustration showing reference notches 
on ends and indicating direction of preferred orientation. 
(b) Macrophotograph of specimen side. X7. 


for the nickel-bismuth system indicates the highest 
melting intermetallic compound NiBi to undergo 
peritectic decomposition at 655°C. Penetration was 
studied at temperatures between 670° and 1050°C. 
Consideration is given to complications which might 
arise as a result of plastic strain, boundary migra- 
tion, stability of specimen surface, and the presence 
of lines where three grains intersect. 


EXPERIMENTAL PROCEDURE 


Specimens—Nickel castings were prepared by in- 
duction melting electrolytic nickel under hydrogen, 
remelting under argon, adding small amounts of 
alloying agents, and pouring into a chill mold. Anal- 
ysis of the resulting ingot is shown in Table I. 

Rectangular specimens, ranging up to approxi- 
mately 2 by 0.7 by 0.7 cm in dimensions, were cut 
from the portion of the ingot possessing a columnar 
structure, Fig. 1. A layer approximately 0.1 cm in 
thickness was removed from each cut surface by 
alternately etching in nitric acid and grinding on 
metallographic paper. Grain diameters ranged from 
0.1 to 0.2 cm. The majority of the grain boundaries 
have high-angle orientations as determined by X-ray 
analysis. 

Specimen Exposure to Bismuth- Nickel Melts— 
Bismuth of 99.999 pct purity was reacted with an 
excess of electrolytic nickel in an evacuated quartz 
capsule at the temperature of specimen exposure. 
The capsule, containing a mixture of liquid and ex- 
cess nickel, was then quenched to form a cylindrical 
ingot. One specimen, with the appropriate ingot, was 
then sealed off in another capsule, ingot positioned 
above specimen, and lowered into a vertical tube 
furnace for exposure. After the appropriate time of 
exposure, the capsule was pulled from the furnace 
and quickly shattered under water. 
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Fig. 2—Intercrystalline film penetrating boundary from 
specimen surface. Solidified layer present on surface. One 
hour at 670°C. X75. Enlarged approximately 16 pct for re- 
production. 


Metallographic Examination—When removed from 
quenching water, the specimen was thinly coated 
with solidified liquid. Orientation was established 
by locating reference notches on the specimen. A 
face parallel to the long axis of the grains was 
placed in the surface of a plastic mount and a 
measured amount of the specimen ground off. 
Usually one-third to one-half of the specimen width 
was removed in order to eliminate penetration from 
directions other than that under observation. 

Penetration parallel to [100] was measured on 
polished and etched surfaces using a movable mic- 
roscope stage, calibrated to 0.0008 cm. Frequently 
the amount of penetration was measured at several 
section-depths in the specimen to insure that side 
penetration had been eliminated. Boundaries near 
the ends of specimens and boundaries which were 
curved or which had migrated during exposure were 
neglected. 


EXPERIMENTAL RESULTS 


Penetration Depth Measurements—After exposure 
to the liquid essentially all high-angle boundaries 
are penetrated by a film, presumably composed of 
an intermetallic compound at room temperature. 
Typical boundary films, after an ammonium per- 
sulfate-potassium cyanide etch, are shown in Figs. 
2 and 3. Exposures were for 1 hr at 670°C and 1 
hr at 970°C, respectively. 


Fig. 3—Intercrystalline film after 1 hr at 950°C. X75. En- 
larged approximately 16 pct for reproduction. 
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Fig. 4—Depths of penetration into twenty-seven boundaries 
on a specimen exposed for 24 hr at 670°C. 


Depths of penetration into twenty-seven boundaries 
of a typical specimen, exposed for 24 hr at 670°C, 
are shown in Fig. 4. These were taken to the visible 
forward edge of films as observed on polished and 
etched surfaces. Depths are plotted in order of in- 
creasing magnitude in Fig. 4; therefore, the se- 
quence of boundaries as located along the specimen 
is not preserved. With the exception of one high 
reading, which may be spurious, there is an approx- 
imately uniform distribution of boundaries over the 
penetration depth range. Mean and median values 
taken from these data are 0.0605 and 0.0623 cm re- 
spectively. 

A similar distribution in depths is observed in all 
specimens. Further, in all specimens studied, un- 
penetrated boundaries are found to compose 15 + 5 
pet of the total number of boundaries present. The 
degree of scatter indicated is associated with sub- 
structure in the material since it is difficult to be 
consistent in the counting of sub-boundaries. Almost 
all data points associated with penetrated boundaries 
fall close to a straight line, as plotted in Fig. 4, and 
essentially the same fraction of the total number of 


Fig. 5— Fracture which developed in boundary shown in Fig. 
2 after specimen was bent about an axis perpendicular to the 
plane of polish. X75. Enlarged approximately 16 pct for re- 
production. 
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Fig. 6— Fracture in the boundary of a bent specimen ex- 
posed for 1 hr at 950°C. X75. Enlarged approximately 16 
pet for reproduction. 


boundaries remain penetrated over the temperature- 
time range studied. Therefore, mean or median val- 
ues for depth of penetration are representative of the 
process despite the large spread in magnitude of the 
individual values. 

Boundaries containing the intruding films are quite 
brittle. After the measurements described above 
were carried out, several specimens were bent 
about an axis perpendicular to the plane of polish in 
order to determine the depth to which they would 
fracture. Fig. 5 shows the fracture which developed 
in the grain boundary shown in Fig. 2. Another frac- 
ture, along the boundary of a specimen which was 
exposed for 1 hr at 850°C, is shown in Fig. 6. A 
distinct change from brittle to plastic behavior is 
evident near the tip of these fractures. In general, 
only those boundaries near the center of the speci- 
men on the tension side open up. Mean depths of 


fracture, taken from data on those boundaries which 
opened up, are consistently greater by approximately 
0.001 cm than mean depths of penetration taken to 
the tips of the visible films. 

Mean penetration depths in specimens held for 
various times at 670°, 850°, 970° and 1050°C are 
plotted in Fig. 7. The penetration rate, under iso- 
thermal conditions, remains essentially constant to 
the maximum depths observed, approximately 0.1 
cm. 

Depths of penetration do not extrapolate to zero at 
zero time. Initially there is some solution of the 
specimen, the amount increasing with increasing 
temperature, despite the care taken to saturate the 
bismuth with nickel prior to exposure. Since pene- 
tration depths, as plotted in Fig. 7, refer to the 
original position of the specimen surface, a rela- 
tively rapid solution process may in large part be 
responsible for the apparently large initial penetra- 
tion rate. Further, an increase in the initial pene- 
tration rate would result from the presence of plas- 
tic strain, as might be introduced during specimen 
preparation, in the vicinity of the surface. 

Penetration rates, taken from the slopes of the 
lines in Fig. 7, are plotted on a logarithmic scale 
against the reciprocal of absolute temperature in 
Fig. 8. The experimental activation energy for the 
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Fig. 7—Mean penetration depths as 
measured metalographically on 
specimens exposed for various 
times at the four temperatures, 
670°, 850°, 970°, and 1050°C. 
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process, calculated from the slope of the straight 
line of best fit, is 22,000 cal per g-mole. 

Change in Specimen Dimensions—In all instances a 
small increase in overall specimen dimensions was 
observed during exposure. The increase for each 
surface was taken as one-half the average increase 
in specimen width during exposure. This is shown in 
Fig. 9 for a series of specimens exposed at 670°C. 
As there seems to be no correlation with exposure 
time, growth is presumably the result of deposition 
of nickel during solidification. Material dissolved 
from the boundaries may add to the deposited layer 
but could only be a small fraction of that observed. 
Penetration data, as recorded in Fig. 7 and else- 
where, do not include this increase in specimen 
thickness, since they refer to the original position 
of the specimen surface. 

In an effort to determine if there was specimen 
growth in a direction perpendicular to the grain 
boundary surfaces, other than from deposition of 
nickel during solidification, a specimen of special 
design was exposed. This specimen was in the form 
of a cylindrical container, 0.3760 cm OD, 0.0172 cm 
ID, and 7.6011 cm long. Approximately 75 grains 
were located along its length. The specimen, while 
containing the liquid, was exposed at 1050°C until 
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Fig. 8— Penetration rate plotted as a function of the recip- 
rocal of absolute temperature. Slope corresponds to an 
activation energy of 22,000 cal per g-mole. 
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some boundaries were penetrated through to the out- 
side surface. As determined by comparison of length 
before and after exposure, any dimension change re- 
sulting from penetration was less than 10-* cm. 

Film Thickness— Measurements of thickness, 
taken along the lengths of films, show them to taper 
down to widths of less than 10-* cm in the vicinity of 
the leading edge. A series of width measurements 
taken along the length of a typical film, oriented ap- 
proximately perpendicular to the plane of polish, are 
shown in Fig. 10. A number of film thickness meas- 
urements made within 10-* cm of the visible leading 
edge, on specimens exposed for various times and 
temperatures, indicate the apparent width at this 
point is somewhat less than 10-* cm. Since the mean 
fracture depth, on bent specimens, is on the order of 
10-* cm greater than the mean depth to which a film 
is visible, some further diminishing in thickness 
below that which was measured undoubtedly occurs. 
Because the apparent film thickness near the visible 
leading edge approaches the limit of resolution of the 
light microscope, these measurements are con- 
sidered to be no better than order of magnitudes es- 
timates. Further, the dimensions of the solid inter- 
crystalline film are not necessarily those of the 
penetrating liquid film, which undergoes properitec- 
tic and peritectic reactions on cooling. 
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Fig. 9—One-half the increase in specimen width, which oc- 
curs during exposure at 670°C, plotted as a function of ex- 
posure time. 
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Fig. 10—Film thickness as a function of length of a film 
oriented approximately perpendicular to the plane of 
“polish. 

Lines of Three Grain Intersections—Specimens 
were sectioned at regular intervals, approximately 
0.01 cm apart, both parallel to and perpendicular to 
the long axis of grains in an effort to ascertain if 
penetration occurred at a faster rate along lines of 
three grain intersections than along surfaces where 


two grains join. No evidence was obtained to indicate 


that penetration occurred at a greater or lesser rate 
along these lines. 

Repeated sectioning of specimens parallel to the 
long axis of the grains shows the film to advance 
rather uniformly along individual grain boundary 
surfaces. However, in some instances on going from 
one boundary to another, at the point of three grain 
intersection, a sharp discontinuity appears. This 
difference in behavior between individual boundaries 
is in agreement with the wide variation in penetra- 
tion depths as shown in Fig. 4. 

Effect of Plastic Strain—Plastic strain, introduced 
into specimens prior to exposure, significantly in- 
creases the penetration rate. Specimens were 
strained by bending about an axis perpendicular to 
the long axis of the grains, as shown in Fig. 11. The 
specimen from which these data were obtained was 
exposed for 2 hr at 670°C. Its dimensions in the 
section shown in Fig. 12 were 2.54 cm long and 0.52 
cm in height. The amount of deformation, X, was 
0.015 cm. Penetration in boundaries near the center 
of the specimen, where most of the deformation oc- 
curred, was about 25 pct greater than in boundaries 
near the ends. There was no significant difference 
between boundaries located on the tension and com- 
pression sides of the specimen. 
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Fig. 11—Depth of penetration into boundaries of a specimen 


bent prior to exposure for 2 hr at 670°C. Specimen was 
0.52 cm high and x was 0.015 cm. 


DISCUSSION 


The occurrence of liquid phase penetration at a 
relatively fast and essentially constant rate under 
isothermal conditions indicates that in this system 
the energy of high angle boundaries is greater than 
twice the liquid-solid interfacial energy. The range 
in penetration depths in an individual specimen, as 
shown in Fig. 4, suggests substantial variation in the 
properties of boundaries which accept the liquid. 

Small amounts of impurities may have marked 
effects on the magnitude of interfacial tensions. 
Therefore, the presence of 0.25 pct Si, 0.22 pct Mn, 
0.03 pct C in the alloy and a small amount of oxygen, 
picked up by the liquid bismuth from the container, 
may influence somewhat the relative values of the 
interfacial tensions concerned. However, since the 
process proceeds at a constant rate under isother- 
mal conditions and in a manner similar to that ob- 
served by Scheil and Schessl for liquid bismuth 
penetrating into copper, it is believed that these re- 
sults are representative of liquid intercrystalline 
penetration in systems where the grain boundary 
tension is greater than twice the liquid-solid inter- 
facial tension. 

Three mechanisms for the initial step in the pene- 
tration process, that is, for the reaction which oc- 
curs in the vicinity of the leading edge of the pene- 
trating liquid film, have been considered. In the 
first mechanism, a mechanical displacement mech- 
anism, the process is conceived of as one in which 
the advancing liquid film forces the two grains lat- 
erally apart on a macroscopic scale. As penetration 
proceeds some deformation near the leading edge of 
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the film may be required, resulting in specimen ex- 
pansion in a direction perpendicular to the grain 
boundary surface. In the second mechanism, a solu- 
tion mechanism, the process is conceived of as one 
in which the advancing liquid film dissolves material 
at the leading edge, then transports this material to 
the specimen surface where it is deposited. In the 
third mechanism, a ‘‘vacancy-sink’’ mechanism sug- 
gested by Mullins,’° the process is conceived as one 
in which the grain boundary opens up as vacancies, 
drained from the bulk metal, collect at the leading 
edge; the initial step in the penetration process may 
then be viewed as being similar to the climbing of an 
edge dislocation. 

The possibility that penetration occurs by mechan- 
ical displacement of the contiguous grains is sug- 
gested by the observation that an abrupt expansion 
occurs in a bar of tungsten carbide when one end is 
exposed to liquid cobalt. However, during penetra- 
tion, insufficient expansion occurs to account for the 
relatively thick films present in specimens which 
have undergone prolonged exposure. Therefore, 
some solution and redeposition at the specimen sur- 
face must occur, at least in the latter stages of the 
process. If mechanical displacement occurs, it is 
restricted to the early stages of the process. An es- 
timate of its maximum contribution, based on the re- 
sults obtained from the cylindrical specimen, is 10° 
cm per boundary penetrated. 

If the process is entirely one of solution and re- 
deposition, diffusion from the advancing edge of the 
liquid film to the specimen surface is not the slow 
step in the process, as was assumed by Elbaum for 
gallium in aluminum grain boundaries,’ since the 
rate of a diffusion controlled process would not re- 
main constant as penetration proceeds. Also, an 
activation energy of 22,000 cal per g-mole is too 
high for liquid-phase diffusion, although it is in the 
range for surface or grain boundary diffusion. 
Therefore, if the mechanism is entirely one of solu- 
tion and redeposition, it is suggested that the rate 
limiting step is associated with reactions which oc- 
cur at or just ahead of the advancing liquid film 
edge. Possibilities are transfer of nickel across the 
solid-liquid interface or diffusion of bismuth in the 
grain boundary ahead of the advancing film. 

There is evidence to indicate that bulk solid 
metals may dissolve into liquid metals at rates 
greater than penetration rates observed for grain 
boundary solution in this system. Ward and Tay- 
lor,’” observed initial solution rates of approxi- 
mately 10° atoms per cm’ per sec for copper in 
unsaturated liquid bismuth at 510°C and gave evi- 
dence that the rate controlling step in this process 
was liquid phase diffusion. If the fraction of melting 
point is used as a basis of comparison for copper 
and nickel, 510°C for copper corresponds to 722°C 
for nickel. At 722°C the grain boundary penetration 
rate is equivalent to 10°” atoms per cm’ per sec, as- 
suming bulk density for the grain boundary. Since 
the solution processes for the two instances are not 
identical and since the difference in solution rate is 
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not particularly large, the possibility that the re- 
action is controlled by the rate of transfer of nickel 
across the advancing interface cannot be eliminated 
on this basis. 

The vacancy-sink mechanism can be associated 
with grain boundary diffusion since the grain bound- 
ary may be the source of a relatively large number 
of vacancies and in the presence of a vacancy con- 
centration gradient will tend to transport vacancies 
to the advancing film edge. Therefore a detailed 
analysis might predict an activation energy in the 
range observed. However, only the initial stages 
of penetration are predicted by this mechanism 
because it ceases to operate at the point where 
the grain boundary opens up on an atomic scale. 
Subsequent thickening of the films to the macro- 
scopic thickness observed must proceed by another 
mechanism, probably one of solution and redeposi- 
tion at the specimen surface. 

Consideration has been given to reasons why rela- 
tively thick liquid films form almost immediately as 
penetration proceeds. Grain boundaries are elimi- 
nated long before the films reach the thickness ob- 
served near their apparent forward edge. It appears 
that liquid intercrystalline films in contact with bulk 
liquid at the specimen surface resist thinning to be- 
yond a certain minimum thickness. The observation 
that abrupt expansion occurs when partially sintered 
compacts of tungsten carbide are exposed to liquid 
cobalt® suggests that during the early stages of 
thickening intruding interparticle films are capable 
of exerting an appreciable force. It has been ob- 
served that when a gas bubble in certain water solu- 
tions is pressed against a solid surface or against 
another bubble a detectable force develops which op- 
poses thinning of the resulting liquid film to below 
the range 10° to 10° Athickness.’**"* Additives to the 
water such as sodium hexadecyl sulphate and sodium 
oleate are considered to be responsible for the 
effect. In the present case the rapid thickening of 
penetrating liquid films is probably due to a capil- 
larity effect and possibly one which is associated 
with the presence of the alloying elements in the 
nickel. 


SUMMARY 


In summary, it seems reasonably certain that the 
slow step in liquid film penetration is associated 
with a reaction which occurs at or near the leading 
edge of the film. Either transfer of nickel across 
the liquid-solid interface or diffusion in the grain 
boundary ahead of the liquid film is suggested. A 
grain boundary diffusion mechanism only describes 
the initial stages of the process; subsequent thicken- 
ing of the films to the macroscopic thickness ob- 
served must occur by solution and redeposition of 
material at the specimen surface. 
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during the ‘‘down’’ transformation was studied in zone-refined 
ivon and dilute binary alloys containing nickel and molybdenum 
by means of the thermionic emission microscope and high 


speed photography. The frontal movements were found in all 
cases to be definitely discontinuous with time and an appreci- 
able number of incremental jumps were found to proceed in 
the reverse direction (a to y). Molybdenum was found to be 
particularly effective in increasing the frequency of the in- 
crements of transformation from the stable to the metastable 


phase. 


A knowledge of the mechanism by which alloying 
elements affect the hardenability of a steel is desir- 
able from both the practical and scientific viewpoints. 
It is well established that microstructures consist- 
ing of tempered martensite and lower bainite exhibit 
the best performance in terms of toughness and re- 
sistance to crack propagation. The presence of some 
upper transformation products, namely ferrite and 
pearlite, is in general undesirable. Various re- 
searches have indicated that the ferrite matrix grain 
structure is a very important difference between the 
upper and lower transformation products, namely 
equi-axed vs acicular. Any comprehensive theory of 
the decomposition of austenite should explain the de- 
pendency of the morphology of the matrix on under- 
cooling. 

The contribution of various alloying elements to 
hardenability has been determined experimentally 
and catalogued in considerable detail. A rationaliza- 
tion of the basic mechanism or mechanisms by 
which individual elements affect the kinetics of the 
decomposition of austenite to products other than 
the phase ‘‘martensite’’ has not been evolved as yet. 
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Interest in this problem was stimulated by the ef- 
fects of minute quantities of boron in hardenable 
steels. This paper deals with one aspect of this prob- 
lem, namely the characteristics of the y-a@ transfor- 
mation in high-purity iron and in two carbon-free 
iron binary alloys. 

A detailed historical account of the scientific de- 
velopments in the study of the decomposition of aus- 
tenite would be a prodigious undertaking and will not 
be attempted here. There are several excellent re- 
views in the literature on the formation of pearlite, 
martensitic reactions, and kinetics of solid-state 
reactions. The thinking on reaction mechanisms has 
been influenced to a large degree by the ‘‘classical’’ 
Tammann nucleation and growth model, in which an 
embryo springs into being by a fluctuation, and 
grows to a critical size through atom by atom de- 
position. Such a process is expected, accordingly, 
to be diffusion controlled. Considerable research at- 
tempting to relate the contribution of alloying ele- 
ments to hardenability on the basis of their effect on 
the diffusivity of carbon in iron has not been produc- 
tive from a mechanistic viewpoint. The formation of 
pearlite and ferrite has been treated in terms of 
nucleation and growth processes in which presumably 
the lattice transformation also occurs by a diffusion 
process. The other prominently considered mecha- 
nism is the ‘‘martensitic’’ or cooperative shearing 
mechanism. It seems generally, but not entirely, 
agreed that the phase ‘‘martensite’’ forms by this 
mechanism, and that it is involved to some extent in 
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the formation of lower bainite. Smith? has proposed 
that pearlite can form austinite by the movement of a 
noncoherent interface and Massalski? has introduced 
the concept of ‘‘massive transformations’’ occurring 
by the rapid motion of a high energy interface. 

It is clear that the mechanism by which y iron 
transforms to a iron is a vital issue in understand- 
ing the decomposition of austenite. From the view- 
point of a diffusional process, ferrite would be en- 
visioned to arise from an embryo in the austenite and 
grow by advance of an interface, presumably inco- 
herent, in which both the lattice rearrangement and 
essentially complete partitioning of the carbon to the 
austenite occurs. It is possible also, to propose that 
this segregation of carbon takes place in the meta- 
stable austenite. In the case of pearlite formation, 
however, this interface is called upon to deposit the 
cementite lamellae behind it in the ferrite instead of 
sweeping the carbon atoms into the austenite. If it 
can be demonstrated that the transformation occurs 
first by a cooperative shearing mechanism (marten- 
sitic), then it can be hypothesized that supersatura- 
tion with respect to carbon is physically attained by 
the transformation followed by either ‘‘squeezing’’ 
out of carbon atom by the increment of transformed 
layer, or by a subsequent precipitation of a carbide 
phase. The case of formation of the phase ‘‘marten- 
site’’ is then a limiting case in which the transforma- 
tion takes place with the solute atoms in situ, with no 
subsequent precipitation of carbides. Accepting that 
the phase martensite in steels forms by a marten- 
sitic mechanism, the crucial question suggests itself: 
Does the mechanism of the lattice transformation 
indeed change above the Ms temperature from a mar- 
tensitic mode to a diffusional mode? Previous con- 
siderations of this problem by this laboratory® sug- 
gested that such an ‘‘order-to-order’’ transforma- 
tion should proceed by a martensitic process at all 
degrees of undercooling. 

It is unfortunate in some respects that the charac- 
teristics of martensitic transformations were for- 
mulated on the basis of the formation of ‘‘martensite’’ 
in hardenable steels. Kurdjumov and subsequent 
workers demonstrated the lack of generality of such 
criteria as morphology, kinetics, and time independ- 
ence of the reaction, raising the question of an un- 
equivocal criterion for discerning the basic mech- 
anism of the allotropic transformation in iron. After 
careful consideration of this problem, Eichen and 
Spretnak* adopted as the criterion for the mechanism 
the manner in which the y-a interface moves during 
transformation: a) if continuous with elapsed time, a 
nucleation and growth mechanism is indicated, b) if 
discontinuous with time, a martensitic, or coopera- 
tive shear, mechanism is indicated. This criterion 
did not gain universal approval and accordingly it 
must be regarded as tentative. The surface of the 
specimens in this research was observed to rumple 
consistently as a result of cycling through the trans- 
formation. 

The frontal movement was studied by Eichen and 
Spretnak by means of high-speed photography of the 
moving front on the screen of a thermionic emission 
electron microscope, followed by frame-by-frame 
analysis of the film. The experimental conditions re- 
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stricted the studies to continuous cooling with the 
transformation occurring at mild degrees of under- 
cooling. The front was found to move consistently in 
a discontinuous manner with time, in keeping with the 
concept of an initiation of a shearing event, the prop- 
agation through an increment of volume until scat- 
tered and halted, a rest period, and finally a re-initi- 
ation of a shearing event. These measurements 

were facilitated hy the fact that very often straight 
moving fronts were observed on the film sweeping 
out large areas on the screen. On the basis that the 
selected criterion for discerning the mechanism is 
acceptable, the following conclusions resulted: 

1) The frontal movement is discontinuous with 
time and a martensitic mechanism is indicated for 
the A, transformation in iron. 

2) The greater the degree of undercooling, the 
longer the average shear length, and the shorter the 
average rest period between successive shears. 

The present paper extends these studies to zone- 
refined iron, iron-molybdenum and iron-nickel bi- 
nary alloys. 


EXPERIMENTAL PROCEDURE 


The microstructural features of the y-a trans- 
formation were followed on the screen of a thermionic 
emission electron microscope which has been de- 
scribed elsewhere.® This instrument was designed 
with its axis in a horizontal position in order to 
facilitate photography of the fluorescent screen. 

This instrument was selected for these studies be- 
cause of its convenience at elevated temperatures, 
its good resolution, and good contrast between grains 
and phases, The image is produced by emission of 
electrons from a flat specimen surface (specimen is 
3/8 in. in diam and 0.030 in. thick) with the aid of an 
activator, their acceleration to an electrostatic lens 
system in which they are refracted to form the sur- 
face image on a fluorescent screen, using a zinc 
oxide phosphor. The activator was pulverized BaCO, 
passed through a 100-mesh screen. Three grams of 
this powder is added to 400 cc of ethyl alcohol, the 
mixture shaken well, and allowed to levigate for 30 
min in order to establish a consistent suspension 
concentration near the top of the liquid. The sus- 
pension is added drop by drop, allowing each drop to 
dry on the surface, until a slight frost appears on 
the specimen surface. The surface temperature of 
the specimen was calibrated by thermocouple tech- 
niques® so that the Variac transformer power read- 
ings in the specimen heater circuit corresponding to 
various equilibrium temperatures is known. Also, 
the cooling curves were determined for the speci- 
men surface resulting from suddenly changed power 
setting corresponding to an equilibrium value for a 
temperature under the A, temperature. It was de- 
termined that a gradient of 29°C exists from the 
periphery to the center of the specimen at tempera- 
tures in the vicinity of the transformation tempera- 
ture. This gradient assures that on cooling, the 
transformation will initiate at the periphery and pro- 
ceed to the center of the specimen on a ‘‘down’’ 
transformation. 
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The photographing of the moving front was done 


with the cooperation of the Department of Photography, 


The Ohio State University, by a high-speed movie 
camera operating at 64 frames per sec. Several 
sequences were taken of each specimen. The general 
technique was described in a previous publication.‘ 
Enlargements were made of each frame and the po- 
sition of the front was measured from a convenient 
fiduciary line established from microstructural fea- 
tures. The advantage of using fiduciary marks which 
are inherent in the microstructure is that an acci- 
dental movement of the screen image through occa- 
sional arcing, or slippage in the movie camera will 
not affect the measurement of the position of the 
front. A check was made to determine whether or 
not film shrinkage or magnification variations from 
frame to frame was seriously affecting the meas- 
urement. It was found that in 150 frames, the dis- 
tance between two points in the microstructure was 
reproducible to +0.005 in. at X200. This was taken 
as the experimental error; from one frame to the 
next, if the front was stationary or apparently moved 
less than 0.010 in., it was judged as no action in the 
frame—if it moved more than 0.010 in., it was judged 
to have undergone a significant movement. The ac- 
tual jump, of course, is not caught at these film 
speeds; the action when it was observed occurs in 
the interval between frames. 

The iron used in these studies was zone-refined 
iron supplied by the Battelle Memorial Institute 
through the sponsorship of the American Iron and 
Steel Institute.* The previously reported work* em- 


*The analysis is reported as follows in ppm: C < 10, O—27,N <2, 
H <0.1, X< 10, P<5, Al—4, Sb< 10 (ND), As < 10 (ND), B< 5, Ca-1, 
Cd < 50 (ND), Cr—1, Co—10, Cu-1, Ga< 50 (ND), Pb < 1, Mg—2, 
Mn—1, Mo—10, Ni-—4, Si— 10, Sn—1, V < 10 (ND), W<1(ND). Note: ND 
signifies not detected. 
ployed triple refined electrolytic iron containing 
about 2500 ppm impurities. The zone-refined iron 
was used to fabricate the iron specimens and also 
as melting stock for the molybdenum and nickel al- 
loys. Charges were carefully weighed up to obtain a 
Fe-1 pct Ni and Fe-1 pct Mo alloys. The alloys were 
melted in a small tungsten-arc button furnace. Six 
meltings of the button were effected, the button being 
turned over after each melting in order to minimize 
segregation. The buttons were carefully weighed 
after melting and losses in melting never exceeded 
0.16 pct by weight; the buttons were not analyzed 
quantitatively for nickel and molybdenum. The but- 
tons were rolled to 0.030 in. sheet from which the 
disc-shaped specimens were fabricated for the mi- 
croscope. 


EXPERIMENTAL RESULTS 


The y-a transformation was made to occur under 
three different thermal histories corresponding to 
instantaneously changing the power input to the speci- 
men heater coil from 25 w to a) 18 w, b) 17 w, and 
c) 16 w. The setting of 25 w corresponds to a steady- 


state peripheral specimen temperature of 930°C, 18 w 
to 857°C, 17 w to 842°C, and 16 w to 815°C. The three 


materials were in this manner subjected to three re- 
producible cooling rates through the transformation 
range. Care was taken to position the specimen each 
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time in order to have the structure on the screen 
corresponding to the center of the specimen. 

Three parameters characteristic of the transfor- 
mation were measured. These are as follows: 

1) The magnitude of the displacement of the front 
in the cases in which the front was observed to move 
from one particular frame to the next, hereafter 
termed the shear length. 

2) The time interval between successive displace- 
ments or shearing events, hereafter termed the rest 
period. This parameter corresponds to the number 
of ‘‘no-action’’ frames between two shearing events.* 


*Actually, this is taken as the number of ‘‘no action’’ frames between 
two action frames minus one, since the action can take place throughout 
the 1/64 sec interval. 

Since each frame represents a time interval of 1/64 
sec, the rest period between shears is directly de- 
termined. 

3) The time interval between the initiation of the 
cooling of the specimen and the observation of the 
transformation front in the center of the specimen, 
hereafter referred to as the start time. 

The analysis of the film revealed two particularly 
interesting facts. First, as was observed by Eichen 
and Spretnak? using refined electrolytic iron speci- 
mens, the y-a front moves in a discontinuous man- 
ner. Secondly, although the transformation of the y 
iron occurs at temperatures at which a iron is the 
stable phase, the movement of the front is observed 
to occur in the backward direction, along with the 
predominantly forward jumps. That is, rather fre- 
quently an incremental volume of a at the y-a 
interface transforms back to the metastable phase. 

A summary of the data obtained is given in Table 
I. In this table, Fp is the fraction of the total number 
of jumps, or shear displacements, which were of the 


“backward nature’’, AXp and AXp are the average 
values of the backward and forward jumps in inches 
measured at X200, and A@ is the average value of 
the rest period in units of one sixty-fourth of a sec- 
ond. Included, also, in Table I is a comparison of the 
time required for the front to travel an arbitrary 
distance (3/16 in.) as computed from the observed 
overall movement in the film, for an entire sequence 
and as computed from the average rest period, fre- 
quency of back jumps, and average jump lengths as 
follows: 

Distance travelled in increment of time d; = num- 
ber of jumps forward X average jump length forward - 
number of back jumps x average length of back jumps. 

The total number of jumps in time d; is d;/46, 
where Aé@ is the average rest period. 

Then 


dx = (1 Fp [1] 
where 
Fp = fraction of total jumps in back direction 
AXpr = mean jump length in forward direction 
AXp = mean jump length in backward direction. 
Collecting terms, 


dx _[4Xp - Fp (AXr + AXp)] [2] 


a: 
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Table I. Summary of Data on Transformation Kinetics of Zone-Refined Iron and Dilute Binary Alloys Containing Nickel and Molybdenum 


Time for Interface to 
Travel 3/16 In, Sec 


Average 
— — =< As Calcu- As Mea- Start 

Experimental AXF, AG, lated from sured from Time,* 
Conditions Material Fz In. at X200 _—iIn. at X200 Sec Eq. [1] the Films Sec 
25 18 w Zone-refined Iron 0.273 0.013 0.0188 2.16/64 126 150 112 
1 wt pet Ni 0.333 0.0176 0.0251 1.69/64 91 83 72 
1 wt pct Mo 0.450 0.0239 0.0245 1.88/64 407 405 14 
25 17 w Zone-refined Iron 0.347 0.0192 0.0221 1.67/64 125 126 64 
1 wt pet Ni 0.167 0.0187 0.0201 1.97/64 85 96 43 
25 16 w Zone-refined Iron 0.410 0.0197 0.0244 1.39/64 130 130 35 


*Nucleation site for observed front at center of specimen is unknown. It may have been nucleated at sites other than the periphery. 


The time to travel an arbitrary distance of 3/16 

in. is 
3] 

16 [AXpr = Fp(AXp AXp)] 
This calculation serves two purposes: 1) it gives a 
direct comparison of the net overall frontal move- 
ments, and 2) it affords an idea of the degree of 
skewness of the distribution of rest periods and 
jump lengths. If these distributions are normal, the 


times for travel of a given distance computed by the 
two methods should be identical. 


43/16(seconds) = 


The last column in Table I gives the ‘‘average start 


time’’ for the iron and iron alloys. This is the time 
between the start of cooling the specimen and the ob- 
servation of the transformation at the center of the 
specimen. These data should reflect the velocity of 
the movement of the transformation front, provided 
that the front is initiated at the same position in the 
specimen in each case, In the case of random nu- 
cleation over the surface of the specimen, the start 
time must be considered in terms of an average 
value, since the observed front can nucleate at any 
site on the specimen surface. The average start 
time can be calculated as follows, assuming that the 
specimen is at uniform temperature and free of 
structural discontinuities (random nucleation): 

The probability of the nucleus forming within an 
annular ring of the width dr = 


_ _2nrdr 


where y+ is the radius and the specimen radius is 
3/16 in, 
3/16 
, 
Pav 7(3/16)? [5] 


where v is the velocity of the front and 


computations may be complicated by the fact that the 
velocity values used are those characteristic of the 
center of the specimen and may not be characteris- 
tic of the entire specimen. 


DISCUSSION OF RESULTS 


The discontinuous motion of the y-a interface 
during transformation in the high-purity iron and 
iron binary alloys is again demonstrated. On the 
basis of the nature of the frontal movement as the 
criterion of the mechanism, the observations suggest 
that the lattice transforms by a martensitic mecha- 
nism. A typical rest period between successive nu- 
cleation events is 0.03 sec. A typical shear length 
(jump) or transformation path length in the forward 
direction is 0.00011 in., or 9300 atom distances. It 
is of interest to note that the back jumps are con- 
sistently shorter than the forward jumps. The data 
for the zone refined iron shows that the average 
jump distance increases and the rest period de- | 
creases with increasing undercooling. The increase 
in frequency of backjumps essentially cancels this 
advantage so that the kinetics in terms of dx/dt are 
essentially the same for the three degrees of under- 
cooling. It is interesting to note that these factors 
so combine in the case of the nickel alloy as to in- 
dicate a smaller dx/dt than for pure iron. At the 
smallest undercooling, molybdenum is very effec- 
tive in reducing the dx/dt as compared to that of 
pure iron. Films satisfactory for analysis at 64 
frames per sec could not be obtained for the alloys 
at increased undercooling because of the deficiency 
in screen intensity. 

In the previous paper on this subject,* occasional 
backups were reported to have been found on the 
triple refined electrolytic iron. Since about 27 pct 


Table Il. Test of Randomness of Nucleation Sites for the 
Transformation Fronts 


1 
= Bp [6] Dav 
Frontal Calcu- bay 
Experimental Velocity, v, lated, Ob- 
It the front is nucleated randomly, the average start Material tie 
time will be inversely proportional to the average : - 
frontal velocity. The calculated start time is com- + 18 w Zone-refined Iron = 0.5 100 112 
: 1 wt pet Ni 0.00226 55 72 
pared to the observed values in Table II. The gen- i stent te 0.00046 270 14 
eral lack of agreement leads to the conclusion that 25 +17 w Pn aN OER 0.00149 84 64 
nucleation is not random in the specimens, and that 1 wt pet Ni 0.00195 64 43 
thermal gradients and microstructural features have 25 » 16 w Shciiaaiali tee 0.00144 87 35 


an influence in determining nucleation sites. These 
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of the jumps in the zone-refined iron were found to 
be the reverse type, it was decided to check the 
original film, using the now-established film meas- 
uring technique and using an experimental error of 
+0.005 in. at X200. The undercooling corresponded 
to the 25 to 18 w sequence. The data obtained are as 
follows: Fp = 0.292, AXp = 0.018 in., AX, = 0.017 
in, (at X200), Ad = 2.07/64 sec. These data are in 
reasonably good agreement with those in Table I, 
but are not in particularly good agreement with the 
prior data. It is not clear why the original data in- 
cluding the frequency of backups are not in better 
agreement with the recheck, except that the tech- 
nique for analysis in general was improved. 

An attempt was made to ascertain whether or not 
the individual shear jumps simulate a Poisson proc- 
ess, namely one in which the same event is occurring 
at intervals on a time scale and each event is inde- 
pendent of previous events.’ A strip of 220 frames 
of the transformation film of the Fe-1 wt pct Mo 
alloy was divided into equal intervals of 10 frames 
each, or time intervals of 10/64 sec, and the number 
of jumps which occurred in each time interval was 
tabulated and compared with the distribution pre- 
dicted for a Poisson process. The results are tab- 
ulated in Table III. There is considerable deviation 
from the expected Poisson distribution in the inter- 
val from K = 4 to K = 8. Considerably more data 
(number of intervals) are needed in order to draw a 
firm conclusion concerning the nature of the proc- 
ess. The indicated poor fit of the distributions, how- 
ever, point to the process as being a stochastic 
process in which the future is never uniquely deter- 
mined, but depends on the present state of the sys- 
tem. Such a process, seemingly, is expected in the 
system when one considers the various relaxation 
processes expected in the system as a result of the 
volume expansion accompanying the lattice trans- 
formation. In connection with possible relaxation 
effects, it was of interest to estimate the thermal 
history of a typical size increment of transformed 
a, assuming that it acts as an instantaneous heat 
source bounded on both sides by semi-infinite heat 
sinks. It is estimated that the instantaneous tem- 
perature rise is about 22°C and that in the time in- 
crement of an average rest period (1.5/64 sec), 
this temperature rise would diminish to approxi- 
mately 0.3°C. 

This paper serves two main purposes: 

1) Present further evidence that the lattice trans- 
formation in iron proceeds in a distinctly discon- 
tinuous manner at mild degrees of undercooling. 
Assuming that one accepts the criterion adopted for 
discerning the mechanism, these data suggest that 
the basic lattice transformation occurs by a marten- 
sitic mechanism at all degrees of undercooling. An 
important ramification of such a finding is the possi- 
bility that a supersaturated a phase is generally 
formed first, followed by whatever breakdown of this 
solid solution might occur. 

2) Present evidence on the effect of substitutional 
solute atoms on the nature of the movement of the 
transformation front. An important disclosure is the 
presence of back jumps (a-y) of the front. It is seen 
that alloying elements can affect the frequency of 
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Table 111. Test of Data on Kinetics of Transformation of the 
1 Pct Mo Alloy as a Poisson Process, 
Each Event Independent of Others 


K NK 


Expected Nx 
from Poisson’s 
Distribution 


No. of Shears in an No. of Intervals of 
Interval of 10/64 Sec, 10/64 Sec with 
or Ten Movie Frames K Shears per Interval 


0 - 0.1 
1 - 0.6 
2 2 1.6 
3 3 2.8 
4 2 3.6 
5 3 3.8 
6 Uf 3.4 
7 Z 2.5 
8 3 17 
9 1.0 
10 ~ 0.5 


these back jumps, suggesting a new possibility by 
which alloying elements may affect the kinetics of 
decomposition of austenite. 

No attempt is made at this time to rationalize the 
kinetics of the transformation. It is doubtful that the 
absolute rate theory would be particularly useful 
since it deals with individual atoms gaining a saddle 
point; in the martensitic process, the problem deals 
with the probability of groups of atoms attaining some 
saddle point. An interesting feature of this case is 
that the back reaction is clearly distinguishable from 
the forward reaction. A suitable model must be de- 
vised and the problem attacked from first principles; 
a start in this direction has been made by Crussard.® 
The present findings serve to suggest new possibili- 
ties of mechanisms by which alloying elements can 
affect the kinetics of a martensitic transformation 
in which lattice coupling of the two phases is an in- 
herent characteristic. Some tentative possibilities 
are listed: a) altering of lattice force constants which 
can affect the modes of vibration of the lattice, b) in- 
duce clustering in parent lattice which can act to 
scatter certain group waves in the lattice, c) effect 
on coherency strains, and d) blocking of relaxation 
of transformational strains through plastic flow by 
impeding dislocation movement. Such possibilities 
as these indicate a formidable challenge in gaining a 
comprehensive understanding of the mechanisms by 
which alloying elements affect the kinetics of the 
decomposition of austenite. 
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The Structure and Associated Properties of an 


Age Hardening Copper Alloy 


The electrical, mechanical, and corrosion cracking prop- 
erties of an age-hardenable Cu-Ni-Si alloy have been studied 
over a range of time, temperature, and deformation states for 
the purpose of determining the relationship between the proper- 
ties and the structural state. The precipitate has been identi- 
fied as Ni,Si, and the sites of preferred precipitation have 
been located by electron microscope studies of the structures 
developed by various combinations of heat treatment and 
plastic deformation. An extreme form of deformation banding 
has been observed in the aged alloy that results in high 
strain concentration in bands lying parallel to {111} planes. 


These bands are the structural paths along which transcrys- 


W. D. Robertson 


talline cracks propagate in the deformed alloy. The observa- 


tions provide a basis for a general mechanism of transgranu- 
lar corrosion cracking of face-centered cubic alloys in terms 


of stacking fault probability. 


Aone the age-hardening copper alloys the copper- 
nickel-silicon (Silnic Bronze) type is outstanding in 
exhibiting a high strength combined with a consider- 
able capacity for cold working, a relatively high con- 
ductivity, and a low to negligible susceptibility to 
stress corrosion cracking. It is not a new alloy and 
it has been the subject of a number of investiga- 
tions,'~5 which were made primarily to establish 
practical composition and heat treatment limits. 

The structural characteristics of the aging processes 
in this alloy have not previously been studied in de- 
tail. 

This particular investigation was undertaken to ex- 
plore, in detail, and over a wide range of conditions, 
the properties obtainable by various combinations of 
working and heat treatment and to correlate struc- 
tural changes with the observed mechanical, elec- 
trical and corrosion properties. 


MATERIAL AND PROCESSING 


Eight different commercial heats of the alloy were 
made and used in the investigation. The range of 


composition among the eight heats is shown in Table I. 
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Billets, 8 by 24 in., were cast into water-cooled 
molds, extruded to 1.687-in. rod, and quenched in 
water after extrusion. Extruded material was rod 
rolled to 0.750 in., annealed at 1450°F for 2.5 hr, 
and quenched in water. Subsequent working opera- 
tions were performed by tandem rolling to various 
sizes depending on the degree of reduction required. 
Final cold-working operations were performed by 
drawing to a uniform size of 0.187 in. diam and 
straightening by a roller straightening machine 
(Lewis). 

The combinations of heat treatment, working and 
aging that were investigated are summarized in Table 
II; the various treatments were performed in the or- 
der given in each row of the table, and they will be 
subsequently identified by the symbols shown in the 
first column. 


SOLUTION TREATMENT 
All material investigated in the cold-worked condi- 
tion, or cold worked prior to aging, was solution 


Table | 


Weight Percent 


97.24 to 97.64 
1.73 to 1.93 
0.51 to 0.73 
0.01 to 0.005 
0.02 to 0.01 
0.01 to 0.005 
0.02 to N.D. 
0.01 to 0.20 


Copper 
Nickel 


Silicon 
Lead 

ron 
Tin 
Manganese 
Zinc 
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Table 11. Conditions of Heat Treatment and Cold Working 


Symbol 


Q 
QA 
QD 
QDA 


— Quenched (1450° F) 

— Quenched (1450°F); aged (750°, 850°, or 950°F) 1 to 5000 min 
— Quenched (1450°F); cold drawn 50 or 75 pct 

— Quenched (1450°F); cold drawn 75 pct; aged (750°, 850°, or 


950° F) 1 to 5000 min 
QDA — Quenched (1450°F); cold drawn 50 or 75 pct; aged 850°F, 90 min 
QAD — Quenched (1450°F); aged 850°F, 90 min; cold drawn 50 or 75 pct 
QDAD — Quenched (1450°F); cold drawn 50 pct; aged 850°F, 90 min, 
cold drawn 50 or 75 pct. 
QDAD — Quenched (1450°F); cold drawn 75 pct; aged 850°F, 90 min; 
cold drawn 50 or 75 pct. 


treated in coils in production furnaces, at a nominal 
temperature of 1450° F and quenched by water sprays. 
Material in the quenched, or quenched and aged con- 


dition, was enclosed in copper boxes containing char- 
coal to prevent internal oxidation and solution treated 
in laboratory furnaces for a total time of 1 hr, in- 
cluding 20 min to reach 1450°F. Aging treatments 
were also performed in laboratory furnaces; aging 
treatments less than 60 min were performed ina 
lead bath, and longer aging treatments were carried 
out in air furnaces, in which case the recorded time 


is time-at-temperature. 


METALLOGRAPHY 


Conventional methods were used for structural 
observations and the only significant feature is the 
fact that decorated dislocation pits are shown to be 
present by the ammonium hydroxide and hydrogen 
peroxide etch, but not by the other etching reagents 
commonly used for copper base alloys. 


950° F 
@ 75% Reduction Before 
© O% Reduction Before 


ROCKWELL HARDNESS 
b 


Aging 
Aging 


850° F 


@ 75% Reduction Before Aging 
o O% Reduction Before Aging 


Fig. 1. Aging curves for a Cu-Ni-Si alloy 
as a function of time and temperature for 
“| the quenched, and the quenched and cold- 
drawn conditions. 
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Fig. 2. The rate of aging for material that was quenched, 
or quenched and cold-drawn 75 pct prior to aging. 


Specimens were prepared for electron microscope 
examination by electropolishing and etching in phos- 
phoric acid. A replica of the polished surface was 
made by evaporation of carbon directly on the sur- 
face; the replica was shadowed with palladium, at 
45 deg. After shadowing, the replica was undercut 
with ammonium persulfate and, in doing so, a num- 
ber of additional particles were freed from the vol- 
ume of material below the polished surface; these 
particles adhered to the replica but, since they were 
not shadowed, they appear only as silhouettes in the 
electron micrographs. The particles extracted from 
the underlying volume increase the apparent number 
of particles of precipitate per unit area of polished 
plane, but only those particles that were shadowed 
actually lie in the original plane of polish and corre- 
spond to the state of the structure seen in a single 
plane. The electron micrographs that illustrate the 
various processes represent negative replicas of the 
surface. 


AGING TIME AND TEMPERATURE 


After solution treatment at 1450° F, the dependence 
of mechanical properties on time and temperature of 
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aging was first investigated, in terms of hardness, 
at 750°, 850°, and 950° F; subsequently, tensile 
strength and yield strength (1/2 pct strain under 
load) were obtained after aging at 850° F, which ap- 
pears to be the optimum aging temperature. 

The data shown in Fig. 1 follow the anticipated pat- 
tern in that maximum hardness is attained at shorter 
times as the temperature increases. When preceded 
by cold work, the maximum properties are, again, 
obtained in a shorter aging time at the same tempera- 
ture. To provide a convenient method for extrapola- 
tion and interpolation of heat treatment time and 
temperature, the data are presented in Fig. 2 in 
terms of hardness as a function of the reciprocal 
aging temperature (1/°K), corresponding to the gen- 
eral equation for diffusion controlled processes: 
in 
The apparent activation energy, Q, is 43,600 cal per 
mole for the undeformed state and 24.2 kcal per mole 
when aging is preceded by 75 pct plastic reduction in 
area, 

The absolute value of the hardness attained at 
maximum does not vary significantly with aging tem- 
perature in the range investigated. Consequently, an 
optimum aging temperature of 850° F was chosen and 
complete mechanical properties were obtained, with 
and without prior cold drawing to 75 pct reduction in 
area. The results are shown in Fig. 3. It appears 
that the various properties attain their maximum val- 
ues at different times when aged without previous de- 
formation; however, when aging is preceded by 75 
pct reduction, all mechanical properties attain their 
respective maxima almost simultaneously. The 
change in conductivity (Pct I.A.C.S.) with aging time 
is shown in Fig. 4 for both the quenched and quenched 
and deformed states preceding aging at 850°F. 


rate = 


COMBINATIONS OF DEFORMATION AND AGING 


Further improvement in properties can be obtained 
by cold deformation subsequent to aging. Material 
was aged for 90 min at 850°F after deformation of 
50 and 75 pct reduction in area, or aged first and 
followed by 50 and 75 pct reduction in area. The re- 
sults are shown in Table III. Also incorporated in 
this table are various other combinations designated 
by Q, A and D, corresponding to quenched, aged 


Table Ill. Mechanical Properties 


Condition, Tensile Yield Elonga- 
(A = Aged 90 Min Strength, Strength, tion, Rockwell 

at 850° F) Psi ’ PctExt. Psi Pctin2In. Hardness 
Q 46 ,000 13,000 37.0 F 46 
QA 88,500 55,000 20.5 B71 
QD 50 pct 68,500 62,500 10.0 B71 
QD 50 pct A 103,000 90,000 14.0 B 91 
QD 75 pct 73,000 68,000 11.0 B72 
QD 75 pct A 101,000 89,000 15.0 B 90 
QAD50 pct 106,000 77,500 8.0 B95 
QAD 75 pct 111,500 80,500 7.0 B 95 
QD 50 pct AD SO pct 125,500 82,500 7.0 B 98 
QD 50 pct AD75 pct 127,000 79,000 7.0 B 100 
QD 75 pct AD50 pct 125,500 81,000 7.0 B 99 
QD 75 pet AD75 pct 113,500 82,500 7.0 B 96 
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Fig. 3. Effect of aging time at 850°F on 
the mechanical properties of material 
quenched, or quenched and cold-drawn 
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850° F—90 min, and cold drawn, respectively. It is pet and aged at 850°F are shown in Fig. 6. A typical , 
particularly interesting that excessive deformation set of the corresponding creep curves at 400°F and ‘ 
subsequent to aging appears to diminish slightly the at stresses from 10,000 to 60,000 psi are shown in ‘ 
tensile strength. Fig. 7. ; 
ELEVATED TEMPERATURE PROPERTIES STRUCTURE ; 
The tensile properties of the material after quench- In order to produce a sufficiently large grain size a 
ing, drawing (80 pct) and aging for 90 min at 850°F for purposes of detailed microstructural examina- d 
are shown in Fig. 5 for temperatures to 700°F anda ___ tion and the evaluation of structure dependent prop- p: 
strain rate of approximately 0.05 min=}, erties such as stress corrosion cracking, some 
Stress-rupture (constant load) obtained at 300°, specimens were heat treated at 1750°F for 2 hr and Q 
400°, and 500°F on 0.125 wire quenched, drawn 88 cooled to 1450° F, where they were held for 2 1/2 hr 
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Fig. 5. Effect of temperature on the mechanical properties 
of material quenched, drawn 80 pct and aged 90 min at 
850°F and evaluated at a strain rate of 0.05 min“!. 
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Fig. 4. Effect of aging time at 850°F on the conductivity 
(pet LA.C.S.) of material quenched, or quenched and cold- 


drawn 75 pct. 
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Fig. 6. Stress-rupture curves obtained at 
temperatures of 300°, 400°, and 500°F for 
material quenched, drawn 88 pct and aged 
for 90 min at 850°F. 
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before quenching. These specimens will be desig- 
nated as ‘‘coarse grained’’, Otherwise, all speci- 
mens received the standard solution treatment at 
1450° F followed by quenching and aging at 850°F. 


QUENCHED STATE 


The general structure of the quenched state is 
shown in Fig. 8. Isolated particles of the second 
phase, which has been analyzed and found to be Ni,Si 
are occasionally found at grain boundaries but, 
more generally, they are found scattered about 
within the grains. It seems evident from the results 
of examination with the electron microscope and 
chemical analysis of extraction replicas to deter- 
mine the ratio of nickel and silicon, that the rela- 
tively large particles are Ni,Si that were not taken 
into solution and the particles that are present at 
grain boundaries in the quenched state are there as 
a consequence of boundary migration to the particles 
during solution treatment, rather than as a result of 
precipitation at boundaries during quenching. 


QUENCHED AND AGED 


In the quenched and aged state, which produces 
maximum tensile strength in the absence of prior 
working (300 min at 850°F), microscopic evidence 
of a precipitate appears at grain boundaries, Fig. 
9(a). Precipitation in the undeformed grains, distinct 
from the undissolved second phase, has not been 
definitely identified at any magnification except when 
a clearly defined pattern of ‘‘decorated’’ dislocations 
is observed, Fig. 9(b); rows of dislocations piled-up 
at grain boundaries and twin boundaries, Fig. 9(c), 
are also observed and probably correspond to the 
strain introduced by quenching. 

Fig. 10 shows a fine precipitate of Ni,Si at the 
boundary and also larger spherical particles in the 
grains, which were not taken into solution at the so- 
lution treatment temperature of 1450°F; the larger 
particles disappear when the solution treatment tem- 
perature is raised to 1750°F. Again, there is no 
clear evidence of precipitation within the grains in 
electron microscope pictures, though the structures 
observed after deformation show that the properties 
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of the grains have been very significantly affected by 
the aging treatment. Since the appearance of decora- 
ted dislocations is sensitively dependent on etching 
and the orientation of the surface of the grains, their 
absence from the electron microscope pictures is not 
unusual, 


QUENCHED AND COLD WORKED 


The changes in properties resulting from cold 
working of this alloy, either before or after aging, 
are very substantial and, accordingly, the structural 
changes were investigated in some detail. 

Fig. 11(a) shows a general view of the quenched 
and unaged structure after 50 pct reduction by draw- 
ing. The banding, which remains after polishing and 
etching, has the general characteristics of the so- 
called ‘‘deformation bands’’ (Barrett); in other re- 
spects the structure is typical of a deformed solid 
solution. Fig. 11(b) shows the structure at higher 
magnification but the electrochemical etching pro- 
cedure employed for electron microscope work does 
not produce strong structural contrasts in the de- 
formed solid solution when in the quenched state. As 
in other cases, there is a considerable amount of the 
unshadowed spheroidized second phase which evi- 
dently was not in solution at the quenching temperature. 


QUENCHED, DEFORMED, AND AGED 


Fig. 12(a) shows the banded structure resulting 
from aging for 90 min at 850°F after 50 pct defor- 
mation; the large particles are the undissolved 
second phase and the smaller particles are the pre- 
cipitated phase. Surprisingly, there is no certain 
evidence in this electron-microscope picture of a 
concentration of precipitate in the deformed vol- 
umes which appear to correspond with the curved 
deformation bands of Fig. 11(a). 

Increasing the amount of deformation from 50 to 
75 pct, followed by aging for the same period of 90 
min, at 850° F does, however, produce a substantial 
change in structure. In fact, microscopic evidence 
indicates that recrystallization begins in the time 
interval between 90 to 200 min at this temperature, 
for 75 pct deformation, and the mechanical proper- 
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Fig. 7. Creep curves at 400°F for stresses ranging from 
10,000 to 60,000 psi for material quenched, drawn 88 pct 
and aged for 90 min at 850°F. 


ties, shown in Fig. 3, begin to decrease; this struc- 
tural state also corresponds with the beginning of a 
change in stress-corrosion susceptibility, shown in 
Fig. 12(5), in which it appears that the susceptibility 
in ammonia vapor begins to increase and approach 
the undeformed and fully aged state. Fig. 12(c) shows 
the deformed (75 pct) and aged structure containing 
the remains of the banded structure, and, under these 
conditions of time, temperature and more deforma- 
tion, a very fine precipitate does appear within the 
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Fig. 8. Typical quenched structure showing undissolved 
particles of NisSi. Electron micrograph from palladium 
shadowed carbon replica. Negative replica. X12,000. 
Reduced approximately 49 pct for reproduction. 


bands. Thus the properties of the worked and aged 
material are limited by the competing process of 
recrystallization which, in this system, occurs in 
the same range of time and temperature as is re- 
quired to obtain the optimum properties, and is 
highly dependent on the amount of prior plastic de- 
formation [compare Figs. 12(c) and 12(a)]. 

The first increase in corrosion cracking sus- 
ceptibility resulting from aging the deformed alloy, 
[lower curve in Fig. 12(5)| is probably associated 
with the precipitate appearing in the banded struc- 
ture. In fact, previous work® has shown that the 
curved bands are reactive structural paths, of which 
Fig. 13 is a typical example. The second increase 
in susceptibility to cracking is associated with re- 
crystallization and a change from transgranular to 
the intergranular corrosion of the undeformed state. 


QUENCHED, AGED, AND DEFORMED 


Deformation of the aged alloy produces a structure 
that is entirely different from that associated with 
deformation of the quenched solid solution and one 
which has notable structural features. 

Fig. 14(a) is a general view of the structure pro- 
duced by 50 pct plastic deformation of the aged alloy 
(90 min at 850° F). This is not an isolated structural 
feature of a localized area; it is general throughout 
the section and typical of other samples in this con- 
dition. Note particularly that one set of bands is 
parallel to an identifiable twin boundary, which is 
the trace of a {111} plane. Fig. 14(b) shows the same 
structure at X15,000, again demonstrating the paral- 
lelism of one set of deformation bands with the {111} 
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Fig. 9(@). Material quenched and aged 
300 min at 850°F for maximum tensile 
properties. Note precipitate at grain 
boundaries. Chromic acid etch. X500. 


duction. for reproduction. 


trace of the twin boundary and clearly showing the 
crystallographic character of the deformation process 
It appears that in the aged alloy, though the precipi- 
tate is not visible in the grains, the properties are 
sufficiently changed so that deformation, once started 
on a plane, continues on this plane and in clusters of 
closely adjacent planes. From the parallelism of 
one set of traces with twin boundaries, it seems 
reasonable to conclude that the deformation is con- 
fined to bands parallel with the {111} slip plane. 
Similar phenomena appear in single crystals of an 
aged Al-4 pct Cu alloy in which strain may be almost 
completely confined to a single narrow band with the 
result that one section of the crystal slips past the 
other until fracture occurs in the manner of a deck 
of cards sliding at a single interface.’ 


Fig. 10. Material solution treated at 1450°F, quenched and 
aged 300 min at 850°F. Negative replica. X12,000. Reduced 
approximately 49 pct for reproduction. 
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Fig. 9(6). Crystallographic pattern of 
dislocations in material quenched and 
aged 300 min at 850°F. Ammonium 
hydroxide-hydrogen peroxide etch. 
Reduced approximately 51 pet for repro- X500. Reduced approximately 51 pct 


(c). Rows of dislocations piled- 
up at grain boundaries and twin bound- 
aries of material quenched and aged 
300 min at 850°F. X500. Reduced ap- 
proximately 51 pct for reproduction. 


It was previously shown® that the structure produced 
by deformation of the aged alloy reacts preferentially 
with ammonia at the sites of the deformation bands, 
shown in Fig. 14(c). This reactivity appears to indi- 
cate that the deformed structure itself is more reac- 
tive than the surrounding matrix as a consequence of 
the concentrated plastic deformation, which possibly 
takes the form of a high concentration of stacking 
faults. In the latter event the deformed structure 
corresponds to the introduction of layers in a hexag- 
onal close-packed sequence in the face centered 
cubic matrix and, accordingly, it possesses a higher 
energy and reactivity; it is also possible as suggested 
by Swann and Nutting,® that chemical interaction of 
solute with the deformed structure results in an in- 
crease in solute at these sites and a corresponding 
reactivity. 


QUENCHED, DEFORMED, AGED, AND DEFORMED 


Superimposing the different processes, and in- 
creasing the properties by the substantial amounts 
shown in Table III, produces structural changes that 
appear to be combinations of the previously observed 
phenomena. 


Fig. 11(@). General view of quenched and deformed struc- 
ture showing deformation bands produced by 50 pet reduc- 
tion by drawing. X500. Reduced approximately 25 pct for 


reproduction. 


VOLUME 221, JUNE 1961-509 


Ni 
tg 
‘ 


Fig. 11(b). Electron micrograph of material quenched and 
cold-drawn. The etching contrast of deformation bands in 
the deformed solid solution is very low. Negative replica. 
X12,000. Reduced approximately 49 pct for reproduction. 


Fig. 15 clearly shows the concentrated bands of 
deformation. It appears that the heavily deformed 
structure on one side of the grain boundary corre- 


Fig. 12(a). Material quenched, reduced 50 pct, aged 90 min 
at 850°F. No apparent precipitate at deformation bands. 
Negative replica. X15,000. Reduced approximately 49 pct 
for reproduction. 
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© 0% Reduction - Aged at 850° F 
@ 75% Reduction - Aged ot 850°F 


Maximum Yield Strength 


Beginning of Recrystallization 
p---- Yield Strength 


10 10° 10° 
AGING TIME - MINUTES 
Fig. 12(b) . Relative loss in load-carrying capacity (1000 
hr endurance stress in ammonia vapor relative to tensile 
strength) as a function of aging time at 850°F. 


| 


PER CENT LOSS IN STRONGTH 
AT ENDURANCE LIMIT 
| 
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sponds to the structure of a deformation band seen 
in the plane of the band, which is lying nearly paral- 
lel to the plane of the surface; on the other side of 
the boundary, the deformation bands are seen as 
traces intersecting the polished surface which ap- 
pears to be close to a {100} plane. The bands, dis- 
posed at right angles to each other and seen in cross 
section, and the plane of banded material on the other 
side of the boundary appear to join at the diagonal 
grain boundary without any discontinuity. The areas 
between the bands represent volumes of alloy which 
are essentially unetched except for the square etch 
pits whose sides probably belong to {100} or {110} 
planes. As before, the deformation bands are paral- 
lel to {111} planes and, therefore, are diagonals of 
the square etch pits, as seen on the {100} plane. 


Fig. 12(c). Material quenched, reduced 75 pct, aged 90 min 
at 850°F. Evidence of fine precipitate at deformation bands. 
Negative replica. X10,000. Reduced approximately 49 pct 
for reproduction. 
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Fig. 13. Transgranular corrosion paths following deforma- 
tion bands in the aged alloy; quenched, deformed 71 pct, 
aged 90 min at 850° F and exposed to ammonia vapor. X1000. 
Reduced approximately 25 pct for reproduction. 
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Fig. 14(a). 
formation when preceded by aging. X1000. 
mately 25 pct for reproduction. 


2 


Fig. 14(6). Electron micrograph showing the crystallo- 
graphic character of the deformation process in the aged 
alloy. Negative replica. X15,000. Reduced approximately 
49 pet for reproduction. 
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Fig. 14(c). Transgranular corrosion by ammonia vapor fol- 
lowing structural paths produced by deformation following 
age hardening for 90 min at 850°F. X1000. Reduced approxi- 
mately 25 pet for reproduction. 


The deformed structure is chemically reactive as 
indicated by the fact that it etches into grooves where 
it intersects the plane of polish; on the other hand, 
the less deformed volumes into which the structure 
is divided by the deformation bands are relatively 
inactive and they appear as unetched, flat plateaus 
in a plane lying above the etched structure. Within 
the unetched areas there is a very fine precipitate 
which, when examined with respect to shadowing 
direction, is proved to be standing above the plane 


Fig. 15. Material quenched, drawn 50 pct, aged, and drawn 
50 pet showing the structure of deformation bands which 
are parallel to {111} planes. Note fine precipitate within 
undeformed volumes. Negative replica. X12,000. Reduced 
approximately 49 pct for reproduction. 
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In conclusion, a very close connection between 
structure sensitive properties and microstructure 
has been demonstrated. In particular, it appears 
that under certain aging conditions plastic deforma- 
tion is concentrated in narrow bands that are chemi- 
cally reactive and initiate transgranular corrosion 
cracking. Subsequent work has shown that similar 
bands are found after deformation in many face- 
centered cubic solid solutions and the frequency of 
their appearance coincides with the composition de- 
pendence of the stacking fault energy, as does the 
incidence of transgranular corrosion cracking that 


4M. G. Corson: AJME Trans., 1927, p. 435. 
2B, Lay: Z. Metallk., 1939, vol. 31, p. 326. 

3J. Wortmann: Metallwirtsch., 1941, vol. 20, p. 531. 

“K. Dies: Metall, 1954, vol. 8, p. 842. 

5K. Dies: Metall, 1955, vol. 9, p. 955. 

*wW. D. Robertson, E. G. Grenier, W. H. Davenport, and V. F. Nole: Physical 


subject of study and conjecture because the proper- 
ties of many steels are known to be affected by the 
the kind and amount of inclusions present. In free- 
machining steels, the type of inclusion present has a 
direct bearing on their machinability; in other 
steels, cleanliness is important and metallurgists 
direct their efforts at reducing the amount of non- 
metallic inclusions. Thus, the accumulation of 
knowledge about the formation and behavior of in- 
clusions during all stages of steelmaking and proc- 
essing should aid in improving the quality of steels 
and decreasing the production costs resulting from 
rejections. 

Previous studies of inclusions have contributed 
greatly to our understanding. The investigators have 
generally examined inclusions in finished steel. 
Boulger, Moorehead, and Garvey’ found that in Bes- 
semer Steels, low silicon contents results in glob- 
ular sulfide inclusions with attendant high machin- 


E. N. SILVERMAN is Technologist, U. S. Steel Co. Applied 
Research Laboratory, Monroeville, Pa. 
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Synthetic Inclusions in the FeO-MnO-MnS-SiO, 
System In Equilibrium with Resulfurized Steel 


Mixtures of MnS, 2FeO-SiO,, 2MnO.SiO,, FeO, and MnO 
were prepared synthetically and used to study the planes 2FeO. 
FeO-MnO-MnsS, and FeO-MnO.Si02-MnS 
in the quaternary system. Because the oxides and silicates 
studied flux MnS, inclusions in this system are partly liquid 
during rolling. Also, oxygen can modify subsurface inclusions 
through the reaction MnS + FeO—FeS + MnO during the soak- 
ing of ingots and the reheating of blooms and billets. 


NonmeTA.Lic inclusions in steel have long beena_ ability ratings. Van Vlack’ also found that low sili- 


can be produced by plastic deformation of face- 
centered cubic solid solutions, including some cop- 
per alloys and austenitic stainless steel.® 
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con contents favor inclusion morphology that contrib- 
utes to high machinability ratings. Boquist and Stoll* 

*Private communication. 
found that silicon content affected sulfide inclusions 
and machinability of blooms, billets and bars more 
than did the finishing temperature in the range be- 
tween 1775° and 2075°F. Carney and Rudolphy*® 
studied the distribution of sulfur, manganese, sili- 
con, and carbon in a commercial ingot of resulfur- 
ized steel and found that silicon was concentrated 
near the bottom. This helped to explain why bottom 
cuts had poorer machinability. Klinger and Koch* 
developed techniques for extracting inclusions from 
steel, and the technique devised by Gurry, Chris- 
takos, and Stricker’ for extracting carbides can also 
be adapted to the study of inclusions. 

A different approach to the study of inclusions in 
steel consists of synthesizing the constituents that 
form inclusions and determining the phase equilibria 
in the system that contains the constituents. The 
resulting phase diagrams can then be used to deter- 
mine the effect of the various constituents upon each 
other. In this way, it becomes possible to under- 
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Mn0-SiO, 


2Mn0: SiO, 


MnO 


MnS 
~~ 2FeO-Si0, 


FeO 


Fig. 1— Location of the planes studied in the FeO-MnO- 
MnS-SiO, system. 


stand and sometimes predict the behavior of inclu- 
sions at different stages of processing. Although 
Wentrup’ and Ol’shanskii’ have described work on 
phase equilibria of oxides and sulfides, little infor- 
mation is available about phase equilibria in oxide- 
sulfide-silicate systems. The present paper de- 
scribes a study of phase equilibria in the system 
FeO- MnO- MnS-SiO2; the three planes studied in the 
quaternary were the 2FeO-SiO2-2MnO-SiO2- MnS 
plane, the FeO-MnO-MnS plane, and the FeO- MnO- 
SiO2- MnS plane, Fig. 1. 


MATERIALS AND EXPERIMENTAL WORK 


The compounds to be studied were first synthes- 
ized. Fayalite (2FeO-SiO,) and rhodonite ( MnO. 
SiO.) were prepared by slowly heating a mixture of 
the proper metal oxalate and silica flour in a steel 
crucible to 2300°F, holding for 2 hr and quenching. 
Tephroite (2MnO-SiO,) was prepared by reacting 
manganese carbonate with silica flour, using the 
same firing schedule. 

Alabandite (MnS) was prepared by slowly heating 
a mixture of electrolytic manganese and sulfur 
sealed in a heavy-walled (1-in. thick steel) crucible 
to 900°F. The crucible was held at 900°F for 6 hr 
and cooled with the furnace. 

Wiistite (FeO) and manganosite (MnO) were pre- 
pared by slowly heating the proper metal oxalate in 
a steel crucible to 2300°F, holding for 2 hr and then 
quenching. The preparations containing oxalate or 
carbonate were heated slowly from room tempera- 
ture to allow slow evolution of gases so that the 
preparation would not splatter. 

Mixtures of the synthesized compounds were 
weighed out, ground for 5 min to facilitate mixing, 
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Fig. 2 (a), (b), and (c)— Photographs show (a)—the crucible 
and plug before welding, (b)—the welded (completely sealed) 
crucible, and (c)—the sectioned and polished crucible after 
firing showing the melt concentrated Ld in the bottom of the 
crucible. X1.5. Reduced approximately 10 pct for repro- 
duction. 

and put into resulfurized steel crucibles, Fig. 2. To 
seal each crucible, a resulfurized steel plug was 
pressed into the crucible opening, and welded. The 
sealed crucibles were heated by suspending them in 
vertical tube-type furnaces wound with platinum. 
The furnace bottom was sealed with ground glass 
fittings, and nitrogen was passed through the furnace 
to inhibit oxidation of the crucibles. 

Phase equilibria in the three planes studied were 
determined by the quenching method.® Most mixtures 
were melted and held for 1 hr to ensure homogen- 
eity, after which the temperature was reduced and 
held for 1/2 hr to determine the primary phase. By 
quenching each composition from several tempera- 
tures above and below the liquidus, the liquidus and 
eutectic temperatures were determined to + 10°F. 
Some mixtures were held at temperature for longer 
periods of time when it became apparent that equil- 
ibrium was not achieved in 1 1/2 hr. Mixtures along 
the MnS- MnO-SiO, join in the FeO- MnO-SiO2- MnS 


Table |. Chemical and Calculated Mineral Compositions 
of Equilibrated Mixtures in the 2FeO-Si0.-2MnO-Si0,-MnS Plane 


Mix- 


ture Chemical Composition, Pct 
Nun- 


ber SiO, Fe Mn Ss 


Mineral Composition, Pct 
MnS 2Fe0-SiO, 2Mn0-SiO, SiO, (Fe,Mn)O 


1 18.2 28.0 29.6 12.7 4.9 48.6 13.6 - 2.8 
2 22.1 30.1 23.9 89 2.1 57.1 16.5 1.4 - 
4 23° 549 4.1 67.8 3.0 
5 24.2 2.0 52.8 6.1 16.8 3.7 79.4 - = 
6 18.2 13.9 41.1 12.4 35.3 26.5 37.9 ~ 0.3 
9 19.4 16 54.2 10.7 30.1 2.7 64.6 - 2.6 
10 20.0 16.5 39.6 10.7 30.2 31.5 38.0 0.3 - 
12 18.7 23.7 32.6 11.3 31.5 41.8 23.5 - 3.2 
13. 20.1 27.9 28.0 11.4 31.7 47.6 20.3 - 4 
14 29.7 46.0 5.2 2.2 6.3 86.3 2.9 4.5 - 
15 31.9 513 01 O03 95.6 4.3 - 
16 26.3 2.9 51.0 2.8 7.7 5.3 85.8 EZ - 
17 29.3 2.5 49.1 00 4.9 93.9 
25 24.9 37.0 17.4 6.5 17.9 68.9 11.7 ES - 
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Fig. 3— Composition-temperature 
phase-equilibrium diagram of the 
system MnS-2FeO-SiO,-2 MnO. 
SiO,. Melting points of 2FeO-SiO,, 
2MnO-SiO, and MnS are found in 
Refs. 10, 11, and 12, respectively. 


2Fe0-Si0, 
(2205F) 


plane achieved equilibrium only after 6 hr at tem- 
perature. The crucible containing the mixture was 
lifted out of the furnace and plunged into cold water 
to quench the mixture. Petrographic examination of 
the samples indicated that this method of quenching 
was satisfactory, because very few dendrites devel- 
oped during quenching. The crucibles were sectioned 
longitudinally, polished, and the phase or phases 
present were identified by reflected-light micro- 
scopy. 


RESULTS AND DISCUSSION 


The techniques described were used to determine 
phase equilibria for the significant parts of the three 
planes studied. Much qualitative work was necessary 
to determine the mixtures that should be analyzed 
chemically. The solid points shown on the phase 
diagrams were located by converting the chemical 
composition of the mixtures (Tables I, II, and III) to 


Table Il, Chemical and Calculated Mineral Compositions of 
Equilibrated Mixtures in the FeO-MnO-MnS Plane 


Chemical Composition, Pct Mineral Composition, Pct 


Mixture 


Number Fe Mn > FeO MnO MnS 
53 1.7 66.4 22.4 BS 36.3 61.5 
54 27.0 40.7 22.6 35.3 2.4 62.4 
55 15.2 53.0 21.9 19.8 20.1 60.1 
56 1.6 66.6 23:1 2.1 34.9 63.0 
57 14.1 54.0 23.3 18.2 18.2 63.6 
59 14 60.0 23:3 10.0 26.0 64.0 
60 B;5 59.5 22.6 11.0 27.0 62.0 
61 19.9 47.7 22.9 26.0 10.8 63.1 
62 23.5 44.1 23.0 30.7 5.9 63.4 
71 24.7 42.5 23.7 32:2 2,3 65.4 
72 1.4 65.9 22.9 1.9 34.7 63.4 
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mineral composition and then recalculating to 100 
pet (small amounts of excess oxides were disre- 
garded). The open points in Fig. 4 represent as- 
prepared compositions. 

Chemical analysis indicated that some mixtures 
had deviated from the unfired compositions because 
the synthetic constituents differed somewhat from 
their theoretical compositions and also because the 
compositions changed during equilibration. 

The 2FeO-SiO2-2MnO-SiO2-MnS Plane—In the 
2FeO.SiO2-2MnO-SiO2- MnS plane, Table I and Fig. 3, 
two fields of primary crystallization are present, 
one being MnS and the other being a solid solution 
between the two orthosilicates, 2FeO-SiO2 and 
2MnO-SiO2. Also, FeS separates from the orthosili- 
cate liquid as crystallization starts in Area A, and 
is an immiscible liquid in Area B. Areas A and B 
are indicated by dotted lines in Fig. 3. The presence 
of FeS in melts rich in 2FeO-SiO2, such as mixtures 
No. 2, 25, 14, 26, and 29, indicates that the MnS- 
2FeO-SiO,2 join is not a binary join and that the sys- 
tem therefore is not a true ternary system. Because 
of the formation of FeS, composition of the last liq- 
uid to crystallize is outside this plane and some 
compositions remain liquid down to about 1900°F, 
which is in the range of rolling and finishing tem- 
peratures. The liquidus isotherms shown in Fig. 3 
were determined from the series of quenches made 
for each composition point. 

Fig. 3 also shows that the liquidus temperature of 
an inclusion in the MnS field will decrease as the 
proportion of orthosilicate, and therefore silica, in- 
creases and that a significant range of compositions 
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Fig. 4—Composition-temperature 
phase-equilibrium diagram for the 
FeO-MnO-MnS plane. Melting 
points of FeO and MnO are found in 
Refs. 10 and 11, respectively. 


LEGEND 
MnS PRIMARY PHASE BOUNDARY 
(2948F) ISOTHERMS 
LIMIT OF FeS FORMATION 
CALCULATED COMPOSITION 

AS-PREPARED COMPOSITION 
2155 F+10F 

2275F 


FeO-MnO 
SOLID SOLUTION 


(2498F) 


are completely liquid at 2400°F. Thus, in resulfur- 
ized free-machining steels, an increase in silicon 
content could result in an increase in orthosilicates 
and a corresponding decrease in the liquidus tem- 
perature of the inclusions. This decrease in liq- 
uidus temperature of inclusions with the attendant 
formation of liquid could influence the behavior of 
the inclusions during rolling and may be responsible 
for the elongated inclusions in free-machining steel 
containing more than about 0.010 pct Si. 

The FeO-MnO-MnS Plane—The FeO-MnO- MnS 
plane, Table II and Fig. 4, contains two primary- 
phase fields, MnS and FeO- MnO solid solution. In 
addition, FeS crystallizes from compositions high in 
FeO in the FeO- MnO solid solution field if they are 
cooled below about 2155°F. The approximate com- 
position range in which this occurs is indicated as 
Area A in Fig. 5. Final crystallization of mixtures 
in Area A occurs at about 1700°F with the formation 
of a eutectic between FeS and FeO-Mn0O solid solu- 
tion. The formation of FeS indicates that the FeO- 
MnS join is not a binary join. This plane must there- 
fore be considered a pseudo-ternary system. 

The formation of FeS by the reaction between FeO 
and MnS may be an important factor in the problems 
of hot workability and surface quality of high-sulfur 
low-carbon steels. During the soaking of ingots and 
the reheating of blooms and billets, the FeO formed 
by oxidation of these steels could react with MnS in- 
clusions at and near the surface to form FeS. This 
reaction has been observed in a piece of C1117 steel 
heated for 1 hr at 2330°F in a CO2 atmosphere, 
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Fig. 5. The penetration of austenite-grain boundaries 
by the FeS extended to a depth of about 0.004 in. 
from the surface of the sample. Other experiments 
with C1117 steel have shown that addition of CO to 
the CO, atmosphere retards the formation of FeS. 

The FeO-MnO-SiO.-MnS Plane— This plane, 
Table III and Fig. 6, contains five primary phase 
fields. The phase boundaries in the vicinity of point 
1 are dotted because these mixtures reacted with the 
crucible so much that their compositions do not lie 
in the plane of the diagram. 

The primary phase fields are MnS, FeO, ortho- 
silicate solid solution, metasilicate solid solution 


Fig. 5— Photomicrograph shows the edge of a polished sec- 
tion of C1117 steel after 1 hr at 2330°F in a CO, atmos- 
phere. The light-gray FeS and the dark-gray FeO have 
penetrated along the austenite-grain boundaries. Also pres- 
ent are small, dark globules of oxide subscale and one of the 
original MnS inclusions. Reflected light. X375. Reduced 
approximately 45 pct for reproduction. 
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Table II. Chemical and Calculated Mineral Compositions of Equilibrated Mixtures in the FeO-MnO-SiO,-MnS Plane 


Chemical Composition, Pct 


SiO, 


Mineral Composition, Pct 


FeO MnO-SiO, Excess SiO, Excess MnO 


21.4 


50.2 
55.6 


LEGEND 
————— PRIMARY PHASE BOUNDARY 


x——x LIMIT OF FeS FORMATION 


ORTHOSILICATE 
SOLID SOLUTION 


METASILICATE 
SOLID SOLUTION 


1985F 
2040F 
2155 F 
2240F 
2255 F 
2600F 
2340F 
2155 F 


516—VOLUME 221, JUNE 1961 


CALCULATED COMPOSITION 


7Mn0-Si0. 


Fig. 6— Composition-temperature 
phase-equilibrium diagram for the 
FeO-MnO-SiO,-Mns plane. The 

melting point of MnO-SiO, is found 
in Ref. 11. 
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Number Fe Mn MnS f 
88 5.4 47.8 17.1 _ 47.4 7.0 45.6 0.4 p 
96 42.2 17.7 20.9 55.1 43.1 1.5 te 
: 99 41.9 21.8 6.7 11.5 18.8 55.3 25.2 0.3 “ 
101 9.8 35.3 0.1 40.3 0.4 12.7 84.6 1.8 , 
. 108 21.8 37.3 13.3 15.9 36.6 28.3 34.3 0.3 P 
116 7.2 40.8 6.8 33.7 18.5 9.4 70.5 1.6 1s 
121 14.7 38.3 9.6 25.0 26.5 19.2 53.2 1.0 in 
129 35.0 32.0 14.0 3.1 39.5 46.8 7.0 7.0 “ 
136 43.9 16.9 19.9 57.3 41.3 1.3 ; 
137 42.5 20.0 3.3 16.2 9.0 55.6 35.1 0.4 a. 
139 12.0 35.6 38.2 15.4 83.2 0.9 ui 
142 30.4 36.1 15.5 3.1 43.6 40.7 6.8 9.2 sc 
. 146 29.6 37.1 15.6 2.2 43.5 40.2 4.8 11.1 of 
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and SiO2 which results from the incongruent melting 
of metasilicate ((Mn,Fe)O-SiO,). In Area A, FeS 
crystallizes at temperatures below the liquidus sur- 
face. There are two piercing points, four binary 
points, one binary peritectic, and one ternary peri- 
tectic in this diagram. Point 1, a piercing point, 
cannot lie in this plane because of the excess MnO 
present. The shape of the MnS field shows that MnS 
is more soluble in silicate liquids rich in FeO than 
in silicate liquids rich in MnO. Also, MnS is more 
soluble in FeO than in the silicate liquids in this 
plane. Thus, as the FeO content of the silicate liq- 
uids decreases and the SiO, content increases, the 
solubility of MnS in silicate liquids decreases. Some 
of the mixtures in Area A, where FeS forms, do not 
reach complete crystallization until about 1700°F, 
when an FeO-FeS eutectic is formed. 

In steels containing the types of inclusions encom- 
passed by this diagram, such as low-carbon resul- 
phurized grades and other free- machining grades, 
the morphology of the inclusions in the finished 
product is determined to some extent by the oxygen 
content of the liquid steel. This is in agreement with 
the results obtained by Van Vlack.® Thus, the 
amounts of FeO and MnO in the steel, which are a 
function of steelmaking variables, appear to play a 
more important role in determining the type of in- 
clusion found in the finished product than was pre- 
viously thought. 


SUMMARY 


The results of these studies have shown that man- 
ganese sulfide is fluxed by oxides and silicates in 


the planes studied and that inclusions in this system 
are partly liquid during rolling and finishing. In ad- 
dition, it has been found that oxygen can modify sub- 
surface inclusions through the reaction MnS + 
FeO—FeS + MnO during the soaking of ingots and 
the reheating of blooms and billets. The information 
developed in this study should aid in evaluating pres- 
ent steelmaking and processing practices from the 
standpoint of their effect on inclusions. 
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Notch Sensitivity of Refractory Metals 


The tensile and notch tensile properties of four refractory 
metals (molybdenum, tungsten, niobium (columbium), and tan- 
talum) and one alloy (Mo-0.5Ti) were investigated, All the 
materials were evaluated in bar form, and the molybdenum 
and Mo-0.5Ti also were studied in sheet form. The notch 
sensitivity of each material was evaluated on the basis of 
several criteria, including the notch-unnotch strength ratio, 
the ductility transition, and the fracture transitions. 


A. G. Imgram 
F. C. Holden 
H. R. Ogden 

R. |. Jaffee 


Use of refractory metals as structural materials in 
aircraft and space vehicles may subject them to low- 
as well as high-temperature environments. At ele- 


Table |. Interstitial Analysis of Refractory Metals 


Impurity Content, Percent 


vated temperatures, the usefulness of a material Material C A N r) 
usually is limited either by strength considerations Molybdenum (bas) 0.002 0.001 0.0022 

A. G. IMGRAM and H. R. ODGEN, Members AIME, are Molybdenum (sheet) 0.026 0.00006 <0.001 mer 
Principal Metallurgist and Division Chief, respectively, Non- 
ferrous Metallurgy. F.C. HOLDEN, Member AIME, is — eon came <a 0.0005 
Division Chief, Mechanical Metallurgy. R. |. JAFFEE is Niobium! 0.004 ae 0.005 0.015 
Technical Manager, Department of Metallurgy. All of Tantalum’ <0.003 - 0.0008 <0.003 


Battelle Memorial Institute, Columbus, Ohio. Manuscript 


s ‘Analyses of these materials were performed by the Wah Chang Corp. 
submitted October 26, 1960. IMD 


The other analyses were obtained at Battelle. 
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Table Il. Summary of Heat Treatments 


Grain Size 


Average 
Temperature, Hardness, Diameter, 
Material Condition 2c Time, Hr Atmosphere Vhn ASTM mm 
Molybdenum (bar) Stress relieved 1000 y, Hydrogen 234 
Molybdenum (bar) Recrystallized 1360 1 Hydrogen 188 tee 0.032 
Molybdenum (sheet) Stress relieved 1000 %, Hydrogen 222 
Molybdenum (sheet) Recrystallized 1300 yy Hydrogen 168 (| 0.034 
Mo-0.5 Ti (bar) Stress relieved 1200 Y, Hydrogen 272 
Mo-0.5 Ti (bar) Recrystallized 1400 %, Hydrogen 201 8.1 0.024 
Mo-0.5 Ti (sheet) Stress relieved As received 267 
Mo-0.5 Ti (sheet) Recrystallized 1410 x Hydrogen 188 8.4 0.021 
Tungsten Stress relieved 1200 i Argon 440 
Tungsten Recrystallized 1600 1 Argon 370 4.7 0.078 
Tantalum’ Stress relieved 750 1 Vacuum 145 
Tantalum’ Recrystallized 1200 3 Vacuum 83 4.8 0.076 
Niobium’ Stress relieved 750 1 Vacuum 100 
Niobium’ Recrystallized 1100 4 Vacuum 64 5.9 0.051 


*Tantalum and niobium specimens were allowed to furnace cool in vacuum. All other specimens were air cooled. Oxidation was superficial and did 
not interfere with specimen preparation or testing procedure. 


or by oxidation protection problems. However, if the production. Molybdenum and Mo-0.5Ti bar and 
material is used at low temperatures, or is subjec- sheet stock were obtained from the Refractomet 


ted to a multiaxial stress system, it may display a Division of the Universal Cyclops Steel Corp. Elec- 
pronounced tendency toward brittle behavior. Usual tron-beam melted niobium and tantalum bar stock 
design criteria cannot predict failure adequately were purchased from the Wah Chang Corp. Tungsten 
under these conditions. bar stock was purchased from the General Electric 
A research project was initiated at Battelle Me- Co. All materials were received in the wrought con- 
morial Institute for the purnose of evaluating the be- _ dition. Their interstitial analyses are reported in 
havior of four refractory metals (Nb, Ta, Mo, and Table I. Oxygen and hydrogen contents were deter- 
W) and the Mo-0.5Ti alloy under conditions where mined by the vacuum-fusion technique. Nitrogen and 
brittle behavior might be expected. Notched tensile carbon contents were determined by Kjeldahl and 
specimens were used to develop multiaxial stress combustion methods, respectively. Spectrographic 
systems and stress concentrations. The notch sensi- analysis was used for other elements, but are not 
tivity of each material was evaluated by comparing reported, since the values were within the expected 
the tensile and notch tensile properties of each ma- ranges. 
terial over a range of temperatures selected to en- Heat treatments for all the materials are sum- 
compass the brittle-to-ductile transition. Each ma- marized in Table II. The stress-relief annealing 
terial was investigated in both the stress relieved temperature was selected in the recovery range for 
and recrystallized structural conditions. All the each material below the recrystallization tempera- 
materials were evaluated in rod form. In addition, ture, to provide a wrought structure with improved 


sheet specimens of molybedenum and Mo-0.5Ti alloy ductility. The recrystallization anneal was selected 
were evaluated. to provide a completely recrystallized structure 
without excessive grain growth. Molybdenum and 


EXPERIMENTAL PROCEDURES Mo-0.5Ti were annealed in hydrogen; tungsten was 
The materials were purchased from commercial the 
- in vacuum to prevent oxidation and contamination. 


producers and are representative of those in current 


T T T | 
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Unnotched bar specimens were prepared with a 
0.212-in. diam reduced section, whereas unnotched 
sheet specimens had a 0.250- by 0.065-in. reduced 
section. Notched specimens were designed with a 
60-deg notch angle and a 50 pct notch depth, result- 
ing in a theoretical stress concentration of 3 at the 
base of the notch. The dimensions of the reduced 
section of the notched specimens were identical with 
those of the unnotched specimens. Notch root radii 
were 0.011 in. for the bar and 0.021 in. for the sheet 
specimens. Accuracy and smoothness of the root 
radii were checked on a X100 projection of each 
notch. 

Notched and unnotched tensile specimens of each 
material, both in the stress-relived and in the re- 
crystallized condition, were tested at a minimum of 
five temperatures. These were selected to encom- 
pass the ductile-to-brittle transition. Temperatures 
of -253° and -196°C were obtained by immersing 
the specimens in liquid hydrogen and liquid nitrogen, 
respectively. Various proportions of dry ice and 
alcohol were used to obtain temperatures between 
0°C and -75°C. A water bath heated by an immer- 
sion heater was used to obtain the temperature of 
60°C. Tensile tests at temperatures of 100°C and 
above were conducted in a resistance wound vertical 
tube furnace. In all cases, temperature was con- 
trolled to within + 5°C. 


Temperature , C 
Wrought 


Temperature , C 
Recrystallized 


All tensile tests were conducted in a relatively 
hard (Baldwin-Southwark) Universal Testing Ma- 
chine. Cross head speeds were 0.02 in. per min for 
the unnotched specimens and 0.005 in. per min for 
the notched specimens. Strain rate of the unnotched 
specimens was approximately 0.016 per min. At 
room temperature, strain was measured by SR-4 
strain gages (Type A-7). A recording extensometer 
was used to measure strains at all other tempera- 
tures. Maximum load, point of fracture, reduction 
in area, and mode of fracture were recorded for 
each specimen. 


EXPERIMENTAL RESULTS 


The tensile and notch tensile properties of each 
material are illustrated in Figs. 1-7. The general 
features of these curves are summarized as follows: 
Initially, the notch strength of each material in- 
creased with decreasing temperature until the 
notched specimens showed tendencies toward brittle 
behavior. Thereafter, the notch strength decreased 
with decreasing temperature. The notch-unnotch 
strength ratio (ratio of notch strength to ultimate 
tensile strength) followed a similar pattern, remain- 
ing essentially constant at high temperatures and 
decreasing rapidly with decreasing temperature at 
low temperatures. Reductions in area of notched and 


Temperature , C 
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Temperature ,C 


Temperoture,C 
Recrystallized 


Wrought 


unnotched specimens exhibited the abrupt decrease 
in ductility characteristic of body-centered-cubic 


Twinning and the formation of transgranular cleav- 
age cracks below the fracture surface were detected 


metals in the transition region. in the niobium specimen tested at -253°C. These le 
Figs. 8 and 9 illustrate representative ductile and cleavage cracks appear to have developed from the h 
brittle failures of recrystallized molybdenum bar. pile-up and coalesence of dislocations at grain y 
The strain markings along the reduced section of the boundaries similar to those observed by Cottrell’ in u 
specimen tested at 300°C indicate that considerable steel. In several cases they can be seen to stop at “i 
uniform elongation occurred before necking devel- grain boundaries or twins. r 
oped. Failure of the specimen tested at -40°C was The extreme ductility of wrought tantalum at th 
in the vicinity of the gage marks, indicating fracture —253°C is illustrated in Figs. 14 and 15. The ma- 
probably was initiated by the stress concentration at terial outside the notch was distorted and pulled out - 
the gage marks. Longitudinal sections of the ductile of round. Neither wrought nor recrystallized tan- th 
and brittle fractures are illustrated in Figs. 10 and talum became brittle or notch sensitive at tempera- re 
11, respectively. The ductile failure occurred by tures down to -253°C. However, these materials did th 
separations along shear planes. Grains near the exhibit the rapid increase in strength with decreas- he 
fracture surface underwent considerable plastic ing temperature characteristics of body-centered- 
flow prior to failure. The high degree of deformation cubic metals in the transition region; this suggests ' 
produced voids apparently principally caused by the that they might become brittle at temperatures be- a 
separation of adjacent grains along grain boundaries. low —253°C. " 
The brittle specimen failed by transgranular cleav- ye 
age. No evidence of deformation was detected in the DISCUSSION 
of 
grains near the fracture surface. Additional trans- Th lati f th d il flo 
granular cleavage cracks can be seen forming below ws 
I erties to the ductile-to-brittle transition for all the : 
i i i i i i le III. me 
Figs. 12 and 13 illustrate ductile and brittle fail- ill h 
ures of niobium bar. The specimen tested at 25°C b 
was extremely ductile. Evidence of severe plastic — 
ultimate load by the cleavage mechanism, preceded lov 
to ¢ 


flow was observed in grains in the necked region. 


by no macroscopic plastic flow. 
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Failure at Ultimate Load—Failure at the ultimate 
load is considered to be an indication of brittle be- 
havior. Usually it is the result of failure before 
yielding. However, since a drop in load before fail- 
ure must be accompanied by necking, failure at the 
ultimate load will also occur if plastic deformation 
remains uniform to the point of fracture. Failure at 
the ultimate load is therefore a necessary, but not a 
sufficient condition for brittle behavior. Several 
molybdenum, Mo-0.5Ti, and tungsten specimens 

that failed at the ultimate load exhibited considerable 
reduction in area. Failure at the ultimate load of 
these specimens is not a true indication of brittle 
behavior. 

Low temperatures, which increase the resistance 
to flow and consequently reduce the probability of 
necking, favor failure at the ultimate load. A tem- 
perature is therefore expected below which failure 
at the ultimate load predominates. The introduction 
of a notch, which creates additional constraints to 
flow, raises this temperature. 

Fracture Transition—The change in fracture 
mechanism from predominantly separation along 
shear planes to cleavage is usually another indica- 
tion of brittle behavior. When the temperature is 
lowered to the point where the yield strength is equal 
to or greater than the cleavage fracture strength, 
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cleavage fractures accompanied by zero reduction- 
in-area will occur. However, if the cleavage frac- 
ture strength is greater than the yield strength, but 
less than that required for separation along shear 
planes, cleavage fractures, accompanied by consid- 
erable reduction-in-area will result. The behavior 
is characteristic of materials tested at tempera- 
tures within the transition range; i.e., the range of 
rapidly increasing yield strength and rapidly de- 
creasing ductility with decreasing temperature. 
Many of the specimens tested in this program be- 
haved in this manner. 

If brittle fractures are classified as those occur- 
ring by the cleavage mechanism before any macro- 
scopic plastic flow has occurred, it is seen that 
cleavage fractures also are a necessary, but insuf- 
ficient, indication of brittle behavior. 

Low temperatures increase the probability of 
cleavage failures by increasing the resistance to 
slip. The introduction of lateral stresses by a notch 
will decrease the effective shear stress at the base 
of the notch, and therefore, will usually raise the 
temperature below which cleavage fractures may 
occur. 

In body-centered-cubic crystals, cleavage usually 
occurs on the {100} planes. Slip and separation in 
shear failure, on the other hand, usually occur along 
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Fig. 8—Views of the ductile shear failure of a recrystal- 
lized molybdenum bar tensile specimen tested at 300°C. 


planes of closest atomic packing, in the direction of 
least atomic spacing. Potential slip planes in body- 
centered-cubic crystals are the {110}, {112}, and 
{123} planes. Slip direction is parallel to the cubic 
diagonals, <111>. 

Ductility Transition—The ductility transition may 
be defined as the approximate temperature at which 
the reduction in area of the material decreases to 
one-half its maximum value. Therefore this tem- 
perature lies approximately at the mid-point of the 
transition range. Below this temperature cleavage 
fractures predominate, accompanied by limited or 
no reduction in area. Above this temperature, duc- 
tile fractures may occur by separation along shear 
planes. The introduction of a notch raises the duc- 
tility transition temperature. 

A comparison of unnotch and notch ductilities is 
illustrated in Fig. 16. It was observed that the duc- 
tility transitions of molybdenum, Mo-0.5Ti, and 
tungsten occurred at higher temperatures in the re- 
crystallized condition than in the wrought, stress- 
relieved condition. Similar but less marked behav- 
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Fig. 9—Views of the brittle cleavage failure of a recrystal- 
lized molybdenum bar tensile specimen tested at —40°C. 


ior was indicated for columbium, while tantalum 
showed no transition behavior in either condition. 

Nonmetallic impurities in these metals tend to seg- 
regate at the grain boundaries, adversely affecting 


Fig. 10—Longitudinal section of the shear failure of a 
molybdenum specimen tested at 300°C. 
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Fig. 11—Longitudinal section of the cleavage failure of a 
molybdenum specimen tested at —40°C. 


the strength and flow properties of the material. 
Bechtold’ suggests that the decrease in ductility 
transition after working is due largely to an elimin- 
ation or minimization of the adverse effects of the 
impurity elements and of a large grain size. 

Small additions of titanium to molybdenum tend to 
combine with interstitial impurity elements so that 
the adverse effects of the impurities are minimized 
and a lower ductility transition can be expected. The 
Mo- 0.5Ti alloy tested in this research program 
generally exhibited a lower ductile-to-brittle transi- 
tion temperature than molybdenum. 

Zero Reduction-in-Area— Fractures preceded by 
no observable macroscopic plastic flow are a true 
indication of brittle behavior. They usually occur by 
the cleavage mechanism and always at the ultimate 
load. Under rare circumstances the stress required 
for separation along shear planes is lower than both 
the stress required for yield and the stress required 
for cleavage fracture. In these cases, fracture can 
occur at the ultimate load by separation along shear 
planes, accompanied by no plastic flow. 


Fig. 12—Longitudinal section of the shear failure of a 
niobium specimen tested at 25°C. 
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Fig. 13— Longitudinal section of the cleavage failure of a 
niobium specimen tested at —253°C. 


Cleavage fracture at the ultimate load, accompa- 
nied by zero reduction in area, is a definite indica- 
tion (in fact, usually the definition) of brittle behav- 
ior. It is favored by low temperatures, which in- 
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Fig. 14—Views of the ductile shear failure of an unnotched, 
wrought, stress-relieved tantalum bar specimen tested at 


—253°C. 
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Table Ifl. Relation of Tensile Properties to the Ductile-to-Brittle Transition 


Fracture 


Transition, 
Failure Occurrence Zero 
at Ultimate of Cleavage Ductility Reduction Notch 
Material Condition Specimen Load Fracture Transition in Area Sensitive’ 
Molybdenum (bar) Wrought, stress Unnotched -75°C < -60°C < ee 
relieved Notched < 100°C <. ORE 
Recrystallized Unnotched -40°C 100°C 150°'C 40°C < 
Notched 100°C 225°C 2 100°C 
Molybdenum (sheet) Wrought, stress Unnotched -25° C,-75° C < 252'¢ -15°C -75°C < =25°C 
relieved Notched < < 25" C < =25°'C 
Recrystallized Unnotched < -40° C 100°C <-40°C < 
Notched 100°C < 100°C 125°C <-40°C 
Mo-0.5 Ti (bar) Wrought, stress Unnotched -75°C 2 100°C -50° C -75° C =< 
relieved Notched < 100°C <-25°C 
Recrystallized Unnotched -40°C 2 100°C 125°C -—40° C < 
Notched 2 200° C <3007'C 250°C < O2¢ 
Mo-0.5 Ti (sheet) Wrought, stress Unnotched -196° C 2 -40° C -75°C - < -60°C 
relieved Notched < 2-40° C ORC <-60°C 
Recrystallized Unnotched <-40°C < (25°C -10°C <-60° C < 
Notched < 25°C < 175°C 25°C 
Tungsten Wrought, stress Unnotched < 150°C 2 300° C 175>C <1502C < 
relieved Notched 300° C 300° C < € 
Recrystallized Unnotched 300°C, 375°C z 400° C 300° C - 
Notched 2 600°C 2 600° C 425°C 300° C 400°C 
Niobium Wrought, stress Unnotched - <-196° C —225° C 
relieved Notched —253°C <-196° C -205° C —253° C 
Recrystallized Unnotched - 2 -196° C -225° C - 2 -196° C 
Notched —253°C <-196° C ~-215°C -253° C 
Tantalum Wrought, stress Unnotched - - - - = 
relieved Notched - 
Recrystallized Unnotched - - ~ 
Notched - - - - “ ” 


*Sharply decreasing notch-unnotch strength ratio. 


This material did not exhibit a point of rapid decrease in the notch-unnotch strength ratio. The temperature at which the notch-unnotch strength 


ratio decreases to 1.0 is taken as the temperature below which the material is notch sensitive. 


crease the resistance to flow and the separation 


aration along shear planes. Thus, a notch acts as a 


along shear planes. The introduction of a notch will strengthening factor in the ductile region. Higher Fi 
develop additional constraints to flow and will re- nominal shear fracture strengths can be expected in ie 
duce the effective shear stress acting at the base of notched specimens than in unnotched specimens. | 
the notch. A notch therefore is expected to raise the The increasing resistance to slip with decreasing cr 
temperature below which this definite indication of temperature creates a rise in the longitudinal : 
brittle behavior appears. stresses required to produce flow and shear frac- bs 
Notch Sensitivity—The introduction of a notch into ture of notched specimens similar to that observed hi 
a tensile specimen has two major effects. First, the with unnotched specimens. Since the cleavage frac- J : 
constraint to flow imposed by the unstressed ma- ture strength is relatively insensitive to tempera- no 
terial outside the notch develops a triaxial system ture and state of stress, it is readily seen that the as 
of tensile stresses in the notched section. Second, condition for brittle cleavage fracture will be met the 
the distribution of stress across the notched section __ by notched specimens at a higher temperature than cel 
becomes nonuniform. In the elastic region, the by unnotched specimens. In addition, the stress con- ter 
longitudinal stress at the base of the notch is in- centration at the base of the notch will cause cleav- i 
creased over the average stress by an amount equal age cracks to develop and propagate at a lower sin 
to the stress-concentration factor. When the yield nominal longitudinal stress than is possible with the a 
stress is exceeded, the distribution of stresses be- unnotched specimens. A lower nominal cleavage y 
comes more complex, and exact analyses are not fracture strength therefore is expected for the ref 
available. notched specimens than for the unnotched speci- 
The transverse stresses, in the triaxial stress mens. This fracture stress will be lowered by in- _ 
system, reduce the effective shear stress in the creasing the notch severity. hs 
notched section. Therefore, greater longitudinal Theoretical considerations alone predict that once Po 
stresses will be necessary to cause yielding. This the yield strength exceeds the cleavage fracture ye 
reduction of effective shear stress also will raise strength, the fracture strength will remain constant al. 
the longitudinal stress required for failure by sep- with decreasing temperature. However a sharp de- Sal 
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Fig. 15—Views of the ductile shear failure of a notched, 
wrought, stress-relieved tantalum bar specimen tested at 
—253°C. 

crease in notch strength with decreasing tempera- 
ture generally was observed at temperatures below 
which the notched specimens fractured by the cleav- 
age mechanism without visible flow. This can be at- 
tributed to stress concentrations due both to the 
notch and to surface or structural defects that act 
as severe stress raisers. Restricting the ability of 
the material to flow will prevent these stress con- 
centrations from being relieved. Therefore, as the 
temperature is lowered and flow becomes increas- 


ingly difficult, the effect of the stress concentrations 


will be magnified and fracture will occur at increas- 
ingly lower strengths. This conclusion is supported 
by the scattering of the notch strength data in this 
region. 

It is now evident that, although the notch is a 
strengthening factor in the ductile region, as the 
temperature is lowered a temperature is reached 
below which the notch begins to have an adverse ef- 
fect on the strength properties. The notch strength 
falls below the unnotch strength, and material is 
said to be notch sensitive. 
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Fig. 16—Effect of temperature on the unnotch and notch ten- 
sile ductilities of refractory metals. 


The notch-unnotch strength ratio highlights this 
behavior. In the ductile region, where the notch 
exerts a strengthening effect, the notch-unnotch 
strength ratio remains above unity and is relatively 
insensitive to temperature. However, at tempera- 
tures below which the notch begins to have a dele- 
terious effect, the notch-unnotch strength ratio 


Temperature , F 
200 400 


| 


Notched —Unnotcredt Strength Ratio 
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| 
| 
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Fig. 17—Comparison of notch-unnotch strength ratios. 
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usually exhibits a precipitous decrease with de- 
creasing temperature. This decrease obviously is 
the result of the decline in notch strength. However, 
it would still occur if the notch strength remained 
constant with decreasing temperature below the 
temperature at which brittle cleavage fractures first 
occurred. The temperature at which the notch- 
unnotch strength ratio begins to decrease sharply 
with decreasing temperature is usually identical to 
the temperature at which the notch strength attains 
its maximum value. 

Although it can be argued that a material becomes 
notch sensitive only below the temperature at which 
the notch-unnotch strength ratio decreases to unity, 
the point of abrupt decline is a definite indication 
that the strength of the material will be affected 
adversely by the presence of a notch at lower tem- 
peratures. Therefore, the temperature at which 
this decline first appears can be defined as the tem- 
perature below which the material becomes notch 
sensitive. This temperature is raised by increasing 
the severity of the notch. Materials used in applica- 
tions where they must withstand multiaxial stresses 
should have high notch-unnotch ratios. In general, a 
high notch-unnotch ratio is favored by high ductility, 
which permits the relief of stress-concentrations; 
and by a high cleavage fracture strength, which re- 
quires high nominal tensile stresses to initiate 
cleavage cracks in the stress concentration at the 
base of the notch. 

The relation of the notch-unnotch strength ratios 
of the materials are summarized in Fig. 17. The 
materials listed in order of decreasing temperature 
at which they become notch sensitive appear to be 
tungsten, molybdenum bar, molybdenum sheet, 
Mo-0.5Ti bar, Mo-0.5Ti sheet, niobium, and tan- 
talum. Small additions of titanium to molybdenum 
appear to lower the temperature at which molyb- 
denum becomes notch sensitive. Each material tends 
to become notch sensitive at a higher temperature in 
the recrystallized condition than in the wrought, 
stress-relieved condition. This again probably is 
caused by the elimination or minimization of the 
adverse effects of impurities segregated at grain 
boundaries, and by the smaller grain size. 

Although several exceptions can be noted, the 
following generalizations can be made from an anal- 
ysis of the data. The abrupt drop in the notch- 
unnotch strength ratio occurred at approximately the 
same temperature as that at which the reduction in 
area of the unnotched specimens began to decrease 
with decreasing temperature. With the recrystal- 
lized molybdenum bar and recrystallized Mo-0.5Ti 
bar specimens, an inflection was observed in the 
unnotched reduction-in-area curve. In these two 
cases, the precipitous drop in the notch-unnotch 
strength ratio occurred at approximately the same 
temperature as that at which the final decrease in 
the reduction in area of the unnotched specimens 
began. In addition, the reduction in area of the 
notched specimens appeared to approach zero at the 
point of rapid decrease in the notch-unnotch strength 
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ratio. 

The point of rapid decrease in the notch-unnotch 
strength ratio usually occurs at a higher tempera- 
ture than that at which this ratio decreases to unity. 
Therefore the selection of the abrupt drop as the 
criteria for notch sensitivity allows a margin of 
safety. 

The temperature below which failure at the ulti- 
mate load occurred was closely associated with the 
temperature below which zero reduction in area was 
observed and was always equal to or lower than the 
fracture transition temperature. It appears that the 
materials become notch sensitive at a temperature 
between those at which the notched and unnotched 
specimens fail at the ultimate load. 

The fracture transition usually occurred at a 
higher temperature than the ductility transition and 
at a higher temperature than that which the material 
becomes notch sensitive. The first appearance of 
cleavage fractures then indicates that at lower tem- 
peratures, the ductility of the material is question- 
able and that it may be notch sensitive. 

The transition temperature is in general higher in 
the bar than in the sheet specimens. Since composi- 
tions and grain sizes were similar, this suggests 
that the triaxial state of stress developed in the bar 
specimens is a more severe condition than the bi- 
axial state of stress developed in the sheet speci- 
mens. 


SUMMARY 


The tensile and notch tensile properties of four 
refractory metals (molybdenum, tungsten, niobium, 
and tantalum) and one alloy (Mo-0.5Ti) were inves- 
tigated. All the materials were evaluated in bar 
form, and the molybdenum and Mo-0.5Ti also were 
studied in sheet form. The notch sensitivity of each 
material was evaluated on the basis of several cri- 
teria, including the notch-unnotch strength ratio, the 
ductility transition, and the fracture transitions. 

The following conclusions were made from an 
analysis of the data: 

1) The temperature at which the notch-unnotch 
strength ratio decreases rapidly is an adequate cri- 
terion for notch sensitivity. 

2) The transition from a shear to a cleavage frac- 
ture mechanism generally occurs at a higher tem- 
perature than does the ductility transition. 

3) The materials investigated tend to become 
notch sensitive at a higher temperature in the re- 
crystallized condition than in the wrought stress- 
relieved condition. 

4) The materials investigated, listed in order of 
decreasing temperature at which they become notch 
sensitive are: tungsten, molybdenum bar, molyb- 
denum sheet, Mo-0.5Ti bar, Mo-0.5Ti sheet, ni- 
obium, and tantalum. 
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Some Thermodynamic Properties of the 


Cadmium-Copper System 


The partial molal free energy of Cd in each of the four 
intermediate phases, CdsCu, Cd,Cu,, CdsCu,, and CdCu, is 
determined using the Knudsen vapor pressure technique. 
Measurements are made also within the two-phase regions, 
and thus the variation in AFcq is now known across the en- 
tire phase diagram. The absolute values are all less the 
2.0 kcal and increase regularly with increasing Cd concen- 
tration. The small absolute value of the free energy pre- 
cludes the possibility of obtaining highly accurate values; 
nevertheless, the results are compatible with those previ- 
ously reported for the liquid phase. Additional results are 
reported concerning the lattice parameters of the 5, €, and 


B phases. Richard Borg 


Tue elements Cu and Cd combine to form four in- structure. Cu,Cd is found by X-ray analysis to be 
termediate phases which are designated* 8, y, 4, hexagonal with lattice parameters a = 5. 0OA and 
*Recently the symbol y has been used to designate all phases having c= 16. 17A. The material appears to be pure Cu, Cd 
electron to atom ratios of 21:13 and which are isotypic with y brass. as all reflections could be indexed on the basis of 
This is the 5 phase in the notation above. The older convention is used the single hexagonal structure. These values dis- 
here because of the convenience in having symbols for the remaining 5 
agree with those of Kripyakevich and coworkers 


phases which need not necessarily have the stoichiometric composition. 4.9 7.98 A. Th 
and € and which include respectively the following 


intermetallic compounds: CdCu,, Cd, Cu,, Cd,Cu,, 
and Cd,Cu. The extent of each phase with respect 
to temperature and composition is shown in Fig. 1 - “ 
which is the equilibrium diagram drawn according 

to Hansen.' All four phases are brittle, and most 1000 
probably are true intermetallic compounds. Only 

the crystal structure of the 5 phase has been 

thoroughly investigated.”** The structure is cubic 800+ 
and isotypic with y brass. The structure of Cd, Cu 

has not been previously reported. It is hexagonal T°Cc 

with a = 8.11 and c = 8.76 + 0.02A and the structure 600 
is presently being determined.* The compounds 


*The current investigation is being conducted by D. Sands and A. > 
Zalkin of the Lawrence Radiation Laboratory, Livermore, Calif. 
Cd, Cu, and CdCu, have been each previously the 4uu \ 
Subject of a single investigation. Cd, Cu, is pre- 


sumed to be cubic* with the space group Fd3m, r a ™ 

whereas CdCu, is hexagonal’ with the C14-type 
R. J. BORG, Member AIME, is Research Chemist, University 

of California, Lonunes Mediahion Laboratory, Livermore, Calif. ATOMIC PER CENT CADMIUM 

Work conducted at Princeton University, N.J. 


Manuscript submitted November 7, 1960. IMD Fig. 1—The phase diagram of the Cd-Cu system accord- 
ing to Hansen. 
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gation was conducted using material which had been 
cooled from the melt phase and annealed but a 

single day. The long anneal times found necessary 
by the present author would indicate that the Russian 
investigators did not have the equilibrium composi- 
tion. 

Until the present, no satisfactory partial molal 
thermodynamic properties have been reported for 
the Cd-Cu system in the solid state. The heats of 
formation have been determined for the f, y, and 6 
phases by liquid tin calorimetry.® The heat of fusion 
of the 6 phase for the congruently melting composi- 
tion has been measured by Kubaschewski,’ and the 
electromotive force method has been applied to a 
wide range in composition® for the liquid alloys. 
Whenever possible, the results of this investiga- 
tion have been extrapolated and compared with the 
results of the previous work. For such compari- 
sons the values given by Selected Values for the 
Thermodynamic Properties of Metals and Alloys® 
have been used rather than those reported by the 
original author. 

The results which are reported herein are based 
upon measurements of the vapor pressure of Cd by 
the Knudsen effusion technique. Essentially all re- 
gions represented by the phase diagram are inves- 
tigated, and the data extend more or less contigu- 
ously from the @-8 region to the € phase. Because 
the values of |AF,,! are quite low, in fact less than 
2.0 kcal in all cases, the inherent systematic error 
becomes an appreciable fraction of the total value. 
Hence, one is not justified in claiming a high degree 
of accuracy; nevertheless, the data are believed re- 
liable and the precision is well within the limits 
usually accorded such measurements. 


EXPERIMENTAL 


The alloys are prepared by two methods. The 6 
phase, containing approximately 60 at. pct Cd is 
made by fusing Cu and Cd in a graphite crucible 
under a protective flux and homogenizing the re- 
sulting ingot for one week in vacuo. The remaining 
phases all melt incongruently and one must rely 
upon prolonged homogenizations in order to achieve 
the equilibrium compositions. The f, y, andeé phases 
are prepared by fusing the desired amounts of the 
constituent metals in evacuated ampoules of Vycor. 
The ingots which are obtained from the initial melt 
are pulverized and again sealed in evacuated cap- 
sules for homogenization. After being held for two 
weeks at temperatures nominally 20°C below the 
respective melting points the alloys are analyzed 
by X-ray diffraction to determine the degree of 
homogeneity. If the reaction is judged incomplete 
the material is again pulverized and the annealing 
procedure continued. A total of six weeks of an- 
nealing is required before the f and y phases ap- 
pear to reach equilibrium, and about three weeks is 
needed for the € phase. The compositions investi- 
gated corresponding to two phase regions are made 
by homogenizing the appropriate mixture of 
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the equilibrium phases. 

All alloys are prepared from reagent grade Cd 
and Cu. The 6 ande alloys are analyzed for Cd by 
the versenate method and the Cu obtained by differ- 
ence. The concentration of Cu is determined in the 
B and y phases by the iodide method and the Cd cal- 
culated by difference. The limits assigned to the 
composition merely indicate the precision based 
upon two or more analyses for each alloy. 

The apparatus employed to measure the vapor 
pressure has been described in detail elsewhere.’?! 
Several investigations commencing with those of 

Knudsen” have been conducted in an effort to de- 
termine the maximum pressure for which the ef- 
fusion conditions are obeyed as a function of the 
area of the orifice. It is frequently assumed that 

a ratio of orifice diameter to mean free path of 

0.1 is the maximum which will satisfy the require- 
ments.!#*!3 However, the work of Mayer™*’!® and 
Johnson? indicated that measurements can be made 
at pressures where the mean free path is approxi- 
mately equal to the orifice diameter. Ackermann” 
has recently recapitulated and assessed most of the 
previous work bearing upon this important point. He 
concludes that pressures corresponding to a mean 
free path of approximately three times the orifice 
diameter are justified, and perhaps even greater 
pressures are permissible. With the exception of 
three measurements, all results reported here are 
obtained at pressures sufficiently low so that the 
mean free path exceeds the orifice diameter by at 
least a factor of three. The three exceptions all 
concern measurements of the € phase. It is note- 
worthy, however, that even at these extreme pres- 
sures where the mean free path nearly equals the 
orifice diameter that the results are not depressed 
but fall on the expected straight line which includes 
the measurements at lower pressures. For these 
reasons, all results including the highest measured 


pressures are reported. 


RESULTS 


In the following paragraphs each of the composi- 
tions investigated will be discussed separately. 
However, Table I summarizes all the results for 
580°K which is selected as the common temperature 


Appendix Table | 


Composition 

At. Pct Cd AF eq (cal.) Mca (cal.) AScgq (e.u.) 
€ 74.2 — 200 0 0 
€+6 68.1 +0.1 — 200 0. 0 
6, 63.9 (- 685) - ~ 
6, 60.1 + 0.2 -1762 -2343 -1.0 
S+y 48.7 + 0.03 -1668 (-2453) (-1.3) 
y 43.78 + 0.03 -1893 -1432 0.796 
a+B -1922 (-3711) (-3.08) 

(+100) (+200) (+0. 2) 


The values given above are calculated at T = 580°K. The values 
given in parentheses are more uncertain than indicated by the limits of 
error cited at the bottom of each column. 
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Fig. 2—The vapor pressure of Cd as a function of tem- 
perature for the €;, 6, and € +6 phase fields. 


for comparing the partial molal properties of the 
various phases. 

The equations describing the vapor pressure of 
each composition as a function of temperature are 
found by means of a least mean squares analysis. 
The equation giving the vapor pressure of pure Cd 
derives from earlier work: 


log Pom = 8.723 — 5781/T [1] 


All X-ray measurements, unless otherwise noted 
are the results of powder patterns obtained with the 
G.E. XRD-5 diffraction spectrometer using Cr Ka 
radiation. 

A) The e ande + 6 Phases—The composition of 
the € phase is determined to be 74.2 + 0.3 at. pct 
Cd. X-ray analysis failed to reveal the slightest 
trace of pure Cd or of the 5 phase. Thee + 6 mix- 
ture has an overall composition of 68.1 at. pct Cd. 

Within the limits of error AF ., = 0 for Cd, Cu. 
Actually, AF, could be as great as 200 cal and 
Still not be detected by the vapor pressure meas- 
urements. As may be Seen in Fig. 2, the two-phase 
mixture yields essentially the same results. Hence 
it would appear the |AF., |< 200 cal at the Cd-rich 
boundary of the 5 phase. The electromotive force 
results of Riccoboni and coworkers yield a value of 
-100 cal for Cd, Cu at 397°K which helps to explain 
the lack of success of the vapor pressure deter- 
minations. 

The vapor pressures of the € phase as well as the 
€ + 6 mixture are slightly higher below 555°K than 
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Fig. 3—The vapor pressure of Cd as a function of tem- 

perature for the 6 phase and a + 8 phase field. 
the equivalent values for pure Cd. Although all these 
results are within the experimental limits of error, 
it is disturbing to find them all high rather than ran- 
domly scattered. This trend is not observed in the 
calibration measurements. A series of quenching 
experiments were conducted in order to determine 
whether this effect could have arisen from the non- 
equilibrium decomposition of the € phase at lower 
temperatures. Two sealed ampoules containing 
filings were annealed for one week at 573° and 
475°K. X-ray analysis again failed to demonstrate 
the presence of a new phase in either sample. 

B) The 6 Phase Fields—The vapor pressures of 
four compositions either containing or consisting of 
the pure 6 phase have been determined. The value 
of AF., at the Cd-rich boundary is described in the 
preceding paragraph. The value of the Cu rich 
boundary will be discussed in section C. 

Two compositions of the pure 6 phase have been 
made and the vapor pressures measured. The com- 
position containing 63.9 + 0.1 at. pct Cd, 5,, seems 
to be just within the single-phase region. This alloy 
is prepared in the solid state by homogenizing a 
mixture of the pure 6 andeé phases. The lattice 
parameter is 9.662A + 0.002 which agrees with the 
value of a, = 9.654A which is reported by Owen and 
Pickup® for an alloy containing 63.0 at. pct Cd. The 
vapor pressure data given in Fig. 2 indicate that this 
composition at lower temperatures passes into the 
two-phase region and does not attain the equilibrium 
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Fig. 4—The vapor pressure of Cd as a function of tem- 
perature for the y phase andy + 6 phase field. 


composition during the effusion run. The deviation 
from linearity of log p appears in the neighborhood 
of 580°K. The measurements do not permit an es- 
timate of this temperature closer than + 15°. The 
temperature range of the vapor pressure measure- 
ments,is severely limited in this instance by the 
orifice diameter and the decomposition temperature, 


so they do not warrant calculation of AH¢, and AS¢,. 


The vapor pressure is given as a function of temper- 
ature by Eq. [2] which is combined with Eq. [1] to 
give the equation for A Fo,. 


log Pin ym = 10.813 — 7143 x [2] 
A Fog = 9.546 T — 6232 [3] 


The value of AF., for 5, at 580°K is found to be 
—600 + 200 cal. 

The phase, here designated 6,, contains 60.1 + 0.2 
at. pct Cd which corresponds to the congruently 
melting composition. The lattice parameter is , 
9.593A + 0.002 as compared with the value of 9.615A 
reported by Bradley and Gregory,’ for an alloy con- 
taining 60.4 at. pct Cd. Eqs. [4] and [5] give the 
vapor pressure and AF., as a function of tempera- 
ture. The value of AF ., is found to equal —1762 + 
100 cal at 580°K. 


log = 8.942 — 6293 x [4] 
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A Fog = 1.002 T — 2343 [5] 


Although a rather long extrapolation is required, 
the value of AF., obtained using Eq. [6] can be 
compared with the electromotive force measure- 
ments® at 836°K, the melting point of the solid. A 
common temperature of 875°K has been used to tab- 
ulate the partial molal properties of the liquid 
phase.? Hence, one must first extrapolate these re- 
sults to 836°K, then add A F,,,, the free energy of 
melting for pure Cd at this temperature, in order to 
refer this value to solid as the standard state. The 
heat capacities are taken as Cp(l) = 7.10 and Cp(s) = 
5.31 + 2.94 x 107° T. The free energy is calculated 
according to Eqs. [6], [7], and [8] which yield a 
value of —590 cal. 

AF,, = — TAS, [6] 


m m 


= AH (1) — AH (S) 
836 
= (1) — AH (S) + A Cp(T)dT [7] 


AS, = (1) — A Sage (5) 
83 


6 
= ASgoq (1) — ASsy, (Ss) + ACp(T)d [8] 
594 


A Fagg (1) = AH — TAS 
= —300 — 0.48 x 836 = —701 cal [9] 
Hence AF,, at 836°K referred to the solid is 
A Fog = + Fagg 
= —590 — 701 = -1291 cal [10] 


The value of the partial molar free energy obtained 
at 836°K from Eq. [5] is —1505 cal. The agree- 
ment is almost within the combined limits of error, 
for both sets of measurements (i.e., 200 cal). 

Using the reported value® for A F,,, (1) and by ap- 
plying Eqs. [6] to [9] one may calculate A F gg, (S) 
for Cu which may be combined with A F,,,(s) for 
Cd to give the free energy of formation, A F;, at 
836°K of the 6 phase. The values Cp(l) = 7.50 and 
Cp(s) = 5.41 + 1.50 X 10-°7 are taken for Cu which 
give A F,,,(s) equal to —690 cal. The free energy 
of formation is given by Eq. [11] 


= Neg A Fea + Feu = + 200 cal [11] 


The value reported by Kleppa® for A Fy at 723°K is 

—1092 +100 cal. This discrepancy, 7.e. 87 cal, is 

obviously well within the combined limits of error. 
C) The y and 6 + y Phase Fields—The vapor pres- 

sure measurements made in the two phase region, 

5 + y, are summarized by Eqs. [12] and [13]. 


log Pym = 9-019 — 6317 x T™? [12] 
= 1.354 T — 2453 [13] 


The value of AF, at 580°K is given as —1668 + 100 
cal by Eq. [13]. As only six determinations are 
made at this composition, 48.7 + 0.3 at. pet Cd, 
and are not considered highly accurate. 
Nevertheless, these data may be extrapolated to the 
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eutectic temperature at 820°K and compared with 
the electromotive force results for the liquid having 
the eutectic composition. Eq. [13] gives —1475 cal 
for A Fey while one calculates —1343 cal from the 
electromotive force data. 

The ‘pure’ y-phase alloy contains 43.78 + 0.03 at. 
pet Cd and is slightly Cu rich with respect to the 
stoichiometric compound, Cd,Cu,. According to 
Hansen this composition should still lie in the 
single-phase field. The vapor pressure results 
are given by Eq. [14]: 


log = 8.550 — 6090 x [14] 
Combining Eq. [14] with Eq. [2] one obtains Eq. [15]: 
A = —0.796T — 1432 [15] 


In the manner already described these results 
can be compared with the electromotive force data 
reported for the liquid phase. The y phase is in 
equilibrium at 820°K with a melt containing approx- 
imately 44.5 at. pct Cd. The AFc, (820°) of the melt 
referred to the solid as the standard state is —1892 
cal while the value calculated using Eq. [15] is 
—2067 cal. Considering the scatter of the individual 
vapor pressure measurements this agreement must 
be regarded as fortuitous. 

D) The a —8 Phase Fields—The two-phase 
mixture used to determine the A F., consists of 
nearly pure £, having an overall composition of 
31.55 + 0.01 at. pct Cd. 

The vapor pressure results and A Fo, are given 
by Eqs. [16] and [17]: 


log P = 9.397— 6592 x T7) 
AFoq = 3.0847 — 3711 


[16] 
[17] 


At 580°K AFo,g = —1922 + 200 cal which differs 
from the value for the y phase by much less than the 
limits of error. The value of AF., extrapolated to 
822°K does not agree with the electromotive force 
measurements, the former yielding —1245 cal while 
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the latter gives —2012 cal. The values of AH,, and 
AS ¢, are hence listed in parentheses in Table I and 
should be regarded with considerable skepticism. 


CONC LUSIONS 


The partial molal free energy of Cd has been 
measured for all the solid phases of the Cd-Cu sys- 
tem. Extremely small variations in the value of this 
quantity is found in traversing from the Cu- to the 
Cd-rich compositions. The results agree in general 
with the previously reported electromotive force 
measurements made on the liquid phase. 

It would appear that the lattice parameters pre- 
viously reported for CdCu, are in error. 
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The Solubility of Nitrogen in Solid lron-Nickel 


Alloys Near 1000° C 


Alloys ranging from pure iron to pure nickel were satu- 


rated with nitrogen gas at 918°, 999°, and 1217°C and analyzed. 
The solubility of nitrogen at l1-atm pressure was obtained as 
a function of nickel content for the whole range of iron-nickel 


alloys and the temperature dependence of solubility is shown 
for the experimental alloy compositions. The heat of solution 
and the entropy of solution of nitrogen in the alloys as func- 

tions of composition up to 41 pct Ni are given. 


Tue acquisition of more exact thermodynamic in- 
formation for systems composed of iron with vari- 
ous alloying elements continues to interest ferrous 
metallurgists. The interstitial alloying elements, 
especially carbon, hydrogen, and nitrogen, comprise 
a field of particularly intense study. A recent inves- 
tigation of carbon solubility in Fe-Ni alloys held at 
1000°C in gases of fixed carbon activity showed an 
unpredicted minimum in the solubility near 72 pct 
Ni.’ The present investigation was undertaken to 
see if a similar anomaly in solubility existed for 
nitrogen in Fe-Ni alloys. 

The solubility of nitrogen in y iron at known nitro- 
gen activities has been measured several times.” 
Corresponding information for the solubility of ni- 
trogen in solid Ni and Fe-Ni alloys is not available. 
Juza and Sachsze’® reported that metallic nickel dis- 
solved 0.07 pct N in equilibrium with Ni3N at 445°C. 
This result was regarded as dubious by Turkdogan 
and Ignatowicz’® who found less than 0.0004 pct N 
in nickel specimens equilibrated at 600°C with am- 
monia-hydrogen mixtures having fugacities of Nz 
gas up to 35,000 atm. Such fragmentary reports in- 
dicate only that nitrogen gas has a very much lower 
solubility in nickel than in iron. 


MATERIALS 


A purified iron from Battelle Memorial Institute 
was used for solubility measurements. This grade 
contained more than 99.95 pct Fe, the highest con- 
tent of any measured individual impurity being 50 
ppm for each of As, C, Cu, and Pb. The nickel and 
iron-nickel alloys, supplied by the International 
Nickel Co., contained 0.02 to 0.04 pct C, 0.17 to 
0.19 pct Mn, 0.04 to 0.08 pct Si, < 0.01 pet P, < 0.03 
pet S, and <0.20 pct Co as principal impurities. 
The Fe-0.59 pct Mn alloy was of zone-melted qual- 
ity, the highest concentration of any individual im- 
purity being 15 ppm Al. 

The ‘‘prepurified’’ grade of nitrogen gas from 
Matheson Co. had a nominal nitrogen content of 
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99.996 pct. An ‘‘electrolytic’’ grade of hydrogen 

gas from National Cylinder Gas. Co. in which the 
principal impurity is water vapor was admixed with 
the nitrogen to prevent oxidation of these specimens. 
This grade was preferred to a purer grade because 
the presence of some oxygen helps in suppressing 
contamination of the specimens, for instance, by 
silicon from the porcelain furnace tube. 


EXPERIMENTAL PROCEDURE 


The specimens were equilibrated in vertical tube 
furnaces through which a 99 pct N2-1 pct He gas was 
passed at ambient pressure. For the 915°, 918°, 
and 999°C runs, a wound-resistance furnace was 
used, and for the 1217°C runs, a furnace with a tu- 
bular silicon carbide element was used. The tem- 
perature control system on both furnaces was sim- 
ilar: a Weston ‘‘Celectray’’ controller with a mod- 
ulator, responding to the electromotive force of a 
thermocouple with its hot junction in the furnace, 
switched the furnace current between high and low 
settings. The temperature distributions in the work- 
ing zones of the furnaces were determined with 
calibrated Pt/Pt-10 pct Rh thermocouples. The 
overall uncertainty in temperature was estimated 
to be +3° at 915° to 999°C and +5° at 1217°C. 
Consideration of the small temperature coefficients 
of the equilibria studied, together with the error 
limits in the method of analyzing for nitrogen, 
showed that further refinement in temperature uni- 
formity would give no improvement in resultant ac- 
curacy. 

The reactive gas was generated by mixing to- 
gether ‘‘prepurified’’ nitrogen and ‘‘electrolytic’’ 
hydrogen directly from cylinders commercially 
supplied. The flow rates of nitrogen and of hydro- 
gen were fixed by setting with bleeders the pressure 
drops across the individual calibrated flow meters 
of constant resistance. 

For any given alloy, the solubility of nitrogen at 
1-atm pressure (% N) was obtained from the anal- 
yzed nitrogen content of equilibrated specimens 
(% N, ) according to Sieverts’ law, thus 


% N= 
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Fig. 1—Variation of nitrogen solubility with temperature in 
pure iron. 


where Py, is the experimental absolute pressure of 
nitrogen (in atmospheres) computed from the com- 
position of the reactive gas and the barometric pres- 


sure. 
The duration of each run was decided by assum- 


ing that the time of equilibration was determined 
by the rate of nitrogen diffusion in the specimens. 
In the absence of information for iron-nickel alloys 
and pure nickel, estimates of the time required for 
equilibration were based on the diffusion coeffi- 
cients for nitrogen in iron. To ensure that equilib- 
rium was achieved, runs of duration much longer 
than the estimated equilibration times were made. 
At the conclusion of each run, the specimens were 
quickly pulled from the furnace and immediately 
quenched into cold water. 


The samples were analyzed for nitrogen by a 
modified Kjeldahl method. A piece of alloy was dis- 
solved in 1:1 hydrochloric acid and the solution was 
then made alkaline by addition of sodium hydroxide 
solution. The alkaline solution was distilled by 
passing steam into it. To the distillate, Nessler’s 
reagent was added and, after color development, 
the transmissivity was determined on an Evelyn 
colorimeter. The colorimeter was calibrated by use 
of standard samples prepared from ammonium chlo- 
ride and from NBS steel standards. Based on the 
reproducibility of values for specimens analyzed 
repeatedly over a period, the accuracy of analyses 
is + 6 ppm (or 0.0006 pct) N at a level of 0.029 pct 
N, + 5 ppm at levels from 0.018 to 0.029 pct N, +4 
ppm at levels from 0.012 to 0.018 pct N, + 3 ppm 
at 0.010 pct N, + 2 ppm at 0.006 pct N, +1 ppm at 
0.002 pct N. 


EXPERIMENTAL RESULTS 


The solubility of nitrogen at 1-atm pressure in 
purified iron as measured by several sets of work- 
ers is shown in Fig. 1. At temperatures approach- 
ing 910°C, the authors’ solubility values (also con- 
tained in Table I) are slightly higher than the con- 
cordant results of Darken, Filer, and Smith,° Corney 
and Turkdogan,’ and Fountain and Chipman,’ but at 
higher temperatures, they essentially agree. The 
915°C series, which was made later and analyzed 
separately from the 918°C series because of the 
disagreement just mentioned, confirms the authors’ 
measurement at 918°C. In the case both of Darken 
et al. and of Corney and Turkdogan, the lower val- 
ues that they obtained near 910°C may result from 


Table |. Experimental Nitrogen Contents of Iron-Nickel Alloys 


Pct Nitrogen in Alloy 


Series 
Tempera- 
ture, °C 


1.01 3.98 


Per Cent Nickel 
Length in Alloy Pure Fe 
of Run, Hr. 


8.11 15.46 26.8 40.7 


Zero 
(nitial Stock) 


236.4 
736.6 


0.0003 


0.0289 
0.0293 


0.0010 0.0006 


Solubility Adopted 0.0291 


0.0293 
0.0292 


162.3 
662.1 


Solubility Adopted 0.0292 


0.0257 
0.0262 
0.0263 
0.0256 


69.9 
141.2 
305.6 
422.1 


Solubility Adopted 0.0260 


0.0221 
0.0221 


23.1 
24.4 
45.4 
47.5 


Solubility Adopted 0.0221 


N.C. denotes nonconcordant analyses. 
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Fig. 2—Effect of alloy composition on nitrogen solubility in 
iron-nickel alloys. 


loss of nitrogen during the relatively slow cooling 
of their specimens from the equilibrium tempera- 
ture; however, there is no obvious reason for the 
disagreement with Fountain and Chipman. After 
allowance for all the experimental uncertainties, 
this disagreement appears too small to be worth 
prolonged discussion. 

The data of Table I which show the effects of alloy 
composition and temperature on nitrogen solubility 
are plotted in Fig. 2 without the 915°C series.* The 


*The specimen of high purity Fe-0.59 pct Mn alloy, included only in 


of 0.0291 pct N by high purity iron under identical conditions, this re- 
sult shows that the 0.2 pct Mn contained in the iron-nickel alloys of 
this investigation could have had no significant effect on the measure- 
ments. 


the 915°C mun, absorbed 0.0289 pct N. When compared with an absorption 
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Fig. 3—Temperature dependence of nitrogen solubility in 
iron-nickel alloys. (1-atm Ny, pressure). 


‘reciprocal temperature’”’ in Fig. 3 is therefore 
also a plot of the temperature dependence of these 
equilibrium constants for the various alloys. The 
heats of solution, 4H,, for the reactions 


1/2 N2(g) = N (dissolved in alloy X) 


are proportional to the slopes of the lines in Fig. 3. 
Fig. 4 presents the heat of solution of nitrogen 
gas in iron-nickel alloys as a function of alloy com- 

position up to 41 pct Ni. Each data point was ob- 
tained by a least-squares treatment of the experi- 
mental results and the error limits shown for each 
point correspond to the extreme slopes of lines in 


addition of nickel to iron rapidly diminished nitrogen 
solubility at constant nitrogen pressure. The amount 
by which solubility is reduced below that in pure iron 


a *‘log solubility’’ vs ‘‘reciprocal temperature’’ 
plot that lie within the temperature and composition 
error limits described earlier for the individual 


for a given nickel content is larger at lower tempe- 
rature. At nickel contents exceeding 70 pct, the 
solubility between 918° and 1217°C is so small that 
it is beyond the limitations of the present method 
to prove or disprove beyond doubt the presence of 
a solubility minimum. However, the current re- 
sults suggest that there is no minimum in the solu- 
bility of nitrogen analogous to the known minimum 
in the solubility of carbon near 72 pct Ni.’ Fig. 2 
also shows that a composition in the vicinity of 27. 
pet Ni the nitrogen solubility is independent of tem- 
perature. 

The temperature dependence of solubility for the 
experimental alloys is shown in Fig. 3. For the re- 
action involving an alloy with X percent nickel 


1/2 N2(g) = N (dissolved in alloy X) 


The equilibrium constant, A,, is given by 


= an Py, 


whence 
Ky, % N, 


when the equilibrium pressure of nitrogen gas is 
fixed at 1 atm. The plot of ‘‘log solubility’ versus 
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data points. The line in Fig. 4, drawn with a mini- 
mum to conform to the best points, could also be 
drawn inside the error limits without a minimum. 
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Fig. 4—Heat and entropy of solution of nitrogen in iron-rich 
nickel-iron alloys. 
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The heat of solution for nitrogen in pure iron 
(-3200 + 550 cal per g-atom) differs appreciably 
from the value —2000 cal per g-atom of the recent 
mutually concordant investigations.”’® 

The entropy change, AS,, for the reaction 


1/2 N2(g) = N (dissolved in alloy X) 


is also shown in Fig. 4 as a function of alloy com- 
position. The best values and error limits were ob- 
tained by procedures corresponding to those used in 
calculating the heats of solution. The composition 
dependence of the entropy change is small: the ab- 
solute magnitude of the entropy change remains 
close to the value associated with the losing of three 
translational degrees of freedom when a gas goes 

to a condensed state. 


SUMMARY 


The solubility of nitrogen in iron-nickel alloys 
has been investigated over the composition range 
from pure iron to pure nickel at temperatures be- 
tween 918° and 1217°C. The solubility in pure iron 
at temperatures approaching 910°C was found to be 
slightly greater than the values yublished for other 
recent and mutually concordant investigations, but 
good agreement was found at higher temperatures. 
The addition of nickel to iron markedly lowers ni- 
trogen solubility at all the experimental tempera- 
tures. At nickel contents exceeding 70 pct Ni, the 
solubility was 0.0005 pct N or less, compared with 
0.02 to 0.03 pct N in pure iron at the same tempera- 
tures. No minimum was detected in the nitrogen 
solubility at any composition but the experimental 
method is not sufficiently accurate at the high nickel 
levels to demonstrate the absence of a minimum. 

Increasing the temperature causes a decrease in 
nitrogen solubility in high-iron alloys and an in- 
crease in high-nickel alloys. The solubility is in- 
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dependent of temperature at a composition near 27 
pet Ni. Corresponding to these temperature effects, 
the heat of solution of nitrogen was measured to vary 
approximately from —3200 cal per g-atom in pure 
iron to + 3900 cal per g-atom at 41 pct Ni. The en- 
tropy of solution of nitrogen in alloys with less than 
41 pct Ni shows a slight composition effect. In these 
alloys, the entropy change is of a magnitude (-10 cal 
per deg per g-atom) corresponding to the loss of 
three translational degrees of freedom in going from 
a gaseous state to a condensed state. Minima are 
tentatively indicated in the heat of solution and in 
the entropy change when plotted against nickel con- 
tent. 
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Acid Bessemer Oxygen-Steam Process 


Blowing acid Bessemer converters with oxygen-steam 


produces steel of below 0.002 pct N, content. This method of 
blowing, combined with a dephosphorizing treatment in the 
steel ladle, results in low-carbon steels of low nitrogen and 
low phosphorous (under 0.035 pct) contents, which has physi- 
cal properties equivalent to open-hearth steels of similar 
analysis. Using a 50-50 mixture of oxygen and steam, the re- 
fining rate is increased 25 pct over blowing with natural air, 
and scrap charge increased from 3 to 10 pct. Bottom life is 


normal with proper tuyere area and arrangements, fumes are 
decreased, yields increased, and hydrogen content is normal. 


The acid Bessemer plant at the South Works of 
Wheeling Steel Corp., consists of two 15-ton bottom 
blown converters with a monthly capacity of 57,000 
N.T. The product of the shop is skelp billets for 
continuous welded pipe and slabs for ordinary draw- 
ing and forming quality sheets. Approximately 50 
pet of ingot production is regular Bessemer steel of 
natural Phos content and the remainder is a dephos- 
phorized grade of steel made by a special treatment 
of the blown metal as it is poured into the steel 
ladle. 

The low Phos grade of steel has certain advan- 
tages over the higher Phos grade but since both 
grades were produced by blowing natural air, the N2 
content was in the range of 0.015 pct which limited 
its application. In 1954 it was decided to explore the 
possibilities of blowing with a steam-oxygen mixture 
for the production of steel of both low N2 and low 
Phos contents. The necessary equipment was in- 
stalled to operate one converter in this manner and 
early in 1955 an experimental run of 160 heats was 
made by blowing with a steam-oxygen blast and ex- 
cluding natural air entirely. During this period the 
proper operating techniques were established, such 
as blast pressures, steam-oxygen mixtures, valves 
and instrumental control equipment, tuyere arrange- 
ment in the bottoms, blowing times and production 
rates, and a thorough study made of the final steel 
quality. Also during this experimental period the 
dephosphorizing practice was improved by the use 
of a tap hole below the lip of the vessel. This pro- 
vided a clean separation of the acid converter slag 
and blown metal which made the dephosphorizing 
treatment more effective. 

The results of this experimental run dictated fur- 
ther development of this practice and a second run 
of 720 heats was made in 1957. The quality features 
and conversion cost results were in line with expec- 
tations and accordingly a 400-ton per day oxygen 
plant is now being installed. The plant is scheduled 
for completion in September of this year. This will 
provide sufficient oxygen to operate both vessels on 
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steam-oxygen blast and delete natural air blowing 
entirely. The steel will then be below 0.002 pct Nz 
bar content and the dephosphorized grades will be 
between 0.015 and 0.040 pct Phos. 


STEAM-OXYGEN BLOWING 


The steam for the process is fed to the plant at 
220 psig pressure through a 6-in. line. The high- 
purity oxygen is compressed to 200 psig and con- 
ducted through an 8-in. line. 

The oxygen from the main line is valved down to 
100 psig and passed through a steam heated heat ex- 
changer. The heat exchanger is regulated to supply 
oxygen at 300°F to the steam-oxygen mixing station. 
It is essential that the incoming oxygen be held at 
this temperature to avoid condensation of the steam 
with resulting excessive erosion of the clay tuyeres 
in the vessel bottom. Oxygen is admitted to the mix- 
ing chamber by a 6-in. hydraulically operated valve 
driven by the ratio control regulator on impulse 
from the flow of steam. 

Steam is admitted to the steam-oxygen mixture 
station through a 2 1/2-in. hydraulically driven 
valve. The ratio control regulator acts to increase 
or decrease oxygen input as the steam flow in- 
creases or decreases with changing positions of the 
Blower’s control lever. The important point to note 
here is that steam flow always precedes the oxygen 
flow as a safety measure. The control valves have 
sufficient capacity to afford protection should blow 
pipe trouble develop. | 

A 50-50 mixture for these 15-ton heats demands 
an oxygen flow of 3800 standard cu ft per min along 
with 317 lb of steam. 

The Blower’s stations is provided with an indicat- 
ing blast pressure gage, and indicating steam and 
oxygen flow meters. Signal and warning lights indi- 
cate the valve positions and line pressures. 

A control room at the real of the Blower’s pulpit 
room houses the ratio control and pressure regu- 
lators, as well as the various meter bodies. The 
hand actuated wheels used to change the conditions 
are mounted on a panel on the front of the meter 
control house. The recording steam and oxygen 
meters used for totalizing and accounting purposes 
are also mounted on this panel. 
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EXCHANGER 


The equipment employed in this operation may ap- 
pear to be quite complicated and difficult to control. 
Actually, however, the operation is designed to oper- 
ate automatically through a series of steps made in 
proper sequence. There has been no difficulty in 
operating this process with the regular personnel in 
the pulpit. The valves, piping, and instrumental con- 
trols are shown in Fig. 1. 


STEAM-OXYGEN MIXTURES AND BLAST 
PRESSURES 


In the initial experiments the steam-oxygen ratios 
were varied from a high of 74 pct O to a low of 48 
pct to develop practical maximum and minimum val- 
ues. There were many small minor difficulties at 
first in getting new sticky valves and some instru- 
mental equipment functioning properly and smoothly 
and eliminating all types of blast leaks and minor 
mechanical failures. 

After the initial break-in period all of these fac- 
tors were gradually brought under control as the 
run progressed. An optimum of 60 pct O and 40 pct 
steam was established, as well as a mimimum of 40 
pet O and 60 pct steam. Blowing with oxygen in ex- 
cess of 60 pct in the mixture made blowing rates too 
fast for the charging and steel pouring operations to 
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INDICATOR 


Fig. 1—Bessemer converter. Oxygen-steam ratio flow diagram. 


0, Flow 
RECORDER 


keep in step with. The 40 pct O mix blows too cold 
for straight-line use but is useful at intervals for 
cooling hot heats during the course of a blow. The 
50-50 mixture is normally used as it is thermally 
equivalent to natural air, and more important, pro- 
vides a blowing rate that properly fits the sequence 
of the whole cycle of charging, blowing and steel 
pouring operations in this particular shop. 

Under these conditions the 50-50 mix blowing es- 
tablished an oxygen consumption figure of 1500 cu ft 
of oxygen and 125 lb of steam per N.T. of ingots 
produced. Production rates were increased about 
25 pct with this 50-50 mix, as compared with natural 
air, as shown below; 


Heat to Heat Blowing Time 


Blowing Medium Cycle Per Heat 
Natural air 12 min 9 min 
Oxygen 50 pct - 9 min 7 min 


Steam 50 pct 
(by weight) 


The 15-ton heats can be blown in 6.5 min with a 
mixture of 65 pct O and 35 pct steam, but as men- 
tioned previously, this is too fast for the rest of the 
operation. Blowing times of as little as 5.5 to 6.00 
min per heat were achieved with higher oxygen ra- 
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tios but these rates were found to be impractical. 
These heats blew very hot and required more scrap 
for coolant than could be made on one charge with 
our equipment. Also in several instances the blowing 
time was too short for the available heat to melt all 
of the bloom butt scrap required in the charge and 
when poured into the steel ladle the metal was too 
hot and balls of unmelted scrap rolled out into the 
ladle. Therefore, for any given converting mill and 
iron analysis used, there will be a minimum blowing 
time than can be practiced regularly. 

In the initial experiments high blast pressures of 
30-40 psi were employed for investigation. This re- 
sulted in ruptures of the bottom plate packing, ex- 
cessive blast leaks at various joints and items of 
that nature for which the equipment was not built to 
withstand. In the final analysis, the best overall re- 
sults were obtained using blast pressures in the 
normal range of 20 to 28 psi for which the equipment 
was constructed. 


BOTTOM LIFE 

As was to be expected the initial experiments with 
high oxygen ratios showed rapid deterioration of the 
vessel bottoms and various innovations were applied 
to improve bottom life. Bottom building and drying 
practice was improved and the best of available re- 
fractory materials employed. Bottom life became 
more normal with the 50-50 oxygen-steam blast at 
normal blast pressures. 

In blowing with steam-oxygen mixture the volume 
of inert N2 as is in the natural air blast is not pres- 
ent and the total volume of blast is less than with 
natural air. Therefore, the total area of open tuyere 
holes in ‘he clay tuyeres must be reduced to about 
‘50 pct of the area required for natural air blowing. 
The standard bottom for natural air blown bottoms in 
this shop is nineteen tuyeres per bottom, each con- 
taining 8 holes of 5/8-in. diam for a total tuyere 
area of 24.8 sq in. The first series of bottoms used 
were made up with nineteen tuyeres with five 3/8-in. 
diam holes in each for a total tuyere area of 10.5 sq 
in. The average bottom life with these bottoms was 
twelve heats per bottom and the blowing times aver- 
aged 8.5 min. 

The second series of bottoms used consisted of 
only seven tuyeres per bottom, each with eight 
1/2-in. diam holes. This resulted in an improved 
bottom life of twenty heats per bottom and blowing 
times of 7.7 min. Further, experiments with various 
tuyere arrangements and areas under conditions of 
better control of the whole operation will result in 


improved bottom life. 
Several conclusions, however, can be made. Uni- 


form distribution of the tuyeres over the bottom area 
is desirable. When the normal tuyere pattern with 
nineteen tuyeres is used the outer circle of tuyeres 
wear down and bore more rapidly than the central 
group of tuyeres. Blast pressures and steam-oxygen 
mixtures must be sufficient and continuously sup- 
plied. Even temporary compositions too rich in oxy- 
gen can be very harmful to bottom life. The bottom 
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design we plan to use for the next run will consist of 
nineteen clay tuyeres each containing three 1/2-in. 
holes. 


END-POINT CONTROL 


In steam-oxygen blowing the flame characteristics 
are clearer and visual judgment of temperature lev- 
els and final end point for an 0.03 to 0.04 pct C blow 
are more positive than when blowing with natural 
air. Apparently the elimination of the large volume 
of Ne clears the flame. 


TRON ANALYSIS 


The hot metal used during these experiments was 
in a normal range for acid Bessemer iron: 


Si 0.90 to 1.50 pct 
0.40 to 0.60 
P 0.070 to 0.085 


The higher Si range of 1.25 to 1.50 pct was spec- 
ified in the latter stages of the run to achieve a 
higher Si to Mn ratio and produce a more viscous 
type of vessel slag. Steam-oxygen blowing, with the 
Nz excluded, produces a hotter slag than natural air 
blowing which with low Si iron particularly is semi- 
liquid and tends to flow with the metal into the steel 
ladle under lip pouring conditions. In order to hold 
the vessel slag back in the vessel it is necessary to 
use the tap hole previously mentioned and increase 
the Si to Mn ratio in the iron to about 3:1. 

Steam-oxygen blowing also provides a means of 
control besides scrap additions to control final metal 
temperatures with variations in Si contents of the hot 
metal. The oxygen proportions may be varied during 
the course of the blow to compensate for any varia- 
tions in metal temperature which were not fully 
compensated for by the initial scrap charge. Side 
blowing for extra temperature, as is practiced at 
times with air blowing, is not necessary and any 
additional ejection losses accompanying such prac- 
tice is avoided. On the other hand, steaming of 
heats by injection of steam into the air blast for a 
cooling adjustment as used in air blowing is handled 
by increasing the steam-oxygen ratio for the desired 
interval. 

The oxygen-steam ratio also provides a means of 
utilizing more or less scrap in the charge within 
wider limits than is possible with natural air blow- 
ing. Scrap in the range of from 3 to 15 pct may be 
melted in the charge as economic conditions or pro- 
duction levels may dictate. 

In several ways steam-oxygen blowing provides 
not only a low Nz steel but a wider range of controls 
which provide better and more uniform quality and 
production and economic advantages. 


FUMES 


Steam-oxygen blowing practically eliminates slop- 
page and less spittings are produced. The increase 
in yield of 0.50 to 1.00 pct obtained during this ex- 
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perimental run appeared to arise from a reduction 
in ejection losses and less blown metal lost to the 
slag pot. 

Fume emissions are less than when blowing with 
natural air but much greater than is the case with 
steam-oxygen blown basic converter operations in 
Europe. The greatest amount of fume is noted at the 
turn-up stage and during the course of the Si blow, 
particularly with high Si iron. Thomas type iron for 
the basic Bessemer process is usually below 0.45 
pct Si content and some times as low as 0.10 to 0.30 
pct Si, and in these cases the fume consists of a 
mere plume of white vapor. Evidently the fume prob- 
lem with acid converters in this country is closely 
associated with the practice of using rather high Si 
iron. 


NITROGEN CONTENT 


The Nz contents of the steam-oxygen blown fin- 
ished steel ranged from a low of 0.0005 pct to a high 
of 0.003 pct with an average of 0.0018 pct. This is 
lower than the 0.002 to 0.005 pct range which is 
normal for low-carbon open-hearth steels. 

Blows finishing in the higher ranges of 0.002 to 
0.003 pct were the result of very high Si iron and hot 
heats not properly compensated for by a sufficient 
scrap charge or the use of a reduced oxygen to 
steam ratio. 


HYDROGEN CONTENT 


The hydrogen content of the finished low-carbon 
steels made with steam-oxygen blast averaged 
around 0.3 to 0.4 ppm. This is in the same range 
as for air-blown steel and open-hearth steel used in 
the same flat-rolled products. It must be pointed 
out, however, that these pipe and sheet products 
were all of very thin sections, less than 5/8-in. 
thick, which were reheated and rolled several times 
after the billet or slab stage. Products of the higher 
carbon alloy steel types of 4-in. or more thickness 
of section, commonly associated with hydrogen flake 
characteristics, were not made or investigated. Ap- 
parently hydrogen content in the finished products 
made in this investigation are independent of the 
type of blowing gases employed. What with the 
moisture in natural air and some steam injected into 
the blast at times, air-blown steel is not entirely 
free of contact with hydrogen. 
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DEPHOSPHORIZATION 


A method for dephosphorizing acid Bessemer 
steel we developed over 20 years ago is still in con- 
tinuous use in this plant, and at various times the 
practice has been improved. The tap hole is used 
principally for the subsequent application of the de- 
phosphorizing treatment used on 50 pct of the shop 
production. 

The present practice results in the following fig- 
ures for dephosphorized steel: 


Pct of Total 


Phos below Heats 
0.050 pct 90 pct 
0.040 pct 80 pct 
0.030 pct 55 pet 
0.020 pct 10 pct 


The dephosphorizing slag is formed with a mixture 
of the following materials: 


Pebble lime 250 lb 


Roll scale 250 lb 
Soda ash 100 lb 
Fluor spar __ 60 lb 
Total - 660 lb per 15-ton heat. 


These grades of steel then contain 0.015 to 0.040 
pct Phos as a normal range and are under 0.002 pct 
Ne as well. 

The physical properties are considerably better 
than air-blown Bessemer steel and are equivalent to 
open-hearth steels of the same Phos contents in the 
pipe and sheet products to which they were applied. 
This applies to low, medium, and high Phos grades. 

In conclusion this investigation has shown that 
steam-oxygen blowing of acid converters provides a 
practical and economic method of producing a very 
low Ne steel, and in addition increases the produc- 
tion rate 25 pct, provides better temperature and 
end-point control, better yields, and a means of 
melting more scrap in the process. 

The process extends the useful life of an existing 
plant. Some time in the future when added ingot ca- 
pacity is required this shop will be replaced with a 
basic oxygen plant of larger capacity. 
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Magnesium Alloys 


Nucleation Catalysis by Carbon Additions to 


Grain refinement of Mg-Al melts by carbonaceous additions 


has been attributed to nucleation by aluminum carbide. The ef- 
fects of process and alloy variables are interpreted and predicted 
in terms of the dispersion and chemistry of this phase. The grain 
coarsening action of Be, Zr, Ti, R.E., chlorination, temperature 
extremes, and prolonged holding times is described. Measures 
necessary to insure an adequate dispersion of the catalyst are 
discussed. 


Carson inoculation treatments have become fairly 
well known and used for grain refinement of mag- 
nesium alloys containing Al. Although there is 
general agreement that a nucleation process occurs, 
the process is not understood and the inoculants are 
used in a rather empirical fashion. 

The treatment is applied to the class of alloys con- 
taining 3 to 10 pct Al, z.e., AZ31A to AM100A. Typi- 
cal methods involve melting, alloying, and adjusting 
the temperature to 1400° to 1450°F. Then 0.01 to 
0.5 pet C as CaC,, CCl, or lampblack is added by 
any convenient means, and the melt poured within 
10 to 30 min. 

Investigators generally have been impressed by an 
assumed similarity of this refinement process to 
superheat grain refinement, which depends on heating 
approximately the same alloys to a temperature in 
the range of 1550° to 1650°F, then pouring promptly 
after the melt is cooled to the pouring temperature. 
Various predictions have been made that carbon re- 
finement would replace superheating in commercial 
practice due to reduced process costs, but this re- 
placement has not fully taken place because of pro- 
duction difficulties and conflicting observations. 

Davis, Eastwood, and DeHaven’ agree with Nelson? 
and Wood’ in suggesting that an excess of inoculant 
may be harmful. Wood however says that overtreat- 
ment is not a problem in production use of hexa- 
chlorobenzene inoculation, and Hultgren and Mitchell* 
claim no evidence of harm from excess additions. 

Various grain coarsening reactions are known to 
occur, including the possibility of overtreatment 
mentioned above. Trace amounts of Be,” Zr, and Ti 
may prevent refinement by either a carbon treat- 
ment or a superheat. Occasionally treatment with 
c, may cause coarsening, although the Battelle 
refinement process’ uses a CCl,-Cl, blend. Grain 
coarsening also tends to occur on holding at tem- 
peratures below 1350° to 1400°F, especially after 
a superheat treatment, and for this reason Nelson” 
stresses the desirability of a refinement method 
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useful at lower temperatures for open pot melting 
practice. 

Since a carbon treatment can be made to work at 
temperatures below 1400°F, it seems desirable to 
investigate the mechanism of the refinement and the 
mechanisms of the coarsening reactions in order to 
establish control conditions for use in commercial 
production. The identity of the nucleating phase 
must first be established and then the factors affect- 
ing its chemistry and physical dispersion must be 
deter mined. 


THE IDENTITY OF THE NUCLEATING PHASE 


Davis, Eastwood, and DeHaven suggested that the 
nucleating phase in this system is Al,C;,’ but 
Mahoney, Tarr, and LeGrand° disagree, largely be- 
cause they found no evidence of the compound in al- 
loys after carbon treatment and because there is no 
indication that aluminum carbide should be unstable 
over the temperature range used in the superheat 
treatment. This latter objection is based on the as- 
sumption that both the carbon treatment and the 
superheat treatment introduce the same nuclei. 

Electron diffraction studies have been made to 
identify the nucleating phase. Samples of grain 
refined AZ92 have been selectively etched so that 
clean surfaces are obtained and so that secondary 
phases are in relief. Electron diffraction patterns 
from these surfaces have established that the car- 
bon treatment of AZ92 introduces into the metal a 
large number of small, plate-like particles with a 
structure very similar to Al,C,. In most cases, the 
plate-like nature of the particles prevented positive 
identification but in the cases where the identification 
could be made the particles proved to be AIN Al1,C,. 
However, enough variation in lattice constants was 
observed so that all compositions from pure Al1,C; 
to the 50:50 solid solution AlN-Al,C,; were probably 
present.** 

In Al,C, and especially AlN-Al,C, the Al atoms 
occur in layers within which they have the same 
hexagonal symmetry and spacing as the Mg atoms 
in a single basal plane of a magnesium crystal. . 

The solid solution spacing lies between the 3.11A 
of AIN and the 3.3Afor Al,C3, in satisfactory agree- 
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ment with 3.23A for Mg. Therefore, it was concluded 
that these aluminum carbides (and/or carbo-nitrides ) 
would act as suitable nuclei for crystallization of 
magnesium, especially since they occur in the form 
of thin platelets. 

As a further confirmation, aluminum-containing 
alloys were grain refined using a carbon tetrachlor- 
ide-chlorine blend containing radioactive C'*. The 
amount of carbon introduced by this treatment 
amounted to a maximum of 0.65 ppm for commer- 
cial purity AZ92. A portion of this material was acid 
soluble with gas evolution, but did not produce detect- 
able acetylene or CO, on solution. Oxidation of the 
gaseous product did produce CO,, indicating the 
presence in the melt of an acid soluble carbide which 
hydrolyzes to give a hydrocarbon product other than 
acetylene. This is the known behavior of Al1,C,. 

In addition, previous electron diffraction studies !4 
of superheated metal have shown that the nuclei are 
different in structure and composition from the 
aluminum carbides or nitrides. The superheat nuclei 
are in general metastable structures associated with 
the various peritectic transformations of Mn-Al com- 
pounds and are therefore chemically different from 
the nuclei of the carbon treatment, though necessarily 
somewhat similar structurally. 

The present study was then undertaken to clarify 
the nucleation process involved in carbon refinement 
of magnesium alloys, using the assumption that 
Al,C,-Al,C,-AIN is the active catalyst. It was found 
possible to counteract most of the grain coarsening 
effects described by careful attention to dispersion 
and quantity of the additive. The catalyst poisoning 
reactions were observed to be largely predictable 
from the known chemistry of the assumed nucleation 
phase. It was confirmed that the catalyst is different 
from that active in superheat grain refinement, al- 
though interactions between the two processes may 
occur. 


EXPERIMENTAL 


All alloys studied were prepared from commer- 
cial Mg, Al, Zn, and M alloy (Mg-2 pct Mn). Melting 
and alloying were done in 50-lb-capacity clean steel 
crucibles using Dow 230 or 310 flux, unless other- 
wise noted. When two comparison melts were run 
together, each ingot going into the melts was split 
so that half went into each melt. Various carbon in- 
oculants were used, including C,Cl,, CaC,, CaCN, 
and lampblack, in amounts from 0.1 to 1.0 pct by 
weight, 

Grain size data reported indicate the average 
grain diameter (A.G.D.) in as-cast specimens, using 
the chart comparison method reported by George.® 
A 1-in. section from the center of a 4-in. cube speci- 
men was used in the critical determinations, and the 
corresponding data are indicated by 0 on all figures. 
Satisfactory refinement is considered to be an A.G.D. 
< 0.015 in.; 0.006 in. is the lowest value normally ob- 
tained in this section. 

For some of the rate studies cylinders 1 in. in 
diam by 2 in. long were chill cast in a graphite mold. 
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Fig. 1—Refinement incubation period; CaC, vs CgCl, (AZ92A). 


A minimum A.G.D. of about 0.001 in. was obtained. 
The data are indicated by O on all figures. 


RESULTS 


A) Time, Temperature, and Stirring Response for 
Various Inoculants— None of the carbonaceous addi- 
tives used or proposed at various times have been 
generally accepted. The reason is found in the dif- 
ferent responses to operating conditions. 

Fig. 1 contrasts the grain refinement behavior of 
AZ92A treated with calcium carbide with that of 
AZ92A treated with hexachlorobenzene. The calcium 
carbide was stirred into the melt as 4-mesh pieces; 
the hexachlorobenzene was inserted as 35 to 50 g 
pellets by use of a ‘‘phosphorizer’’. The prompt 
grain refinement seen from the hexachlorobenzene 
and the induction period of the calcium carbide are 
typical of the behavior of these materials. 

Fig. 2 includes three runs for which the carbide 
reagent showed a comparatively short induction 
period. It appeared that the firing conditions were 
different in the two settings used for these runs, 
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Fig. 2—Incubation periods of identical melts treated at +0 
with 1 pet CaC, (AZ92A). 


VOLUME 221, JUNE 1961-541 


4 
iA 
fe 
ag 


STIRRED 
NOT STIRRED 
+ T t 
4 
qT 
62177 
| | 
82178 
0 2 . s 6 0 2 @ 6 8 20 22 24 2 28 30 32 35 


ELAPSED MELT TREATMENT TIME, MINUTES 


Fig. 3—Response to stirring with 1 pct CaC, (Mg-9 pct Al-2 
pet Mn). 


perhaps giving enhanced convection in the faster 
refining cases. Therefore, the experiments shown 
in Fig. 3 were run to clarify the role of a stirring 
in the grain refinement process. It is shown that a 
mild stirring operation eliminates the incubation 
period usually seen when the melts are treated with 
CaC,. 

The stirring operation and intimate metal-carbon 
contact seem to be even more critical at 1250°F. As 
was seen in Fig. 1, metal once fine at 1400°F would 
remain fine for long periods at that temperature. But 
if a calcium carbide treated melt is cooled to 1250°F, 
grain coarsening occurs. A portion of such a coars- 
ened melt was decanted into a clean steel crucible 
and both crucibles were then heated to 1400°F. The 
metal in contact with the carbon containing sludge 
re-refined but the decantate remained coarse, Fig. 4. 
Efforts to compensate for the 1250°F coarsening by 
stirring were not successful, though a degree of re- 
refinement could be obtained by stirring at 1250°F a 
melt previously refined at 1400°F. 

Use of either hexachlorobenzene or calcium cya- 
namide was successful in producing refinement at 
1250°F, even without supplementary stirring, Fig. 5. 
Hexachlorobenzene frequently blew metal out of the 
crucible at this low temperature, and its efficiency 
was erratic. 

B) Grain Coarsening Additives—In a 100 lb or 
larger melt grain coarsening on chlorination after 
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Fig. 4—Refinement by sludge contact after low-temperature 
coarsening (AZ92A; CaC,). 
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Fig. 5—Grain refinement at 1250°F vs 1400°F (AZ92A). 
Various carbon sources. 
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carbon treatment is typical, Table I. Re-refinement 
occasionally occurs on subsequent holding. 

Zr is a well-known grain coarsener in Mg base 
alloys containing Al. Additions as small as 0.01 pct 
are likely to cause the usual superheat or carbon 
grain refinement process to fail. A prolonged car- 
bon treatment corrects this situation, particularly 
if the melt is first decanted into a clean crucible, 
Fig. 6. Ti and Be are other well-known grain 
coarseners in this system and show a very similar 
behavior, although Be has presented more problems 
in this series of experiments than Ti, Fig. 7. The 
data shown are for chill-cast specimens, but if ade- 
quate time is allowed, satisfactory refinement is 
found in the sand-cast cubes also for Ti or Zr, usu- 
ally not for Be. 

Mn shows more complex behavior. No evidence 
was seen for grain coarsening in alloys containing 
8 to 10 pct Al, even though Mn was at the saturation 
level. This appears to be true to a level somewhat 
below the concentration of the commercial AZ31B 
alloy. But at the 2 pct Al level the carbon refine- 
ment process does not tolerate more than about 0.2 
pct Mn, and at 1 pct Al, 0.1 pct Mn is usually de- 
leterious, Fig. 8. At 1/2 pct Al, refinement is quite 
unreliable, although adequate Mn control may make 
the refinement of such alloys feasible. 

Rare-earth additions are somewhat more com- 
patible with Al in Mg alloys than are Ti, Zr, and Be. 
Mischmetal additions (0.5 to 0.8 pct) were made to 
AZ92A and were found to poison the carbon grain 
refinement process, although no interference with 
superheat refinement was observed, Fig. 10. In the 
presence of both rare earth and a carbon addition it 
became impossible to obtain grain refinement by 
superheating. 


Table |. Grain Coarsening Response to Clo 


A.G.D., 
In. x 107° 
84644 84957 84958 
1. 100+ melt AZ92A as carbon refined 9 10 8 
2. After 15 min chlorination 35 30 40 
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Fig. 6—Effect of Zr contaminated sludge on induction 
period. (AZ92A, 1400°F). 


DISCUSSION 


The experimental data are consistent with the 
known chemistry and probable dispersion charac- 
teristics of an aluminum carbide (or carbo-nitride) 
nucleation catalyst, which differs from, but interacts 
with, the catalyst active in superheating. It is not 
necessary to assume any temperature dependent 
solubility of this phase, and it appears more rea- 
sonable to consider it a dispersion of a substantially 
insoluble phase. 

A) Dispersion—Assuming that each grain requires 
a nucleating particle, and that an average grain diam- 
eter of 0.004 to 0.005 in. is desired, it is necessary 
to have about 10’ such particles uniformly distributed 
in each cubic inch of the specimen. 

When calcium carbide is added to the melt as 1/4- 
in. diam fragments, it settles quietly to the bottom. 
One would not expect uniform composition if an al- 
loying ingredient were added this way, and the ob- 
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Fig. 7—Effect of Ti or Be additions on induction period. 
(AZ92A, 1400°F). 
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Fig. 8—A.G.D. of carbon refined melts vs Al, Mn compo- 
sition. 

served incubation period before significant refine- 
ment occurs is understandable. One would expect 
supplementary stirring to reduce or eliminate the 
induction period, and this effect was observed experi- 
mentally. 

Hexachlorobenzene is quite different and decom- 
poses with almost explosive violence when inserted 
into the melt. The consequent dispersion of material 
appears quite good, and no delay is normally seen in 
refinement ¢.e., less than 2 min in most cases ex- 
amined). 

The preferred temperature range for carbon re- 
finement is reported to be above 1350°F**, and 
Davis et al. suggest that grain coarsening at 1250°F 
may be due to precipitation of the Al,C, phase. How- 
ever, this temperature limitation is largely a circu- 
lation effect, as evidenced by the success of low- 
temperature treatments with the more reactive ma- 
terials and their relative immunity to coarsening on 
holding compared to the more inert CaC,. It is some- 
times possible to counteract partially this coarsening 
by stirring the latter material, but the results are 
erratic and no data are shown. 
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Fig. 9—Activity of carbon (Standard State-Graphite) for 
selected metal carbide systems. 
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Fig. 10—Carbon and superheat refinement with rare earth 
(AZ92A). 


Adequate dispersion of the nucleation catalyst then 
may be controlled by three processes: mechanical 
stirring, chemical propulsion, and thermal (or con- 
vection) circulation. The thermal effect alone is 
likely not to be sufficient for consistent results. 

B) Nucleant Chemistry—Al,C, is known to be 
moderately reactive chemically. It decomposes in 
water, oxidizes when heated in air or oxygen, and 
reacts vigorously with Cl, at red heat.° 

In view of this chemical reactivity one would ex- 
pect that chlorination would largely destroy this 
phase in a melt and so the usual grain coarsening 
action of chlorine is not surprising. This grain 
coarsening action can result from a dynamic equi- 
librium involving simultaneous formation and de- 
struction of the carbide. Examples would be the use 
of a simultaneous carbon-chlorine treatment, or 
perhaps chlorination in a system containing a reser- 
voir of available carbon in the melt sludge. Hence, 
combination treatments may be unreliable unless 
extreme precautions are taken to control the supply 
of carbon and chlorine, and to control the stirring 
action involved. The workers who have reported dif- 
ficulty with excess carbon were either using such 
blends or using chlorinated hydrocarbons, in con- 
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trast to workers who saw no such problems of 
‘‘overtreatment”’ in the absence of chlorine. 

Another method of destroying Al,C, is to form a 
more stable carbide. Unless the new carbide were 
fortuitously a good nucleation catalyst, grain 
coarsening would occur. The stabilities of selected 
carbides are shown in Fig. 9. Zrand Ti form much 
more stable carbides than does Al, and therefore 
the observed grain coarsening with these elements 
is not surprising. Be and the rare earths are also 
capable of forming stable carbides,’ but free energy 
data are not available. The extreme chemical simi- 
larity between Be,C and Al,C, suggests that free 
energy values would be somewhat similar. If this 
were true, a large value for the activity coefficient 
of Be in Mg would lead to preferential formation of 
Be.C even at very low Be concentrations. 

From this picture, one might predict that a pro- 
longed or repeated carbon treatment would reduce 
the concentration of the poisoning element suffici- 
ently for refinement to occur. This was found to be 
true for Zr and Ti and at least partially true for 
Be, as shown in Figs. 6 and 7. It should be empha- 
sized that hexachlorobenzene, an inoculant not usu- 
ally subject to delay, was used in these experiments. 
The importance of available Zr in the sludge may be 
noted from the much shorter times required for re- 
finement in decanted metal than in the residual ma- 
terial. 

The behavior of Ti is quite similar to that shown 
for Zr. In experiments on Be, refinement did not 
usually become satisfactory, measured by sand 
castings, despite the favorable chill-cast specimen 
response. 

The more complex behavior of Mn, which shows a 
coarsening effect only at low Al levels, is not yet 
resolved in detail. Nelson? reports that some Mn and/ 
or Fe is necessary for the refinement process to 
take place. The radiocarbon experiments described 
earlier also demonstrated that more carbon is taken 
up and more carbide formed in commercial melts 
than in high-purity melts of very low Fe and Mn 
levels. 

A ternary carbide MnAl,C is known to exist in a 
form similar to FeAl,C.’’ Taylor and Jones’* men- 
tion a ferromagnetic fcc phase probably based on 
Fe,AlIC associated with iron-aluminum alloys in the 
composition range 10 to 33 at. pct Al. They suggest 
an epitaxial relation between the bcc matrix and the 
fec structure, based on lattice parameter measure- 
ments. 

The most probable explanation of the effect seen 
then is that a ternary carbide is intermediate in the 
formation of the nucleant. With a shift toward high 
Mn/AI ratio, the carbide stability shifts toward a 
phase high in Mn and structurally unsuitable for 
nucleation, or perhaps simply too dense to be sus- 
pended in the melt effectively. 

A variant in the poisoning mechanism could be 
based on the well-known precipitation of various 
intermetallic Mn-Al compounds during cooling and 
solidification in this alloy system. In high Al alloys 

TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


( 
1 
t 
I 
t 
f 
V 


100 
| 
( 
( 
is 
te 
b 
r 
Ir 
dé 
tr 
al 


the intermetallic compound which precipitates is 
known to be MnAl, but in dilute alloys a composition 
near MnAl is observed. In view of the extreme dif- 
ficulty one experiences in keeping any surface 
chemically clean, one would expect considerable de- 
position on any Al,C, particle which might exist in 
the system, leading to a chemisorbed layer or some 
sort of surface transition structure. If this surface 
is relatively dilute in Mn, the catalytic activity might 
not be seriously affected, but at high Mn levels the 
surface would certainly be drastically altered. 

Although the transition carbides have not been ob- 
served in Mg alloys, the variation of the ratio of 
activities of Mn and Al as indicated by the inter- 
metallic compounds which precipitate is certainly 
sufficient for their formation in the range of 1 to 10 
pet Al. 

A somewhat similar complex overgrowth is to be 
expected in the case of the poisons of the type Ti or 
Zr. In addition to forming extremely stable carbides, 
these metals also precipitate Al very strongly in Mg 
melts. Hence a mixed overgrowth involving both 
interactions would be expected. 

Special attention should be given to the rare-earth 
interference (Fig. 10). The rare earths are known to 
form stable carbides of the CaC, type, rather than the 
Al,C, type.” Although thermodynamic values are not 
available for the rare earths, ThC, is quite stable. 
One might presume on the lanthanide-actinide simi- 
larity to suggest these carbides are also more stable 
than Al,C3. 

By contrast with the behavior of the other carbon 
refinement poisons mentioned, the rare earths do not 
interfere with Mn, Al, or Fe in magnesium melts. If 
one subscribes then to the idea that an iron or man- 
ganese-aluminum peritectic reaction is involved in 
superheat grain refinement of magnesium alloys,” ** 
one might expect no interference from rare earth. 
This was seen to be true, Fig. 10, and confirms the 
chemical difference of the two nucleation processes. 

Further evidence that the two refinement proc- 
esses are chemically different is shown in Fig. 8, 
where it is reported that carbon refinement applies 
to alloys containing as little as 1 pct Al if Mn is 
maintained low. The literature indicates that more 
than 3 pct Al should be present for superheat re- 
finement,° and experiments in the present series 
were not successful in superheat refining 1 pct Al 
melts in the range 0.05 to 0.4 pct Mn. 

The suggestion that the two nucleation processes 
share an interaction probably based on (Fe) Mn-Al-C 
is further supported by the data in Fig. 10. It is 
shown that if carbon is added to a rare earth con- 
taining melt, it is no longer possible to grain refine 
by superheating. It has been suggested’ that carbon 
may interfere with superheating in some situations. 
In our small-scale experiments it has not been pos- 
Sible to find any such effect, although some scores 
of melts were made which are not included in the 
data presented. It may be supposed that if the carbon 
treatment is of itself adequate for refinement, then 
any hypothetical interference with the superheating 
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mechanism is irrelevant. But if the carbon refine- 
ment is then poisoned by a rare-earth addition, 
which would not otherwise interfere with superheat- 
ing, it is no longer possible to refine the melt by 
either mechanism. 

If there is an epitaxial (or mixed crystal) rela- 
tionahip between the (Fe) Mn-Al compound and an 
MnAl,C or perhaps even Al1,C, then the two proc- 
esses might be expected to have much the same 
characteristics but to be somewhat mutually ex- 
clusive. 

At the risk of belaboring the obvious, we may say 
that two materials which act as nucleation catalysts 
for a given system are likely to be epitaxial. They 
also may be poisoned by the same impurities, 
though chemistry is likely to be more important than 
structure on this point. If one catalyst is distributed 
through the system and the other is formed in situ 
by a temperature dependent precipitation, but not a 
peritectic decomposition, the second is more likely 
to grow on the first than to form new nuclei. Hence 
there would be a mixed catalyst rather than two 
separate nucleants. In view of the structural re- 
strictions, interactions are to be generally ex- 
pected between nucleants. 

The known characteristics of carbon refinement 
can be understood in terms of the dispersion and 
chemistry of the assumed nucleant, Al,C, (N). A 
more satisfying analysis of certain interferences 
could be performed if free energy data were avail- 
able for pertinent carbide phases. The nucleation 
process is clearly different from that active in 
superheat refinement although there are many simi- 
larities and a large area of overlap. 


CONC LUSIONS 


1) Selection of suitable carbonaceous inoculants 
allows satisfactory grain refinement over the tem- 
perature range from 1200-1650F for magnesium 
alloys containing 20.5 pct Al. 

2) The degree of dispersion in the melt is the 
major criterion of a good inoculant in this system. 
Dispersion is also the major factor in the tempera- 
ture dependence for grain refinement. 

3) The refinement process involves a dynamic 
equilibrium of sludge-melt interaction. Thus in open 
pot practice, reagents which may refine less promptly 
but provide within the sludge an ample reservoir of 
material may be superior (e.g., CaCN,, CaC, and 
lampblack v. C,Clg). 

4) Grain refinement is based upon nucleation in- 
volving epitaxial relationships. Thus two grain re- 
fining agents in a given system are likely to nu- 
cleate upon each other, which may give a loss in 
dispersion instead of a gain. 

5) The carbon refinement species is different from 
that operative in the superheating process, although 
the two processes are interdependent via epitaxial 
relationships. 

6) Incompatibilities in the refinement process can 
be explained by the known chemistry of the assumed 
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nucleation catalyst, Al,C,, and by the reactions this 
phase is known to undergo with the catalyst poisons 
in macro systems. 

7) Since the nucleation poisoning effects result 
from a chemical reaction, it is sometimes possible 
to remove the trouble by adding sufficient nucleant to 
react with substantially all the poison and then gen- 
erate fresh clean nuclei. 
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the Fe-Ca-O ternary system. Using the results on the reduc- 
tion-equilibria, an oxygen potential diagram is drawn for the 
greater part of the system. A number of univariant systems 
and invariant points, not determined experimentally, are 
evaluated by making use of the theorem on univariant curves 
intersecting at an invariant point. The formation of solid 
solutions and ternary compounds and the crystal structures of 


some of the phases in the composition-diagram are given for a 


few temperatures. 


Durinc the past thirty years there has been a con- 
tinued interest in the study of the Fe-Ca-O system. 
A detailed literature survey made by White’ in 1943 
indicated that further work was required to clarify 
the phase relationships; in fact, the work carried out 
in the subsequent years, reviewed by Burdese’ in 
1954, made a valuable contribution to a better under- 
standing of this subject. Most of the data were ob- 
tained by the step-wise reduction of mixtures of iron 
oxides and calcium ferrites. However, there is 
some uncertainty about the phase relationships in 
this system, arising mainly from insufficient use of 
thermodynamic concepts in the construction of phase 
diagrams. In this paper an attempt is made to es- 
tablish the invariant points from the available data. 


OXYGEN POTENTIAL DIAGRAM 


Schenck and coworkers*** were the early investi- 
gators who Studied part of this system by the step- 
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wise reduction method and suggested the formation 
of two ternary compounds, CaO-FeO:Fe20, and 
2CaO-5FeO-2Fe20s, the latter being referred to as 
point X. They also deduced from their results that 
the phases Y (8.74Ca0-32.5FeO.8.74F e203 and Z 
(2.02Ca0-97.98FeO) were formed near the wiistite 
corner of the system. Martin and Vogel’ postulated 
the existence of the compounds CaO-9FeO and 
4CaO.3Fe,0,; the former is very close to the com- 
position of point Z and the latter to that of CaO-FeO- 
Fe,0,. The most valuable contribution to the present 
knowledge on this system was made by Cirilli and 
Burdese® ° who showed by X-ray and chemical anal- 
yses that there were two ternary compounds, CaO: 
FeO-Fe,0, and CaO-3FeO-Fe,0,; the former is the 
same as that suggested by Schenck ef¢ al. and the 
latter is close to their point X. The results of 
Cirilli and Burdese show that the phases Y and Z 
postulated by Schenk ef¢ al. are solid solutions of 
calcium oxide in wiistite. 

In most of the above-mentioned reduction-equilib- 
ria measurements carbon monoxide-carbon dioxide 
mixtures were used and in a few cases hydrogen- 
water vapor mixtures were employed. Using the 
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free energy data’ on the formation of carbon monox- 
ide, carbon dioxide, and water vapor, the gas ratios 
CO/CO, and H,/H,O, in equilibrium with condensed 
phases in the Fe-Ca-O system, were converted to 
oxygen partial pressures, and in Fig. 1 the oxygen 
potential (Auo, = RTInpo,) in Kcal/mole O, is plot- 
ted against temperature in °C. Most of the data shown 
by points (O) are those of Cirilli and Burdese® °; 
Points (@) for 900°C are from the work of Schenck 
et al.*** and points (A) for 1000°C are derived from a 
paper by Edstrom. Assuming that the phases sug- 
gested by Schenck e/ al. are the same as those found 
by Cirilli and Burdese, the data in Fig. 1 are consis- 
tent among themselves and the oxygen potential vs 
temperature relationships may be shown by straight 
lines. Each line corresponds to the state of equilib- 
rium between three condensed phases and a gaseous 
phase. The points denoted by I, II, II, and IV are the 
invariant points where a gaseous phase and four 


TEMPERATURE, °C 


condensed phases are in equilibrium, for which the 
appropriate data are given in Table I. The number 
and position of the oxygen potential vs temperature 
curves about the invariant points will be discussed 
in detail later in this paper; it will merely be noted 
here that Fig. 1 includes all the available data and 
hence all the curves that can be constructed di- 
rectly from these data. 

The oxygen potential line K can also be evaluated 
from the thermodynamic properties of the re- 
actants and products. The heat of formation of di- 
calcium ferrite from its oxides was measured by 
Newman and Offman™ (A H° 4, =— 7.4 + 1.0 kcal/ 
mole), the entropy by King ** (S°59, = 45.1 + 0.3 cal/ 
deg/mole) and high-temperature heat capacity by 
Bonnickson.'* Using these values together with 
those for iron, calcium oxide, and oxygen’* *” the 
following equation is obtained 


Invariant Points in Fe-Ca-O System within the Composition Range Fe-Ca0-2Ca0 - Fe,0,-Fe,0, 


Invariant 
Point Condensed Phases Temp., °C Po,» Atm pco/pco, PH,/PH,O 
I ‘FeO’, CaO-3FeO- Fe,0,, Ca0- FeO- Fe,0,, 2Ca0- Fe,0, 1035 6.3 x 10°'* 0.72 0.39 
II Fe, ‘FeO’, CaO, 2CaO- Fe,0, 1070 8.3 x 10°'5 3.88 1.99 
Ill Fe, ‘FeO’, CaO - 3FeO- Fe,0,, 2CaO- Fe,0, 840 9.8 x 10°19 1.92 1.82 
IV Fe, CaO- 3Fe0- Fe,0,, CaO: FeO: Fe,0,, 2Ca0- Fe,0, 680 4.3x 10°23 3.09 
V Fe, ‘FeO’, Ca0-3FeO-Fe,0,, CaO- FeO: Fe,0, 645 4.9 x 10°24 1.32 
VI Fe, ‘FeO’, Fe,0,, CaO- FeO - Fe,0, 570 8.8 x 10°?” 1.15 3.69 
Vil Fe, Fe,0,, 2CaO- Fe,0,, Ca0- FeO- Fe,0, < 500 = about 2 to 3 about 10 to 12 
Vill Fe, ‘FeO’, CaO, Melt 1120 10°'* 4.33 2.02 
Ix ‘FeO’, CaO, 2CaO- Fe,0,, Melt 1115 4.3 x 10°!* 3.77 1.77 
X ‘FeO’, CaO- FeO- Fe,0,, 2CaO- Fe,0,, Melt 1110 las 1" 6.10 x 107! 3.22 x 107? 
XI ‘FeO’, Fe,0,, Ca0- FeO- Fe,0,, 1150 9.3 x 10°" 1.52 x 107! 6.69 x 10°? 
x Fe,0,, CaO0- Fe,0,, 2CaO- Fe,0,, Melt 1190 4.6 x 1.31 x 10°? 5.38 x 10°? 
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Fe oO, 3 Ca,Fe,0; 


Apo, = —135,070 + 38.22 T + 2,000 cal/mole O, within 


298° to 1343°K [1] 


The values of Ayo, calculated from this equation 
agree reasonably well with those given by the line K 
in Fig. 1. Because of the lack of thermodynamic 
data, similar computations cannot be made for the 
other lines in Fig. 1. 


SOLID SOLUTIONS 


The phases denoted Y and Z by Schenck ef al. have 
always been regarded as the solid solutions of cal- 
cium oxide in the wistite lattice. In fact, X-ray and 
chemical equilibrium measurements made by 
Cirilli and Burdese® show that the solubility of cal- 
cium oxide in wiistite in equilibrium with iron is 4.3 
and 8.3 mole pct at 900° and 1100°C, respectively; 
this is in reasonable agreement with the composition 
of phase Z. 

Again, referring to the paper of Cirilli and Bur- 
dese,’ the limit of solubility of wiistite in calcium 
oxide, in equilibrium with iron and calcium oxide- 
saturated wiistite, is 6.0 and 9.3 mole pct at 900° 
and 1120°C, respectively. 

Some recent data on the solubility of calcium oxide 
in wiistite, in equilibrium with iron, obtained by X- 
ray measurements are not concordant with those 
mentioned above. For example, for 1100°C Tromel 
and Jager’® give 19.6 mole pct CaO and Allen and 
Snow’® claim that the solubility extends up to 33.3 
mole pct CaO. Further work must be carried out to 
clarify this uncertainty. 

From the results of Cirilli and Burdese,’ it is 
possible to calculate the activity of wiistite contain- 
ing calcium oxide in solid solution in equilibrium 
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Fig. 2—Activity of ferrous oxide in wiistite-calcium oxide 
solid and liquid solutions in equilibrium with iron (standard 
state being pure wiistite in equilibrium with pure iron). 
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with iron. These values are given in Fig. 2 together 
with the ferrous oxide activity curve for 1550°C ob- 
tained from other data.*° 

Although in the Fe-O binary system” magnetite 
has a narrow solid solubility range, monocalcium 
ferrite has a noticeable solubility in magnetite. For 
instance, Burdese and Brisi” showed, by X-ray, 
optical and magnetic methods that while below 950°C 
there is no solubility, at 1190°C magnetite dissolves 
14 mole pct CaO-Fe,O;. On the other hand, mag- 
netite does not seem to dissolve in the monocalcium 
ferrite. According to the results of Martin and 
Vogel,° there are no solid solutions along the section 
Fe,O, to 2CaO-Fe,0,;. However, this evidence is not 
conclusive, because the experimental method used 
was not suitable to detect limited solubility of dical- 
cium ferrite in magnetite. Recent measurements 
made by Phillips and Muan”’ also indicate that within 
the temperature range 1350° to 1450°C, a small 
quantity of calcium oxide dissolves in magnetite 
when equilibrated with air or oxygen. 

The X-ray measurements made by Burdese’® and 
Cirilli and Burdese’ indicate that at temperatures 
above 1000°C about 6 mole pct 2CaO-Fe,O, dissolves 
in the ternary compound CaO-FeO.Fe,Q . 

It is also possible that the other phases in the 
Fe-Ca-O system may have limited solubility ranges 
depending on temperature and oxygen potential. 
However, more exact measurements are required to 
establish the solubility limits. 

Although the compositions of the phases deviate 
from the stoichiometry, for convenience, they are 
indicated by formulas having definite compositions. 
When the composition of the phases vary with tem- 
perature, there should be some deviation from line- 
arity in the Auto, — T plots, however, the data given 
in Fig. 1 are not accurate enough to show this small 
effect, and therefore, the curves are drawn as 
straight lines. 


CALCIUM FERRITES 


Sosman and Merwin™ and later White, Graham, 
and Hay” showed that there were two compounds in 
the system CaO-Fe20s, e.g. 2CaO-Fe203, melting and 
decomposing at 1436°C and CaO-Fe2Os, melting and 
decomposing at 1216°C. Travasci” investigated the 
ferric oxide-rich part of this system and observed 
the formation of a third compound, e.g. CaO-2Fe20s, 
melting and decomposing at 1227°C. It was, however, 
only recently that the existence of calcium diferrite 
was confirmed by Edstrom” and Batti,” who, re- 
spectively, showed that this phase was stable at 1- 
atm pressure of oxygen within the temperature range 
1228° to 1120°C and 1230° to 1130°C. According to 
the results of Phillips and Muan”’ calcium diferrite 
is stable in air within 1226° to 1155°C and in oxygen 
at 1-atm within 1228° to 1172°C. Another modifica- 
tion of the original CaO-Fe20; phase diagram was 
that made by Swayze”® who found that dicalcium fer- 
rite has a congruent melting point at 1435°C and that 
the eutectic temperature between this compound and 
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Fig. 3—Oxygen potentials of Fe-Ca-O 
system in the solid state. 
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calcium oxide is 1425°C. The values given for these 
invariant points by Phillips and Muan* are about 
13°C higher than those of Swayze. Contrary to the 
above findings, Bonnickson,’* who measured the 
high-temperature heat capacity of calcium ferrites, 
observed that dicalcium ferrite started to melt at 
about 1431°C and that melting was complete at 
1479°C. 

Some work has recently been carried out by 
Holmquist™ on the phase relationships in the Fe-Ca- 
O system at compositions near the CaO-Fe2O, ‘‘bi- 
nary’’ side. The samples enclosed in sealed silica 
capsules were heat treated at 1000°C, quenched, 
analyzed, and their X-ray powder patterns were ob- 
tained. The results indicated the existence of two 
ternary compounds having compositions correspond- 
ing approximately to 4CaO-FeO-4Fe20; and 3CaO- 
FeO.7Fe203 which lie on the sections FeO to CaO- 
Fe,03 and Fe304 to CaO-2Fe203, respectively. 

Similar results were also obtained by Muan and 
coworkers” for liquidus temperatures and they sug- 
gested the following two ternary compounds: 4CaO- 
FeO.4Fe,03 and 4CaO-FeO.8Fe203;, the latter being 
slightly different from that given by Holmquist. 

The dissociation pressures of these new ternary 
compounds and those of monocalcium ferrite and 
calcium diferrite are not known. Although Malquori 
and Cirilli® and Burdese® measured the dissociation 
pressures of the monocalcium ferrite within the 
temperature range 975° to 1350°C, they have not, 
however, determined the phases present, and there- 
fore, these data could not be used in the construction 
of the oxygen potential diagram in Fig. 1. 

According to the X-ray studies made by Hansen 
and Brownmiller,** dicalcium ferrite has an or- 
thorhombic structure with lattice parameters: 

a =5.32A, b = 14.63A, andc = 5.58A, unit cell con- 
taining 4Ca,Fe20;; this compound is isomorphous 
with 4CaO.-Al,03. Fe203. 

The crystal structure of monocalcium ferrite was 
determined from single crystal studies by Decker 
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and Kasper.” The crystal system is orthorhombic 
and the unit cell, containing 4CaFe2Q,, has the fol- 
lowing dimensions: a = 9.230A, b = 10.705A and 

c = 3.024A. The coordination of oxygen around iron 
is that of a distorted octahedron and calcium is co- 
ordinated with nine oxygen ions. The structure is 
isomorphous with CaTi2.O4 and CaV20,. 

The crystal structure of calcium diferrite is not _ 
known, but there are some lattice spacing measure- 
ments given by Phillips and Muan.”° 

Nothing is known about the structure of the ternary 
compounds in the Fe-Ca-O system. However, the 
lattice spacings for the compounds CaO-3FeO-Fe.03; 
and CaO.FeO.Fe20; were measured by Cirilli and 
Burdese’ and for the compounds 4CaO.FeO-4Fe.0; 
and 3CaO-FeO-7Fe20; by Holmquist.” It should be 
mentioned that the X-ray powder diffraction pattern 
of 3CaO-FeO.7Fe20; shows a close resemblance to 
that of calcium diferrite. This suggests the possi- 
bility that these two compounds may be the terminal 
compositions of a solid solution along the section 
Fe;0, to CaO-2Fe203. 


DISCUSSION 


According to Gibbs’ phase rule, in a plot of pres- 
sure vs temperature (or Ayo, vs T) for a system 
containing three components, five univariant curves 
intersect at an invariant point where one gaseous 
phase and four condensed phases are at equilibrium. 
Every one of four univariant (P- 7) curves repre- 
sent a state of equilibrium between three condensed 
phases and one gaseous phase and the fifth curve 
(nearly vertical to temperature axis) is for the sys- 
tem containing four condensed phases. This fifth 
univariant curve is usually omitted in P- T plots be- 
cause 1) the effect of total pressure on the state of 
equilibrium between condensed phases is small and 
2) the plot in Fig. 1 is for constant total pressure of 
one atmosphere. 

In view of the above statements, it follows that the 
experimental data given in Fig. 1 are incomplete; 
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Fig. 4— Oxygen potentials of Fe-Ca-O sys- 
tem in the solid plus liquid state. 
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there should be four univariant curves intersecting 
at the invariant points instead of the three curves 
determined experimentally. An attempt will now be 
made to estimate the position of i) the fourth univar- 
iant curve for each of the invariant points in Fig. 1 
and ii) the other invariant points which have not so 
far been determined experimentally. 

Theorem on Univariant Curves Intersecting at an 
Invariant Point—A theorem was developed by Smits, 
Schreinemakers,”* and Morey, and Williamson,” on 
the relation of the univariant curves intersecting at 
an invariant point. The following statements sum- 
marize the essential features of this theorem applied 
to a three component system. 

1) If the composition of three phases are colinear 
on the composition diagram, the two P- T (or 
Alon - T) curves containing these three phases are 
identical, 7.e. the two curves meet at the invariant 
point without a discontinuity. 

2) In the composition diagram, if the position of 
the two phases A and B are on the one side of the 
lines joining the compositions of the other three 
phases, C, D, and E, the two P- T curves are posi- 
tioned such that the stable part of the univariant 
curve for the system ACDE is adjacent to the meta- 
stable part of the univariant curve for the system 
BCDE and vice versa. 

3) If the composition of one or more of the con- 
densed phases vary with temperature, there is a 
maximum or a minimum point on the P- T univariant 
curve at a point where the compositions of the three 
condensed phases are colinear in the composition 
diagram. 

For further details on the mathematical derivation 
of this theorem references should be made to the 
paper mentioned above” and also to a paper by 
Darken.*® 


Fe-Ca-O System in the Solid State—The curves in 
Fig. 1 are reproduced in Fig. 3 together with those 
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calculated by the application of the above theorem 
and some details of these computations are given 
below. 


Invariant Point I—The fourth univariant curve C 
intersecting this point is for the system containing 
‘FeO’, CaO-3FeO-Fe203, CaO-FeO-Fez)s, and Oz. In 
view of the formation of solid solutions in these con- 
densed phases, the position of the line C coult not be 
calculated from the data on the line B, D and E. How- 
ever, the theorem predicts that the stable part of 
line C lies adjacent to that of line D, and as indicated 
below, its position can be estimated by using the data 
on other univariant curves. 

Invariant Point II—The calculated line M is that 
for the system containing ‘FeO’, CaO, 2CaO.Fe20; 
and Oz. 

Invariant Point IIJ—The fourth line F is for the 
univariant equilibrium between the phases Fe, ‘FeO’, 
CaO.3FeO.Fe20;3 and O2. In the univariant equilib- 
rium systems represented by lines F, L, and N, the 
common phases are Fe, ‘FeO’, and Oz, and there- 
fore, lines F, L, N are substantially extensions of 
one another. However, slight differences in the 
slopes of these lines are due to the formation of 
wustite-calcium ferrite solid solutions, the compo- 
sitions of which vary that of the third condensed 
phase. 

Invariant Point IV—The position of line H in Fig. 3 
should be above the metastable extensions of line G. 

Invariant Point V— This invariant point was not 
determined experimentally, but its position may be 
estimated by noting that the total number of con- 
densed phases distributed between the univariant 
systems, C, F, and H is four, and therefore, these 
curves must intersect at an invariant point V. 

Invariant Point VI— Again there are no experi- 
mental data on this invariant point. The fourth uni- 
variant system F" intersecting invariant point V con- 
tains the following three condensed phases: Fe, 
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‘FeO’, and CaO.FeO.Fe20; for which there is only 

one datum available, as shown in Fig. 1. However, 
since the compositions of Fe, ‘FeO’, and O2 are al- 
most colinear in the composition diagram, F’ should 
lie very close to the metastable extension of F with 
a slight increase in the slope. Univariant line F’ 
should intersect line A at the invariant point VI 
where phases at equilibrium are Fe, ‘FeO’, Fe;Q,, 
CaO-.FeO.Fe203, and O2. The temperature of this in- 
variant point is about 570°C which is in close agree- 
ment with the corresponding invariant point at 560°C 
in the Fe-O binary system.” The oxygen potential at 
VI is about 1.5 kcal lower than that for the Fe-Fe;0, 
equilibrium in the binary system; this difference is 
due to the formation of limited solid solutions of 
calcium ferrite in wiistite and magnetite phases. 
With this in view, the line F’”’ in Fig. 3 is drawn 
parallel but 1.5 kcal below that for the univariant 
line Fe- Fe;0,-O, in the binary system. 

According to the theorem on the univariant P- T 
curves, line F’ should be slightly below the meta- 
stable extension of F’’and the slope of F’ be slightly 
greater than that of F. In this way the positions of 
line F’ and the invariant point V are established and 
the lines C and H referred to before, are drawn by 
joining the invariant point V to I and IV, respec- 
tively. 

It should be mentioned that the fourth univariant 
line A’ intersecting the point VI is for the system 
Fe, ‘FeO’, Fe304 and O2 and the univariant line 


should be almost vertical to the abscissa. 

The curve X, shown by broken lines in Fig. 3, is 
drawn through only one experimental point (not 
shown in the diagram) at Sito, = — 63.4 kcal/mole O2 
at 1000°C; this value was derived from the measure- 
ments of Edstrom.” The total number of condensed 
phases in systems J, F’’ and X is four, and there- 
fore, it is feasible to expect that these lines should 
intersect at an invariant point VII at a temperature 
below 500°C. The fourth line F’’ (not shown in the 
diagram) intersecting this invariant point below 
500°C will be for the system containing the con- 
densed phases Fe,Fe30, and 2CaO-Fe20O; and iis 
Alo, — T curve wiil lie close to the metastable ex- 
tension of line F’’. 

Fe-Ca-O System in the Solid + Liquid State— 
Although the liquidus surfaces of this system are not 
well established, the temperatures of five invariant 
points at the solidus-liquidus regions may be esti- 
mated from the data compiled by Burdese.” The 
phases in quilibrium at these invariant points are 
given in Table I and the univariant curves emerging 
from these invariant points are estimated and plotted 
in Fig. 4. 

iad Point VIII—At this point, 1120°C, Fe, 
‘FeO’, and CaO are in equilibrium with melt and 
gaseous oxygen, and therefore, this point must lie 
on line N. The curve O is for the system Fe, CaO 
and (CaO-FeO) melt. According to the results of 
Larson and Chipman,” Ayo, for this system at 


°9 -2.4 -2.0 
co 
-40 T T T T py 


Sho, * RT logao, in KCAL/MOLE Op 


MP. OF FeO 
a 


i it 
500 600 700 800 900 1000 1100 1200 1300 1400 1500 1600 
TEMPERATURE, °C 
-26 -25 -24 -23 -22 -20 -I9 -18 -16 -15 -14 -13 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 5—Oxygen potential diagram for the system Fe-Ca-O. 
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1550°C is about —76.3 kcal/mole O2, and since the 
point VIII is established, the univariant curve O may 
be drawn between these two points. 

As shown by Cirilli and Burdese, the solubility of 
CaO in ‘FeO’ decreased with increasing temperature 
above the eutectic at 1120°C. Therefore, the curve 
P, representing the equilibrium between condensed 
phases Fe, ‘FeO’ and the melt, terminate at the 
point P’ and where wiistite, in equilibrium with iron, 
melts at 1371°C and Aug, = -75.0 kcal/mole O; as 
derived from the results of Darken and Gurry.” At 
oxygen potentials within the range given by the 
curves O and P, iron (solid or liquid) is in equilib- 
rium with Fe-Ca-O melts and the activities of FeO 
and CaO in these melts may be obtained from other 
data.”° 

Invariant Point IX— At 1115°C, melt is in equilib- 
rium with solid phases, ‘FeO’, CaO, and 2CaO.Fe20s, 
and therefore, this invariant point must lie on line 
M. The line Q joining points VIII and IX is for the 
system containing the condensed phases ‘FeO’, CaO 
and melt. Above the metastable extension of line M, 
there must be a curve R for the univariant equilib- 
rium in the system CaO, 2CaO.Fe20; and melt. On 
the CaO-Fe.2O; ‘‘binary’’ side, the eutectic tempera- 
ture”® at 1 atm pressure of oxygen is 1438°C. Since 
the composition of the three condensed phases at 
1438°C are colinear in the composition diagram, the 
curve R should have an infinite slope when Ayo, = 0 
at 1438°C. 

Invariant Point X— At 1110°C there is a ternary 
eutectic point where the three solid phases are 
‘FeO’, CaO.FeO.Fe20; and 2CaO.Fe203. The position 
of the univariant curve S joining points [IX and X is 
in agreement with the prediction based on the theo- 
rem discussed earlier. 

Invariant Point XI— This is a ternary peritectic 
point at 1150°C and is joined to point X by the curve 
T for the system containing the condensed phases 
‘FeO’, CaO.FeO.Fe20;3 and melt. The state of equil- 
ibrium for the condensed phases ‘FeO’, Fe30, and 
the melt is shown by curve VY. Initially, the slope of 
this curve should be very close to that of A, because 
the melt will have a composition similar to that of 
the ternary compound CaO-FeO.Fe203. With increas- 
ing temperature, the solubility of calcium ferrite in 
wistite and magnetite decreases, and therefore, the 
univariant equilibrium V approaches to that of the 
binary Fe-O system with increasing temperature. 
For the Fe-O binary system” the invariant equilib- 
rium ‘FeO’, Fe304 and melt is at Auo, = —45.8 
kcal/mole and 1424°C as indicated by the point V’ in 
Fig. 4. 

Invariant Point XII— This is the second peritectic 
invariant where the curves U and W from the points 
X and XI, respectively, intersect. It will be noticed 
that the slopes of the curves U and W are positive 
near the invariant points X and XI, but the theorem 
indicates that their slopes become negative as they 
approach the point XII, therefore, these univariant 

curves must pass through maxima as shown approx- 
imately in Fig. 4. Although there is only one experi- 


552-VOLUME 221, JUNE 1961 


mental point available for the system X, general 
direction of the line drawn approximately in Figs. 3 
and 4 satisfy the requirements dictated by the other 
univariant systems intersecting at invariant points 


VII and XII. 
General Considerations—To facilitate the use of 


the data given graphically in Figs. 3 and 4, they are 
reproduced in Fig. 5 which also contains a set of 
grids for easy conversion of Ayo, to the logarithm 
of gas ratios pco/pco, and py;,/py20 and the loga- 
rithm of the oxygen partial pressure in atmospheres. 

The phase relations in the composition diagram 
can also be predicted from Fig. 5 for any particular 
temperature. Since there are a number of invariant 
points, the composition diagram drawn will be valid 
only between the two invariant point temperatures. 
As examples, two composition diagrams are drawn 
in Fig. 6 for the temperature ranges 680° to 840°C 
and 840° to 1035°C. 

In the early part of this paper references were 
made to some recent work” indicating the existence 
of some new phases within the section Fe3Q, to 
2CaO-Fe20; to Fe203. However, information so far 
available on these phases is inadequate, and there- 
fore, they are not included in Fig. 6. 


SUMMARY AND CONCLUSIONS 


The oxygen potential diagram for the Fe-Ca-O 
system (within the composition range Fe-CaO- 
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Fig. 6—Phase relation in Fe-Ca-O system. (a) Within 680° 

to 840°C. (4) Within 840° to 1035°C. (The phases abbreviated 
by letters A, C, D, etc. are given in Figs.1, 3, and 4.) 
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2CaO-Fe203-Fe304) is constructed on the basis of 
available data and theoretical considerations. This 
is shown as Fig. 5. The following features are 
worthy of mention. 

1) Within the above composition range, there are 
eleven invariant points between 570°C and the liq- 
quidus temperatures; the data on these invariant 
points are given in Table I. Indications are that 
there may be at least one invariant point below 
500°C. 

2) The existence of two ternary compounds, e.g. 
CaO-3FeO-Fe20; and CaO.FeO-Fe20,, is well estab- 
lished. Their dissociation pressures are known and 
some lattice spacing measurements are available. 

3) There is some experimental evidence to indi- 
cate that two more ternary compounds may exist in 
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this system, e.g. 4CaO-FeO.4 FeO, and 3CaO-FeO. 
7Fe20; (or 4CaO-FeO.8Fe20;); the latter may be a 
solid solution of Fe;0, in CaO-2Fe203. 

4) There is a limited solubility of all components 
in wustite, magnetite and in some of the ternary 
compounds. 

5) The lowest melting point in the range consid- 
ered (and possibly for the whole system) is at 
1110°C; this is a ternary eutectic involving the solid 
phases wiistite, dicalcium ferrite and the ternary 
compound CaO-FeO.Fe20s. 
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Hardness Anisotropy in Single Crystal and 


Polycrystalline Magnesium 


Knoop hardness in the rolling plane and in the longitudinal 


plane of hot-rolled and cold-rolled sheets of sublimed magnes- 
ium was measured as a function of the angle between the long 
axis of the indenter and the rolling direction. These measure- 
ments were correlated with similar data taken on the (0001) and 
(1010) planes of a single crystal of magnesium where the hard- 
ness was measured as a function of the angle between the long 


axis of the indenter and the [1120] direction. The results were 
analyzed for compliance with the hypothesis of Daniels and 
Dunn to account for slip, and with a similar hypothesis to ac- 
count for twinning. Some hardness anisotropy data are also 
presented for magnesium-indium and magnesium-lithium solid 


solution alloys. 


Ir is well known that the hardness of a crystalline 
specimen is different for its different surfaces, and 
also that the hardness is a function of direction 
within a single surface. Variations in hardness for 
single crystals have been found to be much larger 
than those for polycrystalline materials. Also, ma- 
terials having low crystal symmetry were found to 
have a greater anisotropy of hardness than those of 
high symmetry. 

O’Neill’ and Pfeil,” using a 1-mm Brinell ball, 
studied single crystals of aluminum and iron, re- 
spectively; and they found a variation of hardness of 
about 10 pct between readings taken along the prin- 
cipal crystallographic faces. Daniels and Dunn® 
found that the Knoop hardness number varied about 
25 pct as the long axis of the indenter rotated on the 
basal plane of a zinc single crystal. The variation 
on the (1450) plane was about 100 pct, and the aver- 
age hardness on this plane was about twice that of 
the basal plane. They also studied the variation of 
hardness within the (100), (110), and (111) faces of a 
single crystal of silicon ferrite and found variations 
of about 25 pct although the average values for these 
planes were almost identical. Single crystals of zinc 
were also studied by Meincke.* He found that the 
Vickers hardness numbers varied about 30 pct de- 
pending on whether the axis of the indenter was par- 
allel or perpendicular to the (1010) and (1120) 
planes. Mott and Ford,” using a Knoop indenter, found 
a 25 pet variation in hardness on the basal plane of 
zinc. Crow and Hinsley® studied heavily cold-rolled 
bronze, steel, brass, copper, and other metals. They 
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found that the difference in hardness numbers based 
on the difference in the length of the diagonals of the 
Vickers indenter was from 5 to 12 pct. 

Some minerals and synthetic stones show a very 
large anisotropy of hardness. Robertson and Van 
Meter’ found the Vickers hardness of arsenopyrite 
to vary from 633 to 1148 kg per mm’. Stern® using 
the double-cone method on synthetic corundum found 
the hardness number to vary from 950 to 2070. And 
Winchell® reported a variation of hardness number 
from 184 to 1205 in kyanite. 

The variation of hardness as a function of direc- 
tion in a given crystallographic plane in single crys- 
tals possesses a periodicity which is related to the 
symmetry of the lattice. Daniels and Dunn’ found a 
six-fold periodicity of hardness in the (0001) plane 
of zinc. They found that the hardness curves of 
silicon ferrite had a four-fold symmetry in the (100) 
plane, a two-fold symmetry in the (110) plane, and a 
six-fold symmetry in the (111) plane. Mott and Ford® 
also reported a six-fold symmetry of hardness in the 
basal plane of zinc. And Vacher’® found two-, four-, 
and six-fold periodicities of hardness in copper on 
the (110), (100), and (111) planes, respectively. 

The purpose of this paper is to report the results of 
an investigation on the anisotropy of hardness as a 
function of orientation in single crystals of mannes- 
ium, and samples of rolled magnesium, magnesium- 
indium, and magnesium-lithium solid solution alloys. 
The anisotropy of hardness of pure magnesium which 
had been hot rolled, and then cold rolled various 
amounts to fracture, was studied by means of Knoop 
indentation hardness numbers; and the results were 

correlated with the preferred orientation as deter- 
mined by quantitative X-ray pole-figure data. A 
comparison was made of the hardness data obtained 
from the rolled sheets and those of single crystals 
of magnesium. In order to obtain a more fundamen- 
tal understanding of the variation of hardness and of 
Knoop hardness testing, the data were analyzed by 
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the technique of Daniels and Dunn* to account for slip 
and a similar technique to account for twinning. 


EXPERIMENTAL PROCEDURE 


Sublimed magnesium crystals were melted ina 
graphitic crucible at 1350°F, chlorinated 15 min and 
poured into a 2- by 4- by 8-in. permanent mold. The 
lithium and indium alloys were melted in steel and 
graphite crucibles, respectively. The alloying tem- 
perature for all alloys was 1350°F. A fluid flux (3 
parts LiCl + 1 part LiF) was used for the lithium 
alloys. Slabs of these alloys were poured at 1325°F 
into a 2- by 4- by 8-in. permanent mold. The indium 
alloys were melted and refined using Dow #310 flux 
(20 pet KCl, 50 pct MgCle, 15 pct CaF2, 15 pet MgO), 
held for 15 min at 1350°F and poured into a 2- by 4- 
by 8-in. permanent mold at the following tempera- 
tures: 


1280°F for 15.36 at. pct In. 
1225°F for 28.89 at. pct In. 
1165°F for 38.13 at. pct In. 


The slabs were scalped to 1 7/8 in thick, heated for 
4 hr at 700°F in a normal furnace atmosphere, and 
hot rolled to 5/8 in. thickness. They were reheated 
for 1 hr at 700°F at both 1 1/4 and 1 in. gage during 
rolling. This completed the first hot-rolling treat- 
ment. 

The analyses of the seven materials, supplied by 
Dow Chemical Co., are as in table below. 

The pure magnesium was hot rolled a second time 
at about 600°F, so that after subsequent cold reduc- 
tion the final thickness was about 1/16 in. Specimens 
were obtained with 9, 17, and 39 pct cold reduction. 
Reductions from about one to several percent per 
pass were used during cold rolling; the rolls were at 
about 150°F and the metal was at room temperature. 
The samples used for X-ray preferred orientation 
studies were etched from 1/16 in. to about 0.008 in. 
using a standard picral etch. Those used for hard- 
ness measurements were mounted in room-temper- 
ature-setting plastic and etched with chromic acid. 

A single crystal rod of magnesium, grown from 
the melt by the Bridgeman technique, was cut into 
two crystals which were aligned by means of Laue 
back-reflection photographs and a special two-circle 
goniometer.’* One crystal was cut along the (0001) 
plane and the other on the (1010) plane. The surface 


of the crystals were ground on emery paper wetted 
with kerosene and then polished on a diamond dust- 
impregnated wheel. Finally, to remove the residual 
cold work, the surfaces were etched with a solution 
of 5 pct nitric acid in alcohol. Pole figures were 
obtained by the method which permits the determin- 
ation of scattered intensities using one sample and 
one sample holder.” For this work the (0002), 
(1010), and (1011) planes were used for the outer 
sections of the pole figures; the (0004), (2020), and 
(2022) planes for the inner sections. Powdered sam- 
ples of magnesium of random orientation were used 
for standardization. 

The hardness readings were taken with a Kentron 
microhardness tester using a Knoop indenter. Pre- 
liminary curves of Knoop hardness number (Khn) vs 
load were determined for both hard and soft mater- 
ials; a load of 100 g was chosen for all subsequent 
work, this load being in the nonsensitive portion of 
the hardness vs load curve. A similar procedure 
was used to determine a duration of loading of 30 
sec. Most of the points on the curves are an average 
of a minimum of five hardness readings, and the 
average of the standard deviations of all of the points 
on each curve is given at the end of the curve by a 
vertical line. The total length of this line represents 
two standard deviations. 


RESULTS AND DISCUSSION 


The geometry of the Knoop diamond indenter rela- 
tive to the rolled sheets and the single crystals is 
shown in Fig. 1. In the discussion which follows, the 
angle of rotation, 0, is the angle between the long 
axis of the indenter and either the rolling direction 
(in the rolled sheets) or a[1120]-type direction (in 
the single crystals). Figs. 2 and 3 show the variation 
of hardness for both a single crystal of magnesium 
and polycrystalline magnesium sheets which had 
been cold rolled various amounts. Since the pole 
figures show a tendency for an (0001) [1120] texture, 
the rotation of the indenter in the rolled sheets pro- 
duces a hardness anisotropy which is crystallo- 
graphically analogous to that in the single crystals. 

In Fig. 2 hardness data were taken on the longi- 
tudinal plane of the polycrystalline sheets and on the 
(1010) plane of the single crystal. No variation of 
hardness in the longitudinal plane was found as a 
function of depth below the rolling plane. All of the 


At. Pct 


Wt Pct 


Li In Al Fe 


Li 


Mn Ni Pb Si Sn Zn 


<0.002 


15.36 <0.03 <0.01 0.001 0.004 0.002 <0.001 0.007. <9.01 <0.01 <0.02 

7.9 28.89 <0.03 <0.01 0.003 0.006 0.002 0.001 0.009 <0.01 <0.01 <0.02 

- 11.5 ~ 38.13 <0.03 <0.01 0.004 0.004 0.003 0.002 0.017. <0.01 <0.01 < 0.02 
Magnesium Lithium 

6.7 2.0 - <0.03 <0.01 <0.001 0.007 <0.001 <0.001 <0.001 <0.01 <0.01 0.004 <0.02 

10.1 3.1 < 0.03 <0.01 <0.001 0.003 <0.001 <0.001 <0.001 <0.01 <0.01 0.001 <0.02 

14.5 - 4.6 <0.03 <0.01 <0.001 0.009 <0.001 <0.001 <0.001 <0.01 <0.01 0.005 <0.02 


Magnesium 


<0.001 <0.0005 


Magnesium Indium 


1 
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Figure 1. Geometry of the Knoop hardness indenter relative 
to a rolled sheet and a single crystal. The angle of rotation, 
6, is measured from the rolling direction in the rolled sheet 

and from the [1120] direction in the single crystals. 


curves of Fig. 2 were approximated by the function 
H =n +k cos 26, where H is the Knoop hardness 
number, and m and k are constants which represent 
the average hardness number and the amplitude of 
the variation in the hardness number, respectively. 
The method of least squares was used to obtain 
curves of best fit, the equations of which are as 


follows: 


H single crystal = 22.4 -— 9.25 cos 20 
Ho, = 28.6 - 7.17 cos 26 
Hoy, = 28.3 — 6.67 cos 20 
Hy, = 44.5 — 12.5 cos 26 


= 50.4 11.3 cos 26 


From these equations it is seen that the average 
hardness number of the single crystal is smaller 
than that of the hot-rolled polycrystalline sheets, and 
also that the average hardness number of the cold- 
rolled sheets does not increase until after the sam- 
ple has been cold rolled to more than about 9 pct. 
The ratio k/n indicates the percentage variation in 
hardness, and the average of this ratio for all of the 
rolled samples is 25 + 2 pct. For the single crystal 
the ratio is 41 pct. The lower value of this ratio in 
the rolled sheets is attributed to the scatter in the 
orientation of the crystallographic plane (which 
makes k smaller) and to the hardness contribution 
of the grain boundaries (which make n larger). The 
grain size is about one-thousandth of an inch and the 
indenter cuts about six grain boundaries. 

The variation of hardness in the rolling plane of 
the polycrystalline sheets and in the basal plane of 
the single crystal was then studied. For the rolled 
sheets, no significant difference in hardness in the 
rolling plane was found at the surface and at about 
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Figure 2. Knoop hardness number vs the orientation of the 
Knoop indenter for magnesium. The hardness numbers for 
the polycrystalline samples are for the longitudinal plane, 
and those for the single crystal are for the (1010) prism 


plane. 


several thousandths of an inch below the surface. 
The data for the polycrystalline material, Fig. 3, 
show some scatter, but there is no clear periodic 
variation as is seen for the single crystal; hence, 
the best straight line was drawn through the points 
for the rolled sheets. The hardness variation equa- 
tion for the single crystal is H = 25.6 - 2.39 cos 66, 
showing six-fold symmetry—a result which is expec- 
ted from the crystallography of the lattice. The per- 
cent variation in hardness for the (0001) plane in the 
single crystal is less than one-fourth that in the 
(1010) plane. Since there is no clear periodic varia- 
tion of hardness in the rolling plane for the poly- 
crystalline sheets, this technique is insensitive for 
the determination of the orientation of the basal 
planes in the rolling plane. However, the X-ray pole 
figures do tend to show a [1120] direction in the 
rolling direction. 

From Fig. 3, as was true of Fig. 2, it can be seen 
that slightly more than 9 pct cold reduction is neces- 
sary before the hardness increases; thereafter, the 
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Figure 3. Knoop hardness number vs the orientation of the 
Knoop indenter for magnesium. The hardness numbers for 


the polycrystalline samples are for the rolling plane, and 
those for the single crystal are for the basal plane. 
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Knoop hardness number vs the orientation of 
the Knoop indenter in the longitudinal plane for magnesium- 
lithium and magnesium-indium solid solutions after the first 


¢ 


go AT % 


@ MG IN 
X MG LI 


O PURE MG 


AT. 


10.1 AT. k 


40 


° ° ° 
90 =660 30 60 90 
ANGLE OF ROTATION 
Figure 5. Knoop hardness number vs the orientation of the 
Knoop indenter in the rolling plane for magnesium-lithium 


and magnesium-indium solid solutions after the first hot- 
rolling treatment. 


hardness increases rapidly with cold work. Also, the 
hardness in the polycrystalline sheets is, as one 
would expect, greater than that of the single crystal 
because of the grain boundary effect. 

Fig. 4 shows the variation of hardness in the lon- 
gitudinal plane of rolled sheets of magnesium alloys 
after the first hot-rolling treatment. Data were 
taken every 15 deg in the angle of rotation, 6, for the 
pure magnesium and the 11.5 at. pct In alloy. For 
the other alloys, data was taken at 0 and -90 deg in 
6. Each point is the average of twenty readings. 
From the shape of the curve for the high indium 
alloy (H = 80.4 — 12.3 cos 26) and the previous ones 
for pure magnesium, it seems reasonable to assume 
that the shape of the curves for the other magnes- 
ium-indium alloys and the magnesium-lithium alloys 
is the same, namely, cosinusoidal with a period of 7. 
The slightly high values of m and k for the 6.7 at. 
pet Li alloy appear to be anomalous. Aside from this 
small anomaly, the increase in hardness with alloy 
content is clearly seen. Similar data for the rolling 
plane is shown in Fig. 5 where the previously men- 
tioned anomaly does not exist. 

Although the existence of a variation of hardness 
with crystal orientation is well known, there is no 
satisfactory theoretical treatment to explain the 
actual deformation mechanism during the hardness 
test from an atomic or crystallographic point of 
view. However, the method of Daniels and Dunn® 
does attempt to determine a function which is pro- 
portional to hardness from considerations of a theo- 
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Figure 6. Curves a and b are plots of cosA cos ¢cos ¥v for 
(0001) [1120] slip vs the orientation of the Knoop indenter 
for the (1010) plane and (1120) plane, respectively, of the 
magnesium single crystal. Curves c and d are plots of the 
experimental reciprocal hardness data for the longitudinal 
plane of the polycrystalline magnesium samples and the 
(1010) plane of the magnesium single crystal, respectively. 


retically evaluated shear stress resolved in the slip 
directions of the sample. This technique neglects 
twinning and assumes that the metal adjacent to the 
indenter facets is acted on by tensile forces which 
are in the direction of the greatest slope of the 
facets of the Knoop indenter. Briefly, the method 
considers that the material adjacent to the facets is 
made up of little cylinders of single crystals which 
can rotate by slip. The constraints exerted by the 
material adjacent to each cylinder modify the criti- 
cal resolved shear stress by an amount dependent 
upon the orientation of the lattice. 

The method of Daniels and Dunn was applied to a 
single crystal of magnesium in order to determine 
the effective resolved shear stress (ERS) as a func- 
tion of the orientation of the indenter. This stress, 
being inversely proportional to hardness, can then be 
compared to the experimental data in an attempt to 
explain the forces acting on the metal during defor- 
mation. The ERS is proportional to cos A cos ¢ cosy 
where ) is the angle between the slip direction and 
the tensile force which is assumed to act along the 
direction of maximum slope of the indenter facet, 
¢@ is the angle between the normal to the slip plane 
and the above-mentioned force, and Wis the angle 
between the line in the facet surface perpendicular to 
the force and the axis of rotation of the above- 
mentioned cylinders. The axis of rotation is the line 
in the slip plane perpendicular to the slip direction. 
The factor cos Wis the modifying function which re- 
duces the resolved shear to account for the con- 
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Figure 7. The dashed curves are plots of cos A cos ¢cos ¥ 
for pyramidal slip in [1120] directions vs the orientation of 
the Knoop indenter in the basal plane of the magnesium 


single crystal. The solid curves are reciprocal hardness 
data for the basal planes of the single crystal. 


straining effect of the material adjacent to each ro- 
tating cylinder. The angles A, ¢, and were obtained 
by means of a stereographic net. The crystallo- 
graphic plane on which the Knoop impressions were 
made was put at the center of the net, and then the 
slip planes and slip directions were added. The 
traces of the facets of the diamond indenter were put 
on a separate tracing paper which was rotated over 
the standard net. The desired angles were then read 
from the stereographic coordinate grid. For the 
theoretical analysis, only that slip system which 
gave the greatest ERS with respect to a given inden- 
ter facet was considered to be active at any given 


Figure 8. Diagram of Knoop indenter and cylinders de- 
formed by twinning showing positions of force, twinning di- 
rection and twinning plane. 
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position of the indenter. This maximum function was 
graphically averaged for the four indenter facets and 
the resulting curve compared with the reciprocal 
Knoop hardness data. 

The dashed curves in Fig. 6 represent the results 
of the theoretical analysis assuming slip on the basal 
planes in the <1120> directions when the Knoop in- 
denter is on the (1010) plane (curve a) and the (1120) 
plane (curve b) of a mangesium single crystal. The 
ordinate values are for cos A cos ¢ cos Wwhich are 
proportional to reciprocal hardness, and the abs- 
cissa represents the orientation of the diamond in- 
denter. The solid curves are the reciprocals of the 
curves shown on Fig. 2 put on an arbitrary ordinate 
so that the total variation in reciprocal hardness 
covers the approximate range given by the theore- 
tical curves. Curve d is for the single crystal, and 
curve c, with very little variation, applies to the 
four rolled sheets of magnesium. The experimental 
curves and the theoretical curves should be com- 
pared as regards only shape and phase. Since there 
is good agreement between the two sets of curves, it 
can be concluded that these experimental data can 
be explained on the basis of tensile forces acting 
parallel to the facets along the directions of maxi- 
mum slope. The analysis for the basal plane is, 
however, not nearly so encouraging if one considers 
basal slip in <1120> directions. The theoretical 
curve is out of phase with the experimental data al- 
though the general shapes are similar. Daniel and 
Dunn also obtained an out-of-phase correlation be- 
tween theory and experiment when the indenter ro- 
tated on the basal plane of a zinc single crystal. 

The method of Daniels and Dunn was applied to 
prismatic and pyramidal slip in order to account for 
the experimental data taken on the basal plane. For 
prismatic slip the analysis is fruitless since the 
ERS is zero, cos Y being zero for all orientations of 
the indenter. However, the results of the analysis 
for pyramidal slip in <1120> directions do agree 
with experiment, as shown in Fig. 7. The dashed 
curves in (qa) and (b) represent the theoretical anal- 
yses for slip on the {1011} and the {1012} planes, 
respectively, by assuming tensile forces acting on 
the metal adjacent to the facets. The solid curves 
represent reciprocal hardness data taken on the 
basal plane; the ordinate is an arbitrary scale cho- 
sen so that the total variation in reciprocal hardness 
covers the same range given by the theoretical 
curves. (The ordinates for the experimental curves 
in Figs. 9 and 10 are derived in a similar way). The 
method of Daniels and Dunn explains the anisotropy 
of hardness in the basal plane of magnesium on the 
assumption of pyramidal slip in <1120> directions. 

Since the material also deforms by twinning it is 
necessary to consider the anisotropy of hardness 
due to this mode of deformation. If one considers 
that the material next to the indenter facets is made 
up of little cylinders which can twin due to tensile 
forces acting along the direction of maximum slope 
of the facets, then in the process of twinning these 
cylinders will exert constraints on each other. The 
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solid cylinders in Fig. 8 represent the undeformed 
material and the dashed cylinders the twinned ma- 
terial. As the cylinders are deformed, the cross- 
sectional areas change from circles to elipses. This 
effect would tend to separate the cylinder, as shown 
in the figure, but since the material is continuous, 
there are constraints exerted on all of the cylinders. 
Since the length of the material parallel to the facets 
must remain unchanged and the length perpendicular 
to the facets is shortened, the constraints are a maxi- 
mum when the major axes of the elipses are perpen- 
dicular to the facets and a minimum when the major 
axes are parallel to the facets. The mathematical 
analysis for the effective resolved shear stress for 
twinning is exactly analogous to that for slip by as- 
suming the modifying function to the resolved shear 
stress to be cos w; where y is the angle between the 
line A, which is normal to the twinning direction (7D) 
in the twinning plane and the line H which is perpen- 
dicular to the force (F) in the facet surface. Hence, 
the ERS for twinning is proportional to cos A cos ¢ 
cos Y, where ) and ¢ are the angles between F and 
TD and between F and N (the normal to the twinning 
plane), respectively. If twinning were the only mode 
of deformation then this ERS would be inversely 
proportional to the hardness. 

The above analysis was applied to the experimental 
data for Knoop hardness when the indenter was in- 
cident on the (1010) and basal planes in the single 
crystal of magnesium. Assuming (1012) [1011] twin- 
ning the results are shown in Figs. 9 and 10 for the 
(1010) and (0001) planes, respectively. The solid 
lines are determined from the experimental data and 
the dashed lines result from the above theoretical 
analysis, assuming that for each facet the twin giv- 
ing the greatest ERS is the one which is active at 
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Figure 9. The dashed curve is a plot of cos A cos ¢cos ¥ 
for (1012) [1011] twinning vs the orientation of the Knoop in- 
denter in the (1010) plane of the magnesium single crystal. 


The solid curve is a plot of the experimental reciprocal 
hardness data for the (1010) plane of the single crystal. 
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Figure 10. The dashed curve is a plot of cos A cos ¢cos ¥ 
for (1012) [1011] twinning vs the orientation of the Knoop in- 
denter in the basal plane of the magnesium single crystal. 
The solid line is a plot of the experimental reciprocal hard- 
ness data for the basal planes of the single crystal. 


each position of the indenter and the ERS’s from all 
four facets are averaged. It can be seen from Figs. 
9 and 10 that the experimental curves agree very 
closely with the theoretical ones. It should be em- 
phasized here, as was also true for the data on slip, 
that the extreme values of the ordinates of the ex- 
perimental data have been arbitrarily matched to 
those of the theoretical curves in order to show the 
agreement between the two sets of curves as regards 
phase and shape. 

Feng and Elbaum “ studied the anisotropy of 
Knoop hardness with orientation in titanium single 
crystals, and they found that when the indenter is in 
the basal plane the hardness is a constant independ- 
ent of orientation. In magnesium there is a sinus- 
oidal variation with a period of 7/3. The results are 
also very different for the prism planes. For titan- 
ium there is no detectable difference in hardness be- 
tween the (1010) or (1120) planes, agreeing with 
curves a and b in Fig. 6, but for these planes in ti- 
tanium the hardness is a maximum when the long 
axis of the indenter is perpendicular to the hexagonal 
axis and a minimum when parallel to the hexagonal 
axis. Exactly the opposite is true in magnesium. It 
is felt that these differences are due to the different 
deformation mechanisms in the two metals; the 
mechanisms which explain the anisotropy of hard- 
ness in magnesium are basal and pyramidal slip in 
<1120> directions and (1012) [1011] twinning, and 
those for titanium are (1010) [1120] slip accompanied 
by very little twinning.’ 


CONCLUSIONS 


The empirical results of Knoop hardness number 
as a function of orientation in single crystals and 
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rolled polycrystalline sheets of magnesium can be 
approximated by cosinusoidal functions whose period 
is related to the symmetry of the crystallographic 
plane on which the hardness data are taken. The 
single crystal is softest, and the hot rolled poly- 
crystalline material is a little harder due to the 
grain boundaries present. From an examination of 
the results on both the longitudinal plane and the 
rolling plane it can be concluded that a cold reduc- 
tion of more than about 9 pct is necessary to apprec- 
iably increase the hardness. No significant variation 
in hardness was found as a function of depth below 
the rolling plane. 

On the assumption of basal slip in <1120> direc- 
tions, the hypothesis of Daniels and Dunn success- 
fully explains the Knoop hardness data in the (1010) 
plane of the single crystal of magnesium and also in 
the longitudinal planes of the polycrystalline sheets. 
The scatter of the basal planes in the rolling plane 
wipes out the anisotropy of hardness that is present 
in the basal plane of a single crystal. The experi- 
mental anisotropy of hardness in the basal plane in 
the single crystal cannot be explained by basal or 
prism slip using the method of Daniels and Dunn. 
Pyramidal slip does account for the experimental 
data on the basal plane. A method of analysis based 
on the twinning mechanism does explain the experi- 
mental hardness data on both the (1010) and (0001) 
planes by assuming (1012) [1011] twinning. 
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Diffusion in Gamma Brass 


A layer of y brass was formed on 8 brass using a vapor- 
solid reaction technique. The variation in composition with 
distance within the Y phase layer and across the y-B inter- 
face was determined by an electron probe. The diffusivities 
were calculated as a function of concentration; the diffusion 
coefficient in y brass was found to change by a factor of 
twenty-five over a compositional range of 8 at. pct. An ex- 
planation is proposed to account for the large change in the 


diffusivity, based on possible stresses in the diffusion zone; 
itis suggested that the concentration dependence of the 
thermodynamic factor might decrease the activation energy 


with increasing zinc content, 


ALTHOUGH the body of data on diffusion coeffi- 
cients (D - values) in terminal solid solutions and in 
isomorphous systems is quite large, there is but 
little quantitative information for intermediate alloy 
phases. This paper recounts measurements of D- 
values for the y phase in the Cu-Zn system. The ex- 
perimental method employed consists in the forming 
of alloy layers and determining and analyzing the 
concentration-distance (c-x) curve. The experi- 
mental method employed could have been applied to 
several systems; the Cu-Zn system was chosen be- 
cause the D-values in the @ and f phases are well 
known, and can thus be used for purposes of com- 
parison. 

The rates of growth of intermediate alloy layers 
are known for a number of systems. In nearly all 
cases the thickness varies parabolically with time, 
as to be expected if the rate of growth is controlled 
by the D-values. In a few cases, nonparabolic be- 
havior has been noted.’ Nonparabolic growth may be 
the result of a) a variation of the composition at the 
phase interface with time, b) interface-controlled 
kinetics, c) short diffusion times coupled with long 
vacancy lifetimes (in vacancy diffusion),’ and d) 
crystal reorientation during diffusion in anisotropic 
systems.” In the Al-Ni system‘ and in the Al-U° 
system parabolic growth kinetics are slowly ap- 
proached after an initial transient period. 

In general those phases stable at a given tempera- 
ture ina system A-B appear as separate phase 
layers when A and B are put in contact and givena 
diffusion heat-treatment. In most cases the compo- 
sitions at the interface of adjacent phase layers are 
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those read from the phase diagrams for the termini 
of the respective phases. This discontinuity in con- 
centration is taken as independent of time, and the 
growth of one phase at the expense of another is 
assumed to be independent of interface kinetics, 
i.e., the rate of interface movement is controlled by 
volume diffusion in the phases concerned. 

Wagner’ has given many solutions for multi-phase 
diffusion processes, assuming that the chemical dif- 
fusion coefficient, D, is independent of concentra- 
tion, as have others. Jost’ has pointed out that the 
familiar Boltzmann- Matano solution is as valid for 
a (c-x) curve exhibiting concentration discontin- 
uities at phase boundaries as for the usual single- 
phase case. Heumann and associates’’® have applied 
this solution to the multi-phase case, but lacking 
concentration data within the several layers were 
forced to assume linear concentration gradients, 
thus calculating only average D-values. 

The purposes of the present study were: 1) to de- 
termine the dependence of D on concentration, 2) to 
calculate the intrinsic diffusion coefficients D?, and 
D2, 3) to establish the time-law for the movement 
of the interface, 4) to determine the concentration 
limits at the 8B -y interface, and, 5) to attempt to 
clarify the mechanism of diffusion. 


EXPERIMENTAL PROCEDURE 


The y phase is exceedingly brittle; conventional 
solid couples and conventional sectioning methods 
were thus inapplicable. Vapor-solid couples were 
accordingly employed. Unfortunately the equilibrium 
vapor pressures of Zn for the y phase are unknown; 
to escape this awkwardness, samples were enclosed 
in a capsule containing powder of an alloy of known 
composition, sufficiently large in quantity as to be 
effectively an infinite source, maintaining the con- 
centration of Zn at the sample surface constant with 
time. The sources of Zn-vapor which can be em- 
ployed in reaction with Cu, or a brass, or brass, 
to form a layer of y brass satisfactorily wide in 
concentration range, are alloys of the phases vy, or 
y +e or y + 6 (depending on the temperature). 
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Fig. 1—Unetched section showing line of markers in y 
phase. 1) Copper electroplate. 2) Gamma layer. 3) Beta 
layer. X100. Reduced approximately 23 pct for reproduc- 
tion. 

The samples serving as a source of Zn vapor 
were prepared as follows: Suitable amounts of Cu 
and Zn were placed in a 30-mm vycor tube, the tube 
evacuated, flushed with hydrogen, sealed-off at a 
pressure of 10-°mm of Hg, left for 24 hr at 875°C, 
then quenched in water. The sample was finally 
ground to powder. 

The ‘‘solid’’ samples of the vapor-solid couples 
were cut from 2-cm diam bars (generously furnished 
by the Chase Brass and Copper Co.). An analysis of 
this alloy gave: 54.08 pct Cu; Pb, Fe, Ni each 
<0.005 pct; Sn, Mn each <0.001 pct, Al <0.001 pct 
and Si <0.01 pct. Initially the grain diameter was 
approximately 0.3 mm, unchanged on heating to 
450°C for 2 hr. Samples were cut to cylindrical 
shape, 5/8 in. thick and 5/8 in. diam; the opposite 
flat surfaces were finished parallel to within + 
0.0005 in. The samples were electrolytically pol- 
ished before a diffusion run. 


Diffusion treatments were carried out in a furnace 
with a constant temperature zone (+ 1.5°C) over 19 
in.; temperature fluctuation was + 1°C; all tempera- 
ture measurements were made with a calibrated Pt- 
Pt Rh thermocouple. 

Subsequent procedure was as follows: A sample 
was polished, weighed (+ 0.001g), the thickness 
measured (+ 0.0005 in.), painted with an alcohol- 
Linde B (Al oxide) solution (the Linde B serving as 
the inert markers) and placed in a reaction tube. 
The reaction tube was either pyrex (for tempera- 
tures below 550°C) or vycor, 16 in. in length. 
Freshly powdered source alloy was then introduced 
into the tube in equal amounts on both sides of the 
specimen. The tube was flushed with hydrogen and 
evacuated to 10-° mm of Hg, then placed in the fur- 
nace. Temperature was reached within 4 min; after 
completion of the diffusion anneal the tube was 
quenched in ice water. The weight increase and 
thickness increase in the solid sample were noted; 
the specimen was then electroplated with Cu and 
mounted. The sample was sectioned perpendicularly 
to the parallel surfaces, polished, and observed 
metallographically. 

Intrinsic diffusion coefficients are obtained by the 
use of markers. With the technique employed here, 
the markers originally on the outer surface become 
imbedded in the sample during the diffusion process. 
The distance between the markers and the outer 
surface was determined on the polished unetched 
section of the sample. An example of the appearance 
of the markers in the diffusion zone is shown in Fig. 
1. Distance measurements were made with the pre- 
cision of + 1 yu. 

The c-x curve was determined by means of elec- 
tron probe analysis. The results are shown on the 
graphs. The error involved in measuring the inten- 
sity of the emitted characteristic rays was + 0.2 pct, 
while the total error in actual composition, as deter- 
mined by relating the observed intensity to that from 
alloys of known composition was about 0.5 pct. 

A typical c-x curve is shown in Fig. 2 (all per- 
centages given herein are atomic percentages). 


| | | 
§25° C, 7 hours 


| 


Matano Surface 
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Fig. 2—Composition distance curve as 
obtained with electron probe. 
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thickness 

2. Markers from outer surface 

3. Expansion of sample 
475° C 


t, hours 
Fig. 3—Marker movement, expansion of sample, and layer 
thickness for 45.9 pct Zn solid and 72 pct Zn powder at 
475°C. 


The data reported here relate to a solid 8 sample 
with 45.9 pct Zn and a Zn vapor in equilibrium with 
ay +e alloy of 72 pct Zn. 


RESULTS 


If the rate of growth of a phase layer is deter- 
mined by vacancy volume diffusion, then markers 
placed at the original surface should move para- 
bolically with time. Typical marker movement data 
are shown in Fig. 3; the movement is obviously para- 
bolic. The excellence of the marker movement data 
most likely stems from the fact that the position of 


the markers can be located precisely with respect to 
a reference surface (which is seldom the case with 
solid-solid couples) and also from the lack of poros- 
ity (usually a disturbing factor) in all of the diffusion 
couples. 

Deviation from parabolic behavior would occur if 
the surface composition were a function of time or 
if there were present a barrier to the diffusion flux 
which varied with time. An oxide layer on the sam- 
ples surface will form a troublesome barrier only if 
it covers an appreciable area, or if it is not readily 
reduced. It was found that the maximum growth 
rates were parabolic only if the surfaces were 
clean. If the oxide layer were thin (e.g. formed at 
room temperature for a couple of hours) no barrier 
effect was noted, while with thicker oxide layers 
nonparabolic growth rates resulted; in this case the 
thickness of the phase layers and the rate of move- 
ment of the markers were always less than those 
resulting from samples free from barriers. One 
further difficulty was encountered when using vycor 
tubing for the reaction capsule. Owing to the small 
amount of glass work required after the solid speci- 
men had been inserted into the capsule, it was no- 
ticed that a fine film (presumably SiO.) had condensed 
on the specimen’s surface, giving rise to nonpara- 
bolic diffusion effects. This film was eliminated by 
covering the specimen with water. Thus extreme 
caution must be employed to eliminate any rate de- 
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Fig. 4—Etched with FeCl; solutions; illustrating large 2) and 
small 1) y grains. X100. Reduced approximately 27 pct for 
reproduction. 


termining film barriers; perhaps such films are 
the cause for the nonparabolic growth rates reported 
in the literature. 

The particles of the markers in the majority of 
cases lay in a straight line, Fig. 1, though in some 
cases their positions varied somewhat from grain to 
grain, for reasons at the moment uncertain. Fig. 4 
shows that the markers separated the y layer into 
two regions: 1) an outer region of small grains, and 
2) an inner region, between the markers and the 8 
phase, of large grains; these two regions within the 
yY phase were observed in all samples, with the 
markers always at the separating surface between 
the two regions. 

Owing to the increasing solubility of Zn in the y 
phase with increasing temperature, it was necessary 
to quench all specimens to prevent precipitation at 
and near the phase interface. Precipitation could 
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Fig. 5—Parabolic growth constant k (x? = kt) for the y 
phase as a function of reciprocal temperature, 45.9 pct 
Zn solid and 72 pct Zn powder. 
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Table |. Surface and Interface Compositions 


| ad Pct Zn at Surface Pct Zn at y-B Pct Zn at y-B 
650 68.3 58.7 51.2 

575 68.5 57.0 50.5 

525 67.2 59.0 51.6 

475 65.7 57.7 50.0 

425 65.7 58.7 50.2 

375 65.2 57.6 48.1 


not be avoided for diffusion-anneal temperatures 
above 650°C whatever the quenching technique, and 
this limited the maximum temperature that could be 
used. 

The parabolic rate constant (defined as k in 
x” = kt, where x is the y layer thickness and ¢ is the 
time) subscribes to Arrhenius behavior, Fig. 5. 

The success of the vapor-solid technique depends 
upon maintaining the concentration of Zn at the sur- 
face constant with time. Originally it was planned to 
vary the vapor pressure of Zn by variations in the 
composition of the powdered alloy source of Zn- 
vapor; when using a source within the y range, non- 
parabolic behavior was observed, doubtless because 
of a variation of the vapor pressure of Zn during the 
diffusion anneal; however, in using a two-phase 
alloy, either y te or y + 5, parabolic growth was 
obtained. In the latter case the powdered alloy acted 
as an infinite source for the amount of Zn lost in 
these experiments, with the vapor pressure that of 
the higher zinc solubility limit in the y phase. 

The surface concentrations listed in Table I are 
identical within 1 pct with the upper solubility limit 
of the y phase as shown in published phase diagrams, 


. as are the discontinuities in concentration across the 


phase boundaries. 

The values of the diffusion coefficients in the y 
phase as calculated by the Boltzmann- Matano analy- 
sis are listed in Table II; since this analysis em- 
ploys the values of the slope of curves of the type 
shown in Fig. 2, and since the concentration varies 
but little at high Zn concentration, the errors in the 
calculation of the D-values are larger at higher Zn 
concentrations. 

Arrhenius behavior is usually described as D =D, 
exp (- AH/RT) where AH is the enthalpy of activa- 
tion. Plotting the log of the D-values for specific 
values of concentration against the reciprocal of the 


Table I. D-Values as a Function of Temperature and Concentration 
D-Values for y (cm’/sec) 
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Fig. 6—D-values as a function of reciprocal temperature, 
45.9 pct Zn solid and 72 pct Zn powder. 


absolute temperature yielded Fig. 6, exhibiting 
reasonably linear behavior except at high Zn con- 
centrations. The calculated values of D, and AH 
were determined by the method of least squares, and 
are given in Table III. Both D, and AH decrease 
with increasing Zn concentration. Fig. 7 shows AH 
plotted as a function of Zn concentration. 

The variation of the D-values with Cz, is very high 
within this narrow concentration range, as shown in 
Fig. 8. These curves are not monotonic, and the 
reasons for the curious shapes escape us—assuming 
the shape is real. It will be remembered that D var- 
ies with Cz, exponentially in a brass,’° whereas 
corresponding curves for 8 brass" are roughly sig- 
moidal. The last column in Table IV shows the ra- 
tios of the maximum and minimum D values for the 
various temperatures. Because of the inferior pre- 
cision of the D values at high values of C7,, it is dif- 
ficult to appraise the values of D and of AH for this 
concentration range. 


Table Ill. Activation Energies and Frequency Factors 


S75°C —425°C 475°C 525°C 575°C 650°C Pct Zn D, x 10? (cm?/sec) AH (kcal) 

Pct Zn =x 10° x 10° x 10 x 10 x 10° x 10 59.0 2.45 33.4 
59.0 0.300 0.979 4.10 2.50 0.623 60.0 2.44 22.9 
60.0 0.437 a5] 5.94 1.32 2.93 0.891 61.0 171 21.9 
61.0 0.650 2.28 7.55 1.91 3.67 1.06 62.0 2.45 21.9 
62.0 1.02 3:27 10.85 2:75 5:32 1.64 63.0 1.14 20.1 
63.0 1.90 6.05 15.72 3.50 8.06 2.05 64.0 0.99 19.3 
64.0 3.11 8.71 24.9 5.24 9.68 2.85 65.0 0.62 47-7 
65.0 5.72 20.9 44.2 9.12 14.7 4.15 65.5 0.19 15:5 
65.5 27.6 63.7 10.0 16.7 4.85 66.5 0.28 15.3 
66.5 20.1 29.5 7.42 67.0 0.06 11.7 
67.0 41.1 37.3 10.9 Gamma growth constant 1266 in.?/hr 26.9 
68.0 72a 20.2 or 2.29 cm?/sec 
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Table IV. Ratios of D-Values 


De6s%/Dsom Pct Range 


19.1 59 to 65 
21.3 59 to 65.5 
10.8 59 to 65.5 

60 to 67 

5.9 59 to 68 

6.7 59 to 68 


Dz,/Dcy, = Constant 


which are most frequently employed in calculating 
the ‘‘intrinsic’’ diffusion coefficients require a 
ae measurement of the slope of the c-x curve. The ra- 
= tio of D},, /D%,, as determined from only a measure- 
ment of areas on the c-x curve was obtained for 
several temperatures, as listed in Table V. The er- 
ror is less than 5 pct because of the high precision 


All values noted thus far are D-values, the so- in locating the position of the markers. In order to 
called chemical diffusion coefficient. The ratio of evaluate the specific values of D), and D{, from Eqs. 
the ‘‘intrinsic’”’ diffusion coefficients, D},/D2Z, may _ [1], [2], and [3], a measurement of the slope of the 
be obtained from only a ratio of areas on the c-x c-x curve is required at the position of the markers. 
curve of vapor-solid couples while the two Darken The markers were always found in the high Zn por- 
relations,” [1] and [2], tion of the curve and it is in precisely this range of 
the curve that the slope tends toward infinity and the 
error in the slope is large, thus making the deter- 
mination of D},, and DL, only approximate. Values 
for the intrinsic diffusivities calculated from Eqs.|[2] 
and [3] are listed in Table V. Changing the composi- 
tion of the solid from pure copper to 46 pct Zn re- 
sulted in displacing the markers in significant 
amounts, but they were always situated in the high 
Zn portion of the diffusion curve (i.e. the markers 
were displaced by this method without altering the 
composition at the markers by more than 1 pct). 


Fig. 7—The heat of activation, AH, as a function of atomic 
pet Zn. 


DISCUSSIONS OF RESULTS 


There have been numerous studies made of dif- 
fusion in the @ brass phase, a few in the 8 brass 
phase, while this investigation represents the first 
study in the y phase. The a phase is a close-packed 
lattice structure (fcc) while the 8 phase is less 
closely packed (bcc). The y phase is essentially 


Table V. Marker Movement Data 


Distance from 
Outer Surface, Composition at from 
cm x 10* Time, Hr Markers—Nz, Area Ratios 


D2, (em?/sec) D&,(em?/sec) 


4.6 x 107° 16-7 
1.8 =x 1¢° 2.1 1067 
Li = 1¢° 9.5 x 10-° 
ae 60 62 4 66 68 . 1.5 x 10-” 1.6 x 10-° 

% Zn 10° 7.2*10° 
1.4 x 16° 


Fig. 8—D-values as a function of atomic pct Zn. 
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twenty-seven body-centered-cubic cells with two 
atoms missing, with the remaining fifty-two atoms 
slightly displaced. 

From previous data the chemical diffusivities in 
the 8 phase are one hundred times the corresponding 
values in the a phase, while the activation energies 
are halved. The comparison is more difficult for the 
y phase because of the wide variation in D-values 
across the phase field. A comparison between the y 
and 8 phases shows that the D-values in the y phase 
vary from one to ten times the values in the f phase 
while the activation energy range (23 to 15 kcal) for 
the y phase includes the activation energy range (20 
to 18.5 kcal) for the 8 phase. 

Owing to the necessity of using a two-phase alloy 
to provide a constant vapor pressure, the surface 
composition of the solid specimen was a function of 
temperature between 475° and 550°C. Above 550°C and 
below 475°C the composition was about 69 pct Zn and 
66 pct Zn, respectively, and because of these condi- 
tions, the markers originally placed on the surface 
were associated with different compositions the val- 
ues of which depended on the temperature range. 
From Table V it is evident that for the experiments 
where the markers occurred at approximately 65.5 
pet Zn the ratio of D},,/D2,, remained constant with 
temperature, implying 4H7, = 4H¢,,. For the com- 
position 68.2 pct Zn the ratio of D},,/D2,, decreased 
with increasing temperature, implying that AH,,, is 
greater than 4H7,. The data are insufficient to es- 
tablish definitely that 4H.,, is greater than 
which would be expected to be the case. 

The observation of the motion of markers in the y 
phase is incompatible with any mechanism of diffu- 
sion which involves a rotation of nearest neighbors. 
The interstialcy or vacancy mechanism could equally 
explain the observed mass movement but on the 
basis of the type of lattice it is thought that the va- 
cancy mechanism is operative. 

The two different sizes of y grains, as illustrated 
in Fig. 4, could occur in the following manner: after 
the initial nucleation of the layer of y grains, the 
surface composition is still in a transient period 
tending toward the equilibrium value. It will be as- 
sumed with Doo and Balluffi’® that in the initial stage 
of the absorption of the Zn vapor, the divergence of 
the vacancy current is a maximum at the surface, 
thereby creating the largest stresses at the surface. 
These stresses could be sufficient to cause recrys- 
tallization of the larger y grains at the surface. In 
the meantime, the markers have been embedded in 
the sample and are therefore removed from the 
vapor-solid interface. Once these smaller grains of 
y have formed they would tend to grow, but because 
of the foreign particles situated at the marker inter- 
face the movement of the advancing grain boundary 
would be retarded or completely halted. Thus as the 
diffusion process progresses there remain the two 
different sizes of y grains. 

The chemical diffusivity in the y phase has been 
shown to vary by about a factor of 25 over 7 or 8 
at. pct. This change is rather large when a com- 
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parison is made with other phases in different sys- 
tems. Explanations of the dependence of the diffus- 
ivity and activation energy on concentration have 
been proposed, based on a vacancy defect structure 
which is formed by deviations in the composition 
from the stoichiometric composition.'* This would 
lead to the predictions that the diffusivity should 
pass through a minimum and the activation energy 
through a maximum at the stoichiometric compo- 
sition. Neither of these effects was observed in the 
y phase at the stoichiometric composition 61.5 pct Zn. 

A tentative explanation for the rather large in- 
crease in D over the narrow concentration range 
may be given in the following way. The unit cell of 
the y brass phase contains fifty-two atoms per unit 
cell and its electronic structure is such that the 
Fermi surface nearly encloses the first Brillouin 
zone. A full zone contains ninety electrons per unit 
cell.’° The same situation occurs in the Cu-Al”®* and 
Cu-Ga’® systems and when the electron concentration 
exceeds 1.70 it becomes energetically favorable for 
the number of atoms per unit cell to decrease rather 
than to place electrons in the second zone with the 
resultant large increase in electronic energy. This 
results in a vacancy defect structure. 

In the diffusion zone of the y phase there may arise 
stresses from the divergence of the vacancy current 
and these would vary in magnitude from the low to 
the high Zn range. This would then distort the shape 
of the unit cell and hence the Brillouin zone and may 
cause an interaction between the Fermi surface and 
the first Brillouin zone. Thus a vacancy defect 
structure might occur if it is energetically more 
favorable to decrease the number of atoms per unit 
cell rather than increase the electronic energy by 
putting electrons in the second zone. This effect 
would depend on the stress distribution in the dif- 
fusion zone; this increase in vacancy concentration 
would be reflected in an increase of the diffusivity. 

Self-diffusion measurements within the y phase 
would establish if the substantial increase in the 
diffusivity were the result of the y lattice in an 
equilibrium situation or due to effects (stress, and 
so forth) deriving from a chemical concentration 
gradient. 

The activation energy of chemical diffusion de- 
creases substantially over the range of compositions 
investigated, as can be seen from Table III and 
Fig. 6. As pointed out by Hilliard,’’ the measured 
activation energy of chemical diffusion consists of 
two additive parts: one part AH* arising from the 
temperature dependence of the self-diffusion coef- 
ficients and AH 7 arising from the thermodynamic 
factor (1 +d In/,/d In x;), where f, = activity co- 
efficient and x; = atomic fraction). It appears that 
the contribution of AH can be substantial in some 
nonideal solutions; the point has received attention 
in analyzing the diffusive properties in the Au-Ni 
system.” The variation of AH; with composition 
might well have influence within the y brass phase 
but unfortunately the thermodynamic properties are 
unknown for this phase. 
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CONCLUSIONS 


1) The vapor-solid diffusion couple technique was 
employed with success in determining the D-values 
of the brittle y brass phase. 

2) Compositions were obtained by the use of an 
electron-probe apparatus. The resulting c-x curve 
of the y phase was unusual, in the sense of a very 
rapid decrease in Zn concentration as the § boundary 
was approached. 

3) Chemical diffusivities were calculated by the 
Boltzmann- Matano analysis for the y phase as a 
function of concentration over the temperature range 
of 375° to 650°C. The diffusivity increased by a 
factor of 25 over about 7 or 8 at. pct and the activa- 
tion energy and frequency factor decreased with in- 
creasing Zn content. The activation energy range for 
D was about 23 to 15 kcal. 

4) The movement of inert markers and the growth 
of the y phase exhibited parabolic behavior. The 
concentration obtained at the surface and phase 
boundaries were in agreement with published equil- 
ibrium phase diagrams. There was no evidence of 
porosity in the diffusion zone. 

5) The variation of AH with composition may be 
explained in terms of dependence of AH y (i.e. that 
part of 4H arising from the thermodynamic factors) 
on composition. 


Zircaloy-2 


Dilatometric Investigaton of Vacuum-Melted 


A dilatometric determination of the a + B region temperature 


ACKNOWLEDGMENTS 


The senior author wishes to acknowledge with 
gratitude the financial assistance accorded him by 
the Gordon Foundation and by the Office of Naval 
Research. The electron probe analyses were pro- 
vided by the Edgar C. Bain Fundamental Research 
Laboratory, United States Steel Corporation, 
Monroeville, Penna., in particular through the kind- 
ness and helpfulness of Messrs. R. Fisher and 
J. Gula. 


REFERENCES 


4B. Lustman and R. F. Mehl: A/JME Trans., 1942, vol. 147, p. 365. 

7H. Fara and R. W. Balluffi: J. Appl. Phys., 1959, vol. 30, p. 325. 

Heumann: private communication. 

“L. S. Castleman and L. L. Seigle: private communication. 

SL. S. Castleman and L. L. Seigle: A.E.C. Report No. Sep 251. 

*W. Jost: Diffusion in Solids, Liquids, Gases, Academic Press, Inc., New 
York, 1952. 

7W. Jost: Z. Physik, 1950, vol. 127, p. 163. 

®T. Heumann: Z. physik. Chemie, 1952, vol. 201, p. 168. 

°T. Heumann and A. Kottmann: Z. Metallk., 1953, vol. 44, p. 139. 

10G. T. Horne and R. F. Mehl: AIME Trans., 1955, vol. 203, p. 88. 

41U. S. Landergren, C. E. Birchenall, and R. F. Mehl: AJME Trans., 1956, 
vol. 206, p. 73. 

121,. S. Darken: AJME Trans., 1948, vol. 175, p. 184. 

13V. Y. Doo and R. W. Balluffi: Acta Met., 1958, vol. 6, p. 433. 

144, E. Beckowitz, F. E. Jaumot, and F. C. Nix: Phys. Rev., 1954, vol. 95, 
p. 1185. 

453. O. Betterton and W. Hume-Rothery: J. Inst. Metals, 1952, vol. 80, p. 459. 

16A, J. Bradley, H. J. Goldschmidt, and H. Lipson: J. /nst. Metals, 1938, 
vol. 63, p. 149. 

177. E. Reynolds, B. L. Averbach, and M. Cohen (Hilliard): Acta Met., 1957, 
vol. 5, p. 29. 


limits was performed on vacuum melted Zircaloy-2, The tempera- 
ture of transformation for a+a+B and @+B-£ on heating and 
cooling as a function of rate of heating and heat treating history 
was studied. The limits were found to be 815° to 830°C to 975° to 
995°C on heating and from 960° to 930°C to 785° to 770°C on cool- 
ing. A 5° to 15°C increase was observed for A+ a@+B with in- 
creased rate of heating and a 20° to 30°C decrease for B~a+8B 


with increased rate of cooling. 


Tue transformation temperature for pure zirconium 
has been determined by many investigators” ° using 
metallography, electrical resistivity measurements, 
and dilatometry. The effect of the rate of cooling on 
the transformation temperature of zirconium has 
been studied by Hayes and Kaufmann® and Duwez,’ 
and the effect of alloying elements by Pfeil® and 
McGeary.** 

Since the development of Zircaloy-2, the limits of 
the a + 8 region for that alloy have been also deter- 
mined. The first reported temperature for the 
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a transformation in Zircaloy-2 was 900°C 
and for a + B = B, 1000°C.° Subsequent studies by 
Picklesimer and Adamson” indicated the beginning 
of the a ~ a + 8 transformation at 810°C, and the 
metallographic study by the Technology Group of the 
Special Materials Section at the Westinghouse Bettis 
Plant’ suggested that 820° to 830°C is the tempera- 
ture of transformation. The dilatometric investiga- 
tion by the latter group yielded 830°C for the be- 
ginning of the transformation. 

Thomas and Forscher”™ set the beginning of the 
transformation at 900°C on heating and the end of the 
transformation at 870°C on cooling. The above in- 
vestigators stated in their paper that the dilatometric 
curve exhibits features caused by a eutectoid reac- 
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Fig. 1—Thermal expansion graph on heating and cooling of 
crystal bar zirconium. 
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tion involving Fe, Ni, and Cr which begins at 830°C 
on heating and ends at 780°C on cooling. 

One phase of the Zircaloy study performed at the 
Materials Research Corp. dealt with the dilato- 
metric determination of the a + 6 region tempera- 
ture limits. An attempt was made to obtain repro- 
ducible results for the temperatures of transforma- 
tion a ~ a+ Band a+ 6 ~£ on heating and cooling 
as a function of the rate of heating and the heat treat- 
ing history. 


EXPERIMENTAL 


A) Materials— The specimens used in this investi- 
gation were supplied by Westinghouse Bettis Plant. 
The nominal composition is presented in Table V. 
The specimens were vacuum-melted, and cold-drawn 
into 1/4 inch diam Zircaloy-2 rods. A procedure of 
machining several thousandths of an inch from each 
specimen and subsequently etching in a solution of 
HF, HNO,, and H,O was necessary to obtain repro- 
ducibility. It is believed that this was due to surface 
contamination. 

Twelve specimens with different thermal histories 
were tested. The rate of heating and cooling was 
varied. Specimens were in an as-received (cold- 
drawn) condition, water-quenched after an anneal of 
4 hr at 1050°C, and the remainder were furnace 
cooled 50°C per hr after the same anneal. After each 
dilatometric run, the 3%4-in.-long test rods were ex- 


Table |. Tabulation of Points at Which the Thermal Expansion 
Curve Deviates from a Straight Line on Heating and Cooling 
Zirconium Crystal Bar. Specimen Condition: As-Received, 

Swaged and Cold Drawn 


On Heating On Cooling 
Rate of Point A Point B Rate of | Point B’, Point A’, 
Heating Cooling “Cc 
100°C per hr 850 885 100°C perhr 860 830 
100°C perhr 850 880 100°C perhr 860 830 
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HEATING 100°C/HR 
COOLING: iNO0°C/HR 


650 1050 
TEMPERATURE °C 

Fig. 2—Thermal expansion graph on heating and cooling of 

vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 

1050°C; slow cooled to room temperature at 50°C per hr. 


amined for possible oxidation. Thermal expansion 
curves were also obtained for two crystal bar Zir- 
conium specimens. 

B) Apparatus— The thermal expansion of Zircaloy-2 
was measured using an optical dilatometer. 

This instrument was activated by a quartz rod 
seated in a jeweled bushing on the back of a galvano- 
meter mirror. As the specimen expanded, it ro- 
tated the mirror and these motions were read on a 
scale located 10 ft from the apparatus. The sen- 
sitivity of the dilatometer with this optical lever arm 
was 1X 10°°. An atmosphere of purified argon, 
passing through a titanium furnace, was used. The 
specimens were inserted ina Zircaloy sleeve to 
prevent contamination from the fused quartz tubing. 
The rates of heating and cooling were varied with 
a cam-type temperature controller, from 100°C 
per hr to 1800°C per hr. 


HEATING: 300°C/HR 
COOLING: 700 °C/HR 


ARBITRARY UNITS 


650 750 950 
TEMPERATURE °C 
Fig. 3—Thermal expansion graph on heating and cooling of 


vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; slow cooled to room temperature at 50°C per hr. 
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HEATING: 900°C/HR 
COOLING: 900 °C/HR 


| 
650 950 1050 


TEMPERATURE °C 


Fig. 4—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; slow cooled to room temperature at 50°C per hr. 


C) Measurements—The dilation of each specimen 
was plotted as a function of temperature, and the 
temperature at which the curve first deviated from 
linearity was considered to be the temperature at 
which the a ~ @ + £8 transformation occurred. The 


beginning of the all-8 field was determined from the 
point at which the curve became linear again. The 
reverse points on cooling were found inthe same 
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HEATING: I800°C/HR 
COOLING: 900°C/HR 


950 1050 
TEMPERATURE °C 
Fig. 5—Thermal expansion graph on heating and cooling of 


vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; slow cooled to room temperature at 50°C per hr. 
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Table Il. Tabulation of Points at Which the Thermal Expansion 
Curve for Vacuum-Melted Zircaloy-2 Deviates from a Straight Line 
on Heating and Cooling. Specimen Condition: Annealed in 
Prepurified Argon at 1050°C ie 4 Hr; Slow Cooled 50°C per Hr to R. T. 


Rate of On Heating 
Heating Point A °C Point C °C 


Point B °C 


100°C per hr 820 870 980 
300°C per hr 820 870 980 
300°C per hr 820 870 980 
900°C per hr 825 - 980 
1800°C per hr 830 _ 980 


On Cooling 
Point C’°C 


Rate of 
Cooling 


Point B’°C Point A’°C 


100°C per hr 
700°C per hr 
700°C per hr 
900°C per hr 
900°C per hr 


way. This graphic method was accurate to within 
+ 


EXPERIMENTAL RESULTS 


A) Crystal Bar Zirconium—A thermal expansion 
curve obtained in the present study for crystal bar 
Zirconium is reproduced in Fig. 1. The points of 
deviation from linearity on heating and cooling are 
tabulated for two specimens in Table I. The tem- 
perature of the a + B transformation was found to 
be 850°C. The fact that the transformation tempera- 
ture is about 10° to 15°C lower than that reported in 
the literature for pure Zirconium and the fact that 
there is a hysteresis on cooling suggest that some 
impurities were present in the crystal bar Zirconium. 


HEATING: 100°C/HR 
COOLING: 100°C/HR 


ARBITRARY UNITS 


| 
950 1050 


TEMPERATURE °C 


Fig. 6—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy 2. Specimen condition: 4 hr at 
1050°C; water quenched. 
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ARBITRARY UNITS 


HEATING: 300 °C/HR 
COOLING: 700 °C/HR — 


350 450 550 650 750 850 950 1050 
TEMPERATURE °C 
Fig. 7—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; water-quenched. 


B) Zircaloy-2—1) As-Slow-Cooled Specimens— 
Specimens were annealed at 1050°C (in the all-fre- 
gion) for 4 hr and subsequently slow cooled 50°C per 
hr to room temperature. 

Thermal expansion curves for the above speci- 
mens are represented in Figs. 2 to 5. The salient 
features of these curves are a) deviation from 
linearity at 820° to 830°C (point A) and b) the re- 
sumption of linearity at 980°C (point B) on heating. 
The corresponding temperatures on cooling are 
960° to 930°C (point B') and 785° to 770°C (point A’). 

The dilatometric curve for a rate of heating of 
100°C per hr (Fig. 2, Table II) exhibited a ‘‘plateau’’ 
(section A-C) between 820° and 870°C. The same be- 


22 
e 
2 
= 
> 4@ 
« 
HEATING: 900°C/HR 
COOLING 900°C/HR 
6 
2- — 
350 450 550 650 750 650 950 1050 


TEMPERATURE °C 


Fig. 8—Thermal expansion graph on heating and cooling of 
vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 
1050°C; water-quenched. 


570-VOLUME 221, JUNE 1961 


Table Il. Tabulation of Points at Which the Thermal Expansion 
Curve for Vacuum-Melted Zircaloy-2 Deviates from a Straight Line 
on Heating and Cooling. Specimen Condition: Annealed in 
Prepurified Argon at 1050°C for 4 hr; Water Quenched 


Rete of On Heating 

Heating Point A °C Point C °C Point B °C 
100°C per hr 815 875 995 
100°C per hr 820 875 990 
300°C per hr 820 875 975 
900°C per hr 830 - 975 
1800°C per hr 835 - 980 

Rate of On Cooling 

Cooling Point B’ °C Point C’°C Point A’°C 
100°C per hr 950 850 770 
100°C per hr 945 850 775 
700°C per hr 940 830 770 
900°C per hr 930 820 770 
900°C per hr 930 820 770 


havior has been apparent in a specimen heated at a 
rate of 300°C per hr (Fig. 3, Table II). However, 
when the rate of heating was raised to 900°C per hr 
(Fig. 4, Table II) and 1800°C per hr (Fig. 5, Table 
II) the ‘‘plateau’”’ in the thermal expansion curve 
disappeared. On cooling, the plateau A'-C' (820°- 
785°-770°C) has changed its slope with increasing 
cooling rate. 

2) As-Quenched Specimens— The dilatometric 
curves obtained on specimens which have been 
water-quenched after an anneal of 4 hr at 1050°C 
are shown in Figs. 6 to 8, and the respective tem- 
peratures for the limits of the @ + 8 as a function 
of rate of heating and cooling are compiled in 
Table III. In general, the same features were re- 
corded for these specimens as for slow-cooled 
specimens. Here the plateau in the thermal ex- 
pansion curve extended from 820° to 875°C. On 
cooling, the beginning of 8 ~ a+ 8 transformation 
was at 950°C for a cooling rate of 100°C per hr 
and was lowered to 930°C when the cooling rate was 
increased to 900°C per hr. 

3) As-Received Specimens— Table IV shows re- 
sults obtained on specimens which were not heat 
treated prior to the dilatometric study. The first 
run on an as-received specimen failed to exhibit 


Table IV. Tabulation of Points at Which the Thermal Expansion 
Curve for Vacuum-Melted Zircaloy-2 Deviates from a Straight Line 
on Heating and Cooling. Specimen Condition: As-Received; 
Swaged and Cold-Drawn 1/4-In. Rod 


Rate of On Heating 

Heating Point A °C Point C °C Point B °C 
300°C per hr 825 ~ 980 
300°C per hr 825 - 980 
1800°C per hr 830 880 985 

of On Cooling 

Cooling Point B’ °C Point C’ °C Point A’ °C 
700°C per hr 950 830 775 
900°C per hr 950 830 775 
900°C per hr 945 830 775 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


2 
> 
« 
« 
= 
x 


y \ 
Y, 
14 
10 J 
6 
2 
I 
€ 
Cc 
I 
Fi 
on 
TH 
THI 


Table V. Nominal Specimen Composition 


Element Amount 


Sn 1.45 pct by weight 
Fe 0.13 pct by weight 
Cer 0.10 pct by weight 
Ni 0.05 pct by weight 
fe) 1300 ppm 


Less than 200 ppm of B, C, Cd, Co, Cu, H, Hf, Mg, Mn, N, Pb, Si, Ti, 
U, W, Al. 


a plateau in the thermal expansion curve. Subse- 
quent cooling and repeated heating curves showed a 
plateau. 

Besides the small differences discussed above, no 
significant dependence of the @ + f phase region on 
the prior thermal history was found. 


DISCUSSION 


During the investigation it was observed that the 
dilatometric curves exhibited an anomalous be- 
havior at 820° to 870°C when the rate of heating was 
100° to 300°C per hr. (See Section A-C, in Figs. 2, 
3, 6, and 7). Up to 820°C, the specimen expanded, 
and a resumption of subsequent linear expansion was 
recorded at 980°C. 

The anomalous behavior observed in the neighbor- 
hood of the a ~ @+f transformation temperature 
raises the following questions: 

1) At what temperature does the transformation 
begin—at temperature A or temperature C? 

2) What is the nature of the plateau in the thermal 
expansion curve ? 

McGeary,’* in his dilatometric investigation of Zr 
containing 0.032 wt pct Fe, obtained curves which 
reveal a plateau when the rate of heating was 100°C 


ARBITRARY UNITS 


— — McGEARY 
+ * BALLUFFI 
——— PRESENT STUDY 


TEMPERATURE °C 


Fig. 9—Schematic drawing of dilatometric curves obtained 
by McGeary® on Zr + 0.032 wt pet Fe, by Balluffi et al.14 
on Zr + 1.2 wt pet Sn, and Zircaloy-2 obtained in the present 


study. 
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per hr. He postulated that the beginning of the 

a- @+ £ transformation sets in at the temperature 
which corresponds to the end of the horizontal sec- 
tion of the curve. 

Thomas and Forscher”’ have reported that their 
dilatometric curve obtained on Zircaloy-2 ‘‘exhibited 
features due to eutectoid reaction involving Fe, Ni, 
and Cr.’’ The above investigators have also set the 
beginning of the a — @ + 8 transformation at a tem- 
perature higher than that corresponding to the 
anomaly in their dilatometric curves. 

The fact that in the present study point C (see 
Figs. 4, 5, and 8) was suppressed upon increasing 
the rate of heating and point A was not (it was shifted 
slightly ) led the author to the conclusion that the 
temperature A and not the temperature C corresponds 
to the temperature of @ — a + f transformation on 
heating. Here point A' corresponds to the tempera- 
ture of a@+8 — @ transformation. This conclusion has 
been borne out by a parallel metallographic study, 
which revealed the presence of both aand f ina 
specimen cooled at a rate of 300°C per hr from 1020° 
to 805°C and subsequently quenched. The tempera- 
ture of 805°C falls within the anomalous region in 
the dilatometric curve upon cooling (see Fig. 3). 

To decide what is the cause of the plateau in the 
thermal expansion curve would require more exten- 
sive studies including high-temperature X-ray dif- 
fraction on Zircaloy-2 and, preferably, also on bin- 
ary alloys of Zr with Sn, Fe, Ni, and Cr. 

However, on the basis of this study, and the in- 
formation available in the literature, one can specu- 
late and possibly advance some plausible reasons 
for the anomaly in the dilatometric curves of Zir- 
caloy-2. 

Although the following picture is somewhat sim- 
plified, it lends itself well to analysis and contri- 
butes to the understanding of the phenomenon. 

The schematic drawing of the dilatometric curves 
obtained by McGeary” on Zr + 0.032 wt pct Fe, by 
Balluffi e¢ al.'* on Zr + 1.2 wt pct Sn, and by the 


= 


HEATING: 300°C/HR 
COOLING 300°C/HR 
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Fig. 10—Thermal expansion graph on heating and cooling 
of vacuum-melted Zircaloy-2. Specimen condition: 4 hr at 


1050°C; water-quenched. 
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author on Zircaloy-2 is shown in Fig. 9. One is 
very much tempted to state that the thermal expan- 
sion curves of Zircaloy-2 are composites of thermal 
expansion curves of both Zr- Fe and Zr-Sn. The be- 
ginning of the plateau (start of the a — a + # trans- 
formation) in Zircaloy-2 almost coincides with that 
for the Zr- Fe alloy, and the a+ — # transformation 
temperature does coincide with that for Zr + 1.2 wt 
pet Sn alloy. A significant effect of Sn, therefore, is 
the elevation of the a + 8 ~f transformation temper- 
ature. Sn does not seem to affect the plateau. One 
can conclude, therefore, that the anomaly in the 
thermal expansion curve of Zircaloy-2 is caused 
solely by Fe, Ni, and Cr. 

It was pointed out previously that the anomalous 
behavior in the thermal expansion curve could be 
eliminated by increasing the rate of heating. The 
above observation indicated that the process re- 
sponsible for the plateau is probably diffusion-con- 
trolled. 

An experiment has been designed to obtain ad- 
ditional information concerning the diffusion process 
and its influence on a ~ @ + 8 transformation. A 
vacuum-melted Zircaloy-2 rod was heated in the 
dilatometer at a rate of 300°C per hr (see Fig. 10). 
After subsequent cooling, the specimen was heated 
at the same rate up to 830°C and held there for 2 
hrs. After this, heating was continued through the 
all-8 region. The thermal expansion curve for that 
dilatometric run is reproduced in Fig. 11. The 
isothermal contraction with time at 830°C indicates 
that f can, and in that region actually does, form 
isothermally. 

In view of the complexities described above, the 
author would like to emphasize that the temperature 
region of 820° to 870°C on heating and 830° to 770°C 
on cooling is of extreme importance from the re- 
search point of view, and that further fundamental 
investigations ought to be made in this region. 

The results of the present study are, however, 
immediately applicable in a very practical sense. 


HEATING: 300°C/HR 


HELD FOR 2 HOURS 
AT 830°C 
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350 450 550 650 750 850 950 1050 
TEMPERATURE °C 
Fig. 11—Thermal expansion graph on heating of vacuum- 
melted Zircaloy-2. Specimen condition: 4 hr at 1050°C; 


wate r-quenched. 
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For example, the fact that a diffusion process takes 
place in the region of 830° to 770°C on cooling can 
be utilized in the control of the amount and the dis- 
tribution of precipitates, which is of paramount im- 
portance in corrosion resistance and strength of 
Zircaloy-2. 


SUMMARY 


The @+8 transformation temperature limits in 
vacuum-melted Zircaloy-2 are from between 815° to 
830°C to between 975° to 995°C on heating and from 
between 960° to 930°C to between 785° to 770° on 
cooling. These temperature limits are a function of 
the rate of heating and cooling. 

1) The temperature of transformation in- 
creases 5°to 15°C with increasing rate of heating. 

2) The temperature of 8 ~ a + f transformation 
decreases 20°to 30°C with increasing rate of cooling. 

There is no significant dependence of the trans- 
formation temperature on the prior thermal history 
of the material. 

Within the @ + #8 region there is an additional in- 
flection point. This plateau in the thermal expansion 
curve on heating and cooling is the result of a re- 
action involving Fe, Ni, and Cr. This reaction can 
be suppressed by increasing the rate of heating 
which indicates that it is a diffusion-controlled 
process. 
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Phase Diagram and Thermodynamic Properties 


of the Thorium-Zinc System 


Thermal, metallographic, and vapor pressure data were ob- 
tained to establish the phase diagram for the thorium-zinc system. 
Four compounds corresponding to the stoichiometric formulas 
Th,Zn, ThZn2, ThZng, and Th2Zn\, were observed. The melting 
points of these compounds under constrained vapor conditions 
were found to be 1055°, 1105°, 1095°, and 1015°C respectively. 
Four eutectics exist in this system with the following eutectic 
temperatures and thorium contents in wt pct: 1040°C, 89 Th; 


945°C, 79 Th; 1045°C, 55 Th; and 995°C, 35 Th. The standard P 
free energy, enthalpy, and entropy of formation for the com- 
pounds were determined from zinc vapor pressure data. 


ALTHouGH the thorium-zinc system has been of 
technical importance in the commercial production 
of thorium and more recently of interest to some 
proposed pyrometallurgical separations processes 
for reactor fuels or blanket materials no detailed in- 
vestigation of this system has been made in the past. 
Some previous work has been reviewed by Hansen.’ 
The existence of four compounds, Th,Zn,7, ThZn,, 
ThZnz, and Th2Zn has been established and their 
crystal structures have been studied by X-ray dif- 
fraction techniques.~* Smirnov et al.,° determined 
the solubility of thorium in zinc and investigated the 
two-phase region between Th,Zn,, and zinc. They 
calculated some of the thermodynamic properties 
for these alloys from emf measurements on the cells 


Th/ ThCl1,(fused)/Cl,, C 
and Th,Zn,,(s) + Zn (l)/ThCl,(fused)/Cl,, C. 


The possibility of reaction between the anode ma- 
terials and fused thorium tetrachloride to produce a 
lower valent thorium salt would have to be resolved 
in order to evaluate the results obtained. 

The purpose of the present investigation is to es- 
tablish the phase diagram for the thorium-zinc sys- 
tem and to determine the standard free energy, 
enthalpy, and entropy of formation for the com- 
pounds formed. 


MATERIALS AND EXPERIMENTAL PROCEDURES 


The metals employed in the preparation of alloys 
were Bunker Hill slab zinc, 99.99 pct pure and Ames 
Laboratory thorium. The major impurities in the 
thorium in parts per million were oxygen—1250, car- 
bon—350, iron—100, nitrogen—75, and silicon—70. 


PREMO CHIOTTI, Member AIME, is Associate Professor, 
lowa State University, Ames Laboratory, U. S. Atomic Energy 
Commission, Ames lowa. KERMIT J. GILL, Associate Member 
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Pittsburgh, Pa. 
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The metals in the form of several small massive 
pieces, total weight about 30 g, were cleaned with 
acid, washed with water and acetone, and dried just 
prior to their use for alloy preparation. Tantalum 
containers were found to be suitable for all the alloys 
studied and were used throughout this investigation. 
The metals were sealed inside of small 1-in.-diam 
tantalum crucibles by welding on preformed tantalum 
covers. A small thermocouple well made from 1/8- 
in.-diam tantalum tubing was welded in the bottom of 
each crucible. These crucibles were enclosed in 


. THERMOCOUPLE 
COOLING GAS TUBE 
. NICKEL CAP 

. OBSERVATION PORT 
CONDENSATE AREA 
SEALED VACUUM 
PORT 

. QUARTZ TUBE 

. STAINLESS STEEL 
SLEEVE 

TANTALUM CRUCIBLE 
. SAMPLE 

. THERMOCOUPLE 

. VIEWING TELESCOPE 
. LIGHT SOURCE 

N. REFRACTORY BLOCK 
0. FURNACE WINDINGS 


Fig. 1—Arrangement of quartz tube, condenser and thermo- 
couples for dew-point determinations. 
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Fig. 2—Phase diagram for the thorium-zinc system. 


stainless steel containers and heated in an oscillating 
furnace at temperatures up to 1200°C. Alloys in the 
composition range between 20 and 90 wt pct Th are 
completely molten at 1125°C and 1/2 hr at this tem- 
perature was sufficient to obtaina homogeneous liquid 
alloy. After this initial equilibration the alloy was 
cooled and the tantalum crucible was removed from 
the steel container and used directly for differential 
thermal analyses. Details of the apparatus used for 
thermal analyses are presented in an earlier paper.° 
The same dew point method and procedure for 
measuring the zinc vapor pressure over these alloys 
was employed previously in measuring the vapor 
pressure over uranium-zinc’ and zirconium-zinc 
alloys.* However, one modification was made in cool- 
ing the condenser tip of the quartz tube containing 
the specimen. Details of the arrangement used are 
shown in Fig. 1. Instead of forming a thermocouple 
well in the top of the quartz container as in previous 
work, (the over-all length of the quartz container was 
the same, 9 to 10 in.) the top was drawn out into a 


Fig. 3— Zn-28 wt pet Th showing prim- 


ary Th,Znj7 and zinc in grain bound- 
aries, X75. 


eutectic, X75. 


small nipple approximately 3/16 in. diam and 7/16 in. 
long. A nickel cap made from 3/4 in. bar stock was 
fitted over the nipple. Two holes were drilled in the 
top of the nickel cap, one to receive a chromel- 
alumel thermocouple for measuring the dew-point 
temperature and the other to receive a small loosely 
fitting tube through which a controlled flow of air 
could be passed to lower the temperature of the 
nickel cap. By placing the thermocouple in the nickel 
cap it was protected from direct radiation from the 
hotter sample and furnace walls and from direct 
exposure to the air stream. This arrangement was 
employed to minimize possible differences in the 
thermocouple junction temperature and the true 
condensate temperature. In some experiments the 
dew-point temperature was roughly 250°C lower 
than the sample temperature. The temperature 
along the furnace was controlled by several inde- 
pendently powered Kanthal resistance windings. For 
a dew-point determination the temperature of the 
sample was held constant and the temperature along 
the furnace controlled so that the top of the quartz 
tube and nickel cap were about 20°C above the dew- 
point temperature. The nickel cap was then slowly 
cooled by passing a controlled flow of air into the 
hole drilled in the top of the nickel cap until zinc 
condensate was observed to form at the tip of the 
quartz nipple which was in direct contact with the 
nickel cap. The temperature of the sample and the 
difference in temperature between the sample and 
nickel cap were automatically recorded on an x-x 
recorder. By controlling the air flow the condensate 
could be made to appear and disappear within a tem- 
perature range of +1.0°C. At equilibrium the zinc 
vapor pressure over the alloy is equal to the vapor 
pressure of pure zinc at the condensate or dew- 
point temperature. The zinc pressure over the alloy 
is thus determined from the known vapor pressure of 
pure zinc. The vapor pressure of thorium over these 
alloys is negligible in the temperature range investi- 
gated. 


Fig. 4—Zn-35 wt pet Th, Th,Znj7--ThZn, Fig. 5—Zn-41.8 wt pet Th, showing 


ThZn, primary phase and eutectic, X75. 


Reduced approximately 27 pct for reproduction. 
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BONS 
Fig. 6— Zn-53.3 wt pct Th, showing 
ThZn, primary phase and ThZn,-ThZn, 
eutectic, X75. 


Fig. 7—Zn-56.9 wt pet Th, showing 
primary ThZn, and eutectic, X100. 


4 

Fig. 8—Zn-63.6 wt pct Th, showing 
ThZn, as major phase, X75. 


Reduced approximately 27 pct for reproduction. 


EXPERIMENTAL RESULTS 


Phase Diagram—The results of thermal analyses 
are summarized on the phase diagram, Fig. 2. Four 
compounds, all of which melt congruently, and four 
eutectics were established. The stoichiometric 
formulae for the compounds and the eutectic tem- 
peratures and compositions are indicated on the 
phase diagram. No attempt was made to determine 
the precise composition range for the compounds; 
thermal and metallographic analyses indicate the 
composition range is small, within +0.5 wt pct, and 
the compounds are shown as line compounds. Typical 
microstructures for furnace cooled alloys are shown 
in Figs. 3 through 12. The etchant used was a mix- 
ture of two parts saturated solution of potassium 
tartrate and sodium fluosilicate and one part (or less 
depending on the composition of the alloy) of con- 
centrated nitric acid. Alloys containing 50 wt pct or 
more of thorium are slowly etched on standing in air. 
The reactivity of the compounds to ordinary atmos- 
pheric conditions decreases in the order Th,Zn, 
ThZn2z, ThZn,, and Th2Zn,7. The latter compound re- 


Fig. 9—Zn-66.4 wt pct Th, showing 
ThZn, and ThZn,-Th,Zn eutectic, X75. 
eutectic, X150. 


Fig. 10—Zn-73.5 wt pet Th, showing 
primary ThZn, and ThZn,-Th,Zn 


tains its metallic luster after several weeks of ex- 
posure while small crystals of ThZn, are decom- 
posed to a powder after one or two days exposure. 
The transformation temperature and the melting 
point for pure thorium are indicated on the phase 
diagram as 1360° and 1755°C, respectively. These 
temperatures are based on unpublished data ob- 
tained at the Ames Laboratory by P. Chiotti and 
John Tentor.° 

Solubility of Thorium in Zinc— The zinc-rich 
liquidus was determined from thermal data in the 
temperature range between about 900°C and the 
melting point of Th,Zn,,, 1015°C. At lower tem- 
peratures the solubility of thorium in liquid zinc 
was determined from thorium analyses of samples 
removed from the top of a zinc bath which had been 
equilibrated with excess Th,Zn,,. Experimental ap- 
paratus and procedure were the same as those em- 
ployed in an earlier investigation of the solubility 
of uranium in magnesium and magnesium-thorium 
solutions.’° The experimental results are shown on 
Fig. 13. The equation for the curve is 


Fig. 11—Zn-85.9 wt pct Th, showing 
primary Th,Zn and ThZn,-Th,Zn 
eutectic, X75. 


Reduced approximately 27 pct for reproduction. 
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eutectic, X75. Reduced approximately 27 pct for reproduc- 
tion. 


log (at. pet Th) = - 6,230/T + 5.850. 


Values obtained from this relation are given in Table 
I along with corresponding values calculated from 
Smirnov’ e¢ al.’s relation. The agreement is fairly 
good at temperatures below 700°C. As is evident 
from the data obtained, the solubility of thorium in 
zinc is very small at temperatures approaching the 
melting point of pure zinc. No effect on the melting 
point of pure zinc, within +0.5°C, could be detected 
by thermal analyses. 


10. T T T T T 
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@ THERMAL DATA 
mi SOLUBILITY DATA _ 
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Fig. 13—Solubility of thorium in zinc. 
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Table |. Solubility of Thorium in Zinc 


Temp., Wt Pct At. Pct At. Pct Th 
IC Th Th Ref. 5 
419 0.0025 0.00071 0.0010 
500 0.022 0.0062 0.0098 
600 0.18 0.051 0.059 
700 0.99 0.282 0.176 
800 3.83 ii 0.330 
900 11.13 3.41 


X-Ray Analysis—X-ray powder photographs as 
well as some single-crystal patterns were taken of 
various alloys prepared in this investigation. No 
evidence was obtained for compounds other than 
those shown on the phase diagram. All of these 
compounds have been reported in the literature. 
Refined lattice constants for the compound ThZn, 
were obtained from back-reflection powder photo- 
graphs and are in agreement with the values obtained 
by Makarov and Gudkov. ° However, the lattice con- 
stants for hexagonal ThZn, obtained from single 
crystal and powder patterns were not in agreement 
with those reported by these authors. Both single- 
crystal data and powder data show that the lattice 
constants are a, = 9.03 and c, = 7.39. Time did not 
permit a more detailed investigation of this com- 
pound and further work needs to be done before a 
definite conclusion can be made relative to its true 
structure. X-ray data for the thorium-zinc com- 
pounds are summarized in Table II. 

Vapor Pressure and Thermodynamic Properties— 
The dewpoint as a function of temperature was 
measured for alloys containing 88.5, 82.0, 54.4, and 

39.0 wt pct Th. The equilibrium phases for these 
alloys are respectively Th-Th,Zn, Th,Zn-ThZn,, 
ThZn,-ThZn,, and ThZn,-Th2Zn,7. The calculated 
vapor pressures are plotted in Fig. 14. Relations 
for a least square fit to these data, assuming a 
linear relation between log P and 1/T, are sum- 
marized in Table III. These relations show that the 
vapor pressure attains a value of 1 atm at 1230°K 
(967°C) for the Th2Zn,7-Th Zn, region and at 1310°K 
(1037°C) for the ThZn,-ThZn, region. Both of these 
temperatures lie below the respective eutectic tem- 
peratures and consequently at 1 atm pressure a 
vapor phase would intervene before alloys in these 
regions melt. The phase diagram given in Fig. 2 
would have to be modified accordingly if it is to 
represent the equilibrium phases at a pressure of 1 
atm. 


Table Il. X-Ray Data for Compounds in the Th-Zn System 
Lattice Constants, A 


Con- This Literature 
pound Wt PetTh — Crystal Class Investigation Values 
Th,Zn,, 29.456 thombohedral a, = 9.03* 
Cy = 13.20 
ThZn, 47.515 Bc tetragonal a= 4.273 a = 4.26? 
c, = 10.359 = 10.4 
ThZn, 63.959 hexagonal a, = 9.03 a= 4.20? 
c= 417 
Th, Zn 87.652 Bc tetragonal a= 7.60 
Co = 5.64 
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TYPICAL CURVES FOR ZINC VAPOR PRESSURE 
OF ZINC-THORIUM ALLOYS 
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Fig. 14—Zinc vapor pressure for thorium-zinc alloys as 
a function of temperature. 


It has been pointed out in the above discussion that 
the determination of the vapor pressure of zinc over 
the alloys by the dewpoint method is dependent on 
known values for the vapor pressure of pure zinc. In 
order to calculate the standard thermodynamic prop- 


erties for the thorium-zinc compounds the free energy 


energy of vaporization of pure zinc is required and in 
order to estimate the room-temperature properties 
the free energy of sublimation is required. Various 
authors have assessed the available vapor pressure 
data and other thermodynamic data for zinc and have 
derived expressions for the vapor pressure or cor- 
responding free energy relations.’*"’* The agree- 
ment with Kelley’s” relations for the vapor pressure 
is in general quite good. This is not surprising since 
the various assessments have been based to a large 
extent on the same experimental data. 

Kelley’s*’ equation for the free energy of vapori- 
zation of zinc is 


AF° = 30,092 + 6.03T logT + 0.275 x 10°°T? -45.03T 
[1a] 


from which, 


100 1.318 log T - 0.06011 10° 7 + 9.843 
[1b] 


From a consideration of Kelley’s’” revised heat 
capacity data and the data given by Stull and Sinke’® 
for the enthalpy and free energy of vaporization and 
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Table Ill. Zinc Vapor Pressure as a Function of Temperature 
for Four of the Solid Two-Phase Regions of the Thorium-Zinc System 


P Atm = aT~' +b 


Temp 


Equilibrium 
Range, °K 


Phases oa* b 


875-1215 
880-1180 
800-1220 
655-1190 


77 
61 


6.422 
6.364 


-9743 
-9119 


Th-Th, Zn 

Th, Zn-ThZn, 
ThZn,-ThZn, -8048 29 6.132 
ThZn,-Th,Zn,, -7512 41 6.117 


*oa and ob are the standard deviations for the constants a and b, respectively. 


sublimation of zinc the following relations may be 
derived: for the temperature range 692.7° to 1181°K, 


AH® = 30,547 —2.53T, [2a] 
AF° = 30,547 + 5.826T log T - 43.766T, [2b] 


-6,678 


108 10 Patm = —“pr—_— 1.274 logT + 9.568 [2c] 


and for the temperature range 298° to 692.7°K, 

AH® = 31,400 — 0.38 T 1.20 x10° T? [3a] 

AF° = 31,400 + 0.8757 logT + 1.2 x10°T? - 31.757T 
[3b] 


—6,865 
T 


0.1913 log T — 0.262 x 10°°T + 6.943 
[3c] 


Eqs. [1b] and [2c] are in very close agreement. The 
difference in log P calculated from these two equa- 
tions, [1b] minus [2c], is - 0.001 at 692.7°K and 

+ 0.004 at 1180°K. The data plotted in Fig. 14 were 
based on Eq. [1b]. Within the experimental error of 
the dewpoint data either of these two Eqs., [1b] or 
[2c], may be considered as adequately representing 
the reference vapor pressure on which the data in 
Fig. 14 are based. 

Kubaschewski and Evans’’” equation for the vapor 
pressure of liquid zinc gives values which are ap- 
preciably higher than those obtained from Eqs. [1b] 
or [2c] at temperatures near the melting point of 
zinc but gives values in good agreement for tempera- 
tures approaching the boiling point 1181°K. The 
deviation at lower temperatures is presumably due 
to consideration of effusion data for temperatures of 
300° to 360°C obtained by Vance and Whitman.’® Cor- 
rections for the use of a cylindrical orfice gave 
pressures roughly 20 pct higher than previously ac- 
cepted values. Some recent data by Schmahl and 
Sieben?’ obtained by a transport method in the tem- 
perature range 505° to 551°C give vapor pressures 
which are somewhat lower but in fair agreement with 
values calculated from Kelley’s equation. At the 
melting point the vapor pressure of solid and liquid 
must be equal. Estimation of the sublimation pres- 
sure at the melting point from Vance and Whitman’s 
data gives results which are appreciably higher 
than expected from Schmahl and Sieben’s data or 
values of the vapor pressure calculated from Eqs. 
[1b] or [2c]. Until further data are obtained to sub- 
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stantiate Vance and Whitman’s results the authors 
prefer either Eq. [1b] or [2c] and [3c] for the vapor 
pressure of pure zinc. 

The relations for the vapor pressure given in 
Table III were employed along with Eq. [2b] for the 
standard free energy of vaporization of pure zinc 
to calculate the standard free energy, enthalpy and 
entropy of formation for the compounds. 

Considering the first two-phase region in which 
the equilibrium phases are thorium, Th,Zn and zinc 
vapor at the equilibrium pressure P, the following 
relations may be combined to yield the standard free 
energy of formation for the compound Th,Zn. 


2Thcs) + Zncvy TheZns) AF° = RT In P, [4] 
Zn] Zn) AF° = -RT1nP° 
= RTInP,/P° 


2Ths) + Zn] 


The letters s, 1, and v refer to solid, liquid, and 
vapor states, respectively and P°is the vapor pres- 
sure over pure liquid zinc. Combining Eq. [2b] with 
the relation 


9743 
T 


yields the relation for the standard free energy of 
formation for Th,Zn (see Table IV). 

It should be noted that in calculating the free en- 
ergy change for the first reaction in [4] on the as- 
sumption that the logarithm of the vapor pressure is 
a linear function of 1/T neglects any temperature 
dependence in the enthalpy change AH° for the reac- 
tion. A rough estimate of the error involved can be 
obtained from the standard deviations of the slope 
and intercept for the log P vs 1/T equation. The 
resulting probable error in AF° is given by the 
relation 


where 0, and 0, are the standard deviations in the 
intercept and slope, respectively, and Taye, is ob- 
tained from the average 1/T for the measurements. 
An estimate of the probable error in AH° and AS° can 
be obtained from the standard deviation in the slope 
and intercept respectively. Similar equations hold 
for the other compounds, If heat capacity data were 
available for the compound Th,Zn an analytical ex- 
pression for the difference in heat capacity between 
products and reactants could be obtained. A more 
precise relation for AF° could then be calculated. 

The standard free energy of formation for ThZn, 
was determined from measurements of the equi- 
librium zinc vapor pressure, P,, over alloys con- 
taining Th,Zn and ThZnz and by combining the fol- 
lowing reactions: 


AF = 4.5747 (- + 6.422) 


Pype 


1/2 Th,Zms) + 
+ 3/2 AF° = 3/2 RT InP, 
3/2 Zn] y— 3/2 AF° = -3/2 RT InP° 
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Table 1V. Thermodynamic Relations for Thorium-Zinc Compounds 
for Temperature Range 692.7-1181° K 


Compound Equation 

Th, Zn AF° = -14,017 14.392T + 5.826 T log 
AH® = -14,017 - 2.53 T 

ThZn, AF° = —23,753 — 29.182 T + 11.652 T log T 
AH® = —23,753 — 5.06 T 

ThZn, AF° = ~36,281 — 60.618 T + 23.3047 logT 
= -—36,281 - 10.12T 

Th, Zn,, AF° = —106,879 263.319 T + 99.042 T log T 


AH® = -106,879 - 43.017 


This) + 
+ 1/2Zn1)—1/2 Th,Zms) 1/2AF? = RT 1InP/P° 


Ths) + 


[5] 


As is apparent from the relations in [5] the expres- 
sion for ThZn,, AFy;, is obtained from a combination 
of the equation for the vapor pressure of zinc, P,, 
(second equation in Table III), Eq. [2b] and the rela- 
tion for AF°(Th2Zn). Consequently any errors in the 
calculation of AF°(Th,Zn) will be carried over in this 
and subsequent calculations. 

The thermodynamic relations for the other com- 
pounds in this system were obtained by an analogous 
procedure. If it is assumed that the relations in 
Table III can be extrapolated to room temperature 
the room-temperature properties can be calculated. 
The free energy of sublimation for pure zinc, Eq. 
[3b] was substituted in the place of Eq.[2b] in the 
above sequence of operations. The relations obtained 
are summarized in Table V and several values cal- 
culated from these relations are given in Table VI. 


DISCUSSION OF RESULTS 


No evidence for compounds other than the four 
shown on the phase diagram was observed. The 
microstructures of thirty different compositions 
bésides those shown in this paper were examined. 
The microstructures show that the composition range 
for the compounds is within + 0.5 wt pct. 

The solubility of thorium in zinc at temperatures 
up to 600°C obtained by Smirnov et al.° is somewhat 
higher than the solubility obtained in this investiga- 
tion but is probably within the experimental error 
of the present work. The experimental procedure in 


Table V. Thermodynamic Relations for Thorium-Zinc Compounds 
for Temperature Range 298° to 692.7°K 


Compound Equation 

Th,Zn AF° = -13,164 — 2.383 T + 0.875 T log T + 1.2 7’ 
AH® = -13,164 - 0.38 T - 1.2 x 107° 

ThZn, AF° = -22,047 5.164 + 1.75T log T + 2.4 107° T? 
AH® = -22,047 0.76 T 2.4x 107°T? 

ThZn, AF° = ~32,869 12.582 T + 3.50 T logT + 4.8x 107° 7? 
= -32,869 1.52 T - 4.8 107°T? 

Th,Zn,, AF? = -92,378 — 59.166 T + 14.875T logT + 20.4 10-*T? 
AH® = -92,378 — 6.46 T T? 
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Table VI. Calculated Values for the Standard Free Energy, 
Enthalpy and Entropy of Formation 


-AF° -AH° -AS° 
Keal per Mole Kcal per Mole Cal per Mole °K 


13.1 0:7 


Temp., 
Compound 


Th, Zn 


I+ 

i) 


999 


i+ 
SCONT AMNWO AWA 


Sr 


Nore 
Don OFM ONO 


YIN w 


I+ I+ i+ 


83.7 + 6.0 


bd 
SASS 


I+ I+ 


157.3 + 6.0 


*Values for 298°K are based on pure crystalline states for reactants 
and products and the assumption that the equations in Table III can be 
extrapolated to 298°K; for all other temperatures tabulated the refer- 
ence state for zinc was taken as the pure liquid. 


each case was similar except that a tantalum con- 
tainer and an inert atmosphere was used in the 
present work and they apparently used a quartz con- 
tainer and a fused salt cover. They sampled their 
saturated zinc liquid after a settling period of 20min, 
whereas in the present investigation samples were 
taken after a settling period of 1 to 2 hr. They show 
that after a settling period of 15 min the change in 
composition with time for samples taken from the 
top of the bath is very small. In the temperature 
range from 600° to 775°C, the maximum temperature 
attained in their investigation, their results deviate 
markedly from the results obtained in this investiga- 
tion (see Table I). The reason for this departure is 
not known but may be due to side reactions with 
crucible materials. Alloys prepared in tantalum 
crucibles showed no detectable tantalum by spec- 
trographic analyses and it may be assumed that the 
tantalum content was less than 1000 ppm. Metal- 
lographic examination of the interface between the 
alloys and tantalum showed little or no evidence for 
compound formation. However, some slight pene- 
tration and erosion of the crucible walls by zinc was 
noted. 

In the absence of any information for the heat 
capacity of the thorium-zinc compounds it is dif- 
ficult to estimate the probable errors in the cal- 
culated values of AF°, AH°, and AS° for tempera- 
tures other than the mean temperatures for the 
dewpoint data. The errors resulting from extrapo- 
lation of the vapor pressure relations in Table III 
can be calculated from the standard deviations of 
the constants and the average values of 1/T for 
each of these equations. The resulting errors on 
extrapolating to 298°K, the largest extrapolation 
considered, are quite small compared to the un- 
certainty in the thermodynamic properties for pure 
zinc.’* To obtain a more realistic estimate of the 
errors involved, the thermodynamic properties were 
calculated on the basis of Kubachewski and Evans’’* 
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equations for the vapor pressure of zinc and on the 
basis of an assumed AC, for the equilibrium re- 
actions studied. The use of Kubaschewski and 
Evans’ equations results in relations for log 

P vs 1/T based on the dewpoint data which differ 
somewhat from those tabulated in Table III. How- 
ever, the calculated thermodynamic properties 

were in fairly close agreement with the values given 
in Table VI and were well within the probable errors 
indicated in the Table. Calculations were also made 
by fitting the vapor pressure of liquid zinc toa 
straight line. On the basis of these calculations the 
uncertainty in the values given in Table III are be- 
lieved to be fairly realistic. 

The relationship for the free energy of formation 
for Th,Zn,, obtained by Smirnov et al.,° AF° = -45,200 
+ 11.26 Tis in poor agreement with the relation ob- 
tained in the present work. However, on the assump- 
tion that the ThCl, in their cell 


Th,Zn,, + Zn(l)/ThC1,(1)/C1,, C 


was reduced to ThCl, upon equilibration of their cell, 
their emf data can be combined with Glasner’s’® ap- 
proximation for the free energy of formation of 
ThC1, to obtain the free energy of formation for 
Th,Zn,7 The calculated values for AF° and AH°® 
(Th,Zn,,) for 973°K are - 71.4 kcal per mole and 

— 85.0 kcal per mole, respectively. The value for 
the free energy is in fair agreement with the cor- 
responding value given in Table VI but the enthalpy 
values are in poor agreement. 
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The Gadolinium-lron System 


The constitutional diagram has been determined in part for 
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the system Gd-Fe. Seven intermetallic compounds have been 


found at compositions corresponding to the following Gd-Fe 
vatios; 2:3, 1:2, 1:3, 2:7, 1:4, 1:5, and 2:17, The GdFe, com- 
pound has a congruent melting point above 1800°C, whereas all 
of the remaining compounds melt incongruently. A eutectic 
exists at 13 wt pct Fe at a temperature of 860°C. 


ALTHOUGH an increasing amount of information is 
becoming available on the metallurgy of pure rare 
earth metals, relatively few studies have been made 
on alloy systems of the rare earths with the transi- 
tion metals; iron, nickel, and cobalt. Even less data 
are extant on gadolinium alloys although it could be 
expected that such alloys might possess interesting 
structural and magnetic properties. In this paper, 
we report investigation of the gadolinium-iron alloy 
system. Studies on systems containing nickel and 
cobalt will be presented in subsequent papers. 

Previous data on gadolinium-iron compounds 
have been reported by Endter and Klemm’ and Jep- 
son and Duwez.” Both reports agree on the exist- 
ence of the GdFez2 phase, which crystallizes with the 
C-15 type structure (face-centered cubic). This is 
in accord with results of the present work. 


EXPERIMENTAL 


The gadolinium metal used was prepared by met- 
allothermic reduction of high purity gadolinium 
fluoride. A typical analysis of the metal thus pro- 
duced indicated the principal impurities to be oxy- 
gen, 0.24 pct, and tantalum, 0.2 pct. The iron metal 
used for alloying was a reagent grade material. 

Alloys were prepared by arc melting mixtures of 
the respective metals. Appropriate quantities of the 
two component metals were carefully weighed, 
blended and compacted. The compacts were then 
melted in an arc furnace consisting of a water- 
cooled copper hearth plate and a water-cooled tung- 
sten-tipped counter electrode contained in a brass 
vacuum chamber. The furnace was evacuated to an 
absolute pressure of less than 1 yu with the leak 
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rate established as being less than 20 uy per min. 
The furnace was then back-filled to a pressure of 
25 mm of Hg, with a 75 pct He-25 pct Ar mixture. 

Arc melting at 25 v and 300 amp was maintained 
for about 30 to 60 sec until the entire visible area 
of the sample became molten, by which time sur- 
face tension had drawn the molten metal pool into a 
large bead. After allowing the furnace to cool, the 
alloy button was inverted and the melting process 
repeated. 

A series of melts was made covering entire com- 
position ranges from 100 pct Gd to 100 pct Fe. All 
samples were examined metallographically in the 
as-melted condition. As the phase diagram became 
rationalized, and differential thermal analysis had 
given indications of temperature arrests, annealing 
was carried out in vacuo or in argon. Generally, 
compositions containing more than about 60 pct Gd 
were heat treated at 750°C and alloys containing 
less than this quantity of gadolinium were annealed 
at 1000°C. Prolonged annealing times were of the 
order of 100 to 200 hr. Metallographic examination 
was repeated on the annealed materials. 

Although little material loss was noted during 
alloy preparation, chemical analyses were made on 
all specimens prepared. The following standard, 
analytical techniques were used. Samples were dis- 
solved in hydrochloric acid; insoluble material was 
filtered off, ignited and fused with potassium pyro- 
sulfate. The cold melt was leached with dilute acid 
and the solution thus obtained added to the main 
sample solution. 

Gadolinium was always determined gravimetri- 
cally as oxide from oxalate ignition. Iron was re- 
moved from an aliquot sample by electrolysis on a 
mercury cathode at approximately six volts. Gado- 
linium in the iron-free electrolyte was then preci- 
pitated as oxalate which was subsequently ignited 
to oxide. 

Iron was determined volumetrically in an aliquot 
solution by reduction with stannous chloride fol- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


VF a 


Fi 
10 
TR. 
TH 


Fig. 1—Gadolinium metal, unannealed, 
25 pet HNO, etch. X250. 


4 


lowed by oxidative titration with standard dichro- 
mate. 

Differential Thermal Analysis— The circuit used 
for differential thermal measurements consisted 
essentially of two alumel thermo-couple legs, plus 
a joint chromel leg. A Leeds and Northrup poten- 
tiometer in the circuit permitted accurate reading 
of the temperature of the alloy sample. Electromo- 
tive force differences between the sample and a ref- 
erence neutral (Ti-Mo) body, were simultaneously 
detected and amplified with a Kintel electronic gal- 
vanometer. Both curves were recorded automati- 
cally. 

The sample and reference body were heated ina 
stream of titanium-gettered argon within a tube fur- 
nace. Both heating and cooling curves were recorded 
to determine the characteristics of the thermal 
changes and reproducibility of results. The results 
obtained are shown in Fig. 21. 

Melting Point Determination— Early experiments 
to determine liquidus-solidus temperatures for the 
alloys, by a simple observation of the specimen in 
the induction furnace, did not lead to conclusive re- 
sults. It was found that both tantalum and standard 
oxide-type crucibles reacted with the samples. 

Subsequently, more precise liquidus data were 
obtained by the following method. Each alloy speci- 
men was inserted as a resistor between two tung- 
sten electrodes in an inert (argon) atmosphere. 


Fig. 4—Gd-20.9 pct Fe, annealed 
1000°C, 4 hr. 5 pct nital etch. X250. 


Reduced approximately 27 pct for reproduction. 
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Fig. 2—Gadolinium metal, annealed, 
1000°C, 4 hr. 25 pet HNO; etch. X250. 


Reduced approximately 27 pet for reproduction. 


Fig. 5—Gd-34.5 pct Fe, arc melted. 
5 pet nital etch. X250. 


» 


Fig. 3—Gd-13.1 pct Fe, annealed 
1000°C, 4 hr. 1 pct HNO; etch. X250. 


Current up to 200 amp was passed across the elec- 
trodes and through the specimen. Melting charac- 
teristics and temperatures were obtained simulta- 
neously by two workers inspecting the sample 
through a cathetometer and an optical pyrometer. 
Temperature was raised at the rate of 50°C per 
min by increasing the current and each determina- 
tion was duplicated. Several of the exothermic and 
endothermic reactions noted in the differential ther- 
mal analysis work, could also be detected visually 
on the heated sample. 

X-Ray Diffraction—X-ray diffraction patterns 
were obtained by using a General Electric XRD-5 
diffractometer under the following conditions: 


Tube operations: Copper target; unfiltered and 
0.00035" Ni filtered radiation; 45 kv, 18 ma, and 
50 kv, 16 ma, respectively. 

Apertures: 3-deg diverging slit, 0.1-deg receiving 
slit, 4-deg take-off angle. 

Counter tube: Krypton proportional counter tube 
(no quench). 

Scanning speed: 2-deg per min and 0.4-deg per 
min. 

Chart speed: 1.0 in. per min. 


Samples in both arc melted and annealed condi- 
tions were investigated and for the interpretation of 
the diffractograms, standard procedures’ were ap- 
plied. 


Fig. 6—Gd-38.9 pct Fe, arc meited. 
5 pet nital etch. X250. 
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Table |. Intermetallic Compounds in the Gadolinium-lron System 


Density, 
Grams per cc 


X-Ray Measured 
7.88 7.86 


Composition 
Wt Pct At. Pct Crystal 
Phase Fe Fe System 


Gd 0 0 


Lattice 
Constants, 


a, = 3.64 
Cp = 5.78 
a, = 8.25 
a, = 7.53 
a, = 4.72 

39°42! 
a, =5.71 
b, = 6.78 
c,= 7.15 
a, = 5.15 
Cy = 6.64 
a, = 4.92 
= 4.11 
a, = 8.39 
Cy = 8.53 


Hex. 


8.55 
8.22 
8.43 


34.9 60 
41.7 66.7 
51.5 75 


Cubic 
Cubic 
Rhomb. 


Gd,Fe, 
Gd Fe, 
Gd Fe, 


Gd,Fe, 55.6 Ortho. 8.40 


Gd Fe, 58.7 80 Hex. 8.52 


Gd Fe, 64.1 83.3 Hex. 8.38 8.18 


Gd,Fe,, 75.2 89.5 Hex. 8.04 8.00 


The single-crystal method was used in only one 
instance and the results given in Table I are based 
upon polycrystalline data. 

Metallographic Examinations— Both arc-melted 
and annealed alloy buttons, ranging in composition 
from 100 pct Gd to 100 pct Fe were sectioned, 
ground, polished, and etched for metallographic ob- 
servation. Etchants used varied according to the 
particular composition of the button. In general; 
Keller’s etch, 1 pct nitric acid, 25 pct nitric acid, 
and 5 pct Nital were the reagents employed. 


RESULTS 


Microstructure—Descriptively, metallography of 
the structures in the system is best followed from 
the photomicrographs, (Figs. 1to 19). Etchants used 
for these studies are indicated in the captions to 
these figures. 

Figs. 1 and 2 show the typical grain structure of 
gadolinium before and after annealing, the grain 
boundary apparently being developed by a second 
phase of interstitial impurity compound. 

The eutectic developing at about 13 wt pct Fe is 
clearly shown in Fig. 3. The eutectic structure is 
fine and difficult to resolve below a magnification of 
X500. 

In Fig. 4,(20.9 wt pct, annealed 1000°C 4 hr), the 
phase is the compound GdFez, with 


Fig. 7—Gd-39.6 pct Fe, arc melted. 
Kellers etch. X500. 


Fig. 8—Gd-42.9 pct Fe, annealed 
1000°C, 4 hr. 5 pct nital etch. X250. 


a gray etching Gd2Fe; which formed peritectically, 
both embedded in the eutectic matrix. At higher 
iron content (34.5 wt pct— Fig. 5), the arc-cast spec- 
imens contain approximately 50 pct of the eutectic 
composition, and a primary phase which is probably 
the GdFe, compound which solidified from the melt. 
It shows evidence of having undergone an incomplete 
peritectic reaction (or reactions) involving the lower 
iron compounds, with the unreacted liquid reaching 
the eutectic composition. The microstructure of 

the 38.9 wt pct alloy, Figs. 6 and 7,is similar, except 
that more of the primary GdFe, compound has se- 
parated from the melt, with correspondingly less 
eutectic. 

Massive grains of the GdFe2 and GdFe; compounds 
are shown in Fig. 8, in an alloy containing 42.9 wt 
pet Fe, homogenized at 1000°C for 4 hr. The struc- 
ture is predominately GdFe2 in equilibrium with 
GdFe;, in approximately the correct proportions in- 
dicated by the phase diagram. The alloy containing 
49.8 wt pct Fe, Fig. 9, is in the same two phase 
field. After homogenizing at 1000°C for 4 hr the 
microstructure consists predominately of GdFe; 
with islands of GdFez2 in equilibrium. 

Fig. 10 shows the microstructure of the arc- 
melted alloy of 52.9 wt pct Fe. This specimen was 
taken from the top of the button. Apparently the rate 
of cooling was slow enough to allow the two high 
temperature peritectic reactions to go almost to 
completion. The matrix is therefore probably GdFes, 
with remnants of both the GdFe,, and Gd2Fe, com- 
pounds, and some residual eutectic. 

Fig. 11 shows clearly the highly stable, congruent 
melting GdFe, compound, which has partially de- 
composed peritectically, and the eutectic structure. 
On the iron rich side of the 1:4 compound, Fig. 12, 

a peritectic product, GdFes, is associated with the 
GdFe, compound. This peritectically formed com- 
pound (GdFe;) is shown more clearly in specimens 
of slightly higher iron content in Fig. 13. In Fig. 14 
the 1:5 compound is predominant; the second phase 
is the peritectically formed Gd,Fe,, compound. 

Fig. 15 illustrates the structure of the Gd2Fe,, 
compound. The microstructure is essentially one 
phase, with evidence of incomplete peritectic reac- 


tions. 


Gd-49.8 pet Fe, annealed 
4 hr. 5 pet nital etch. X250. 


1000°C, 


Reduced approximately 27 pct for reproduction. 
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Fig. 10—Gd-52.9 pct Fe, arc melted, 
5 pet nital etch. X250. 


Fig. 11—Gd-58.6 pct Fe, arc me 
1 pet nital etch. X250. 


lted. 


Fig. 12—Gd-58.9 pct Fe, arc melted. 
1 pet nital etch. X250. 


Reduced approximately 27 pct for reproduction. 


o 
Fig. 13—Gd-63.7 pct Fe, arc melted. 
5 pet nital etch. X250. 


Fig. 14—Gd-68.5 pct Fe, arc melted. 
1 pet nital etch. X250. 


Fig. 15—Gd-75.8 pct Fe, arc melted. 
1 pet nital etch. X250. 


Reduced approximately 27 pct for reproduction. 


Fig. 16—Gd-86.8 pct Fe, annealed 
1000°C, 4 hr. 1 pct nital etch. X250. 


Fig. 17—Gd-90.8 pct Fe, arc melted. 
1 pet nital etch. X100. 


Fig. 18—Gd-94.9 pet Fe, annealed 
1000°C, 4 hr. 1 pet nital etch. X250. 


Reduced approximately 27 pct for reproduction. 


Interpretation of the microstructures of the high 
iron content alloys is, like the construction of the 
iron rich end of the phase diagram, tentative at this 
time. In Figs. 16 through 19 the structure is be- 
lieved to consist of light etching primary iron, the 
amount of which increases as the iron content of the 
sample increases, and a second phase, possibly a 
coarse eutectic. 

Thermal Studies— Fig. 21 illustrates data obtained 
from differential thermal analysis and melting point 
determinations. The results obtained confirmed the 
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eutectic at about 13 wt pct Fe and established the 
eutectic temperature at approximately 860°C up to 
the composition of Gd2Fes. The thermal arrest at 
1300°C, extending from the liquidus to nearly 60 wt 
pet Fe, indicates that compounds containing less 
iron than this all dissociate peritectically below 
that temperature. The intermediate arrests at 
1160°C (from the liquidus to 55 pct Fe), 1050°C 
(from the liquidus to 51 pct Fe), and at 910°C (from 
the liquidus to 42 pct wt Fe) all suggest peritectic 
dissociation of the 2:7, 1:3, 1:2, and 2:3 compounds. 
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Fig. 19—Gd-97.8 pct Fe, arc melted. Kellers etch. 
X100. Reduced approximately 27 pct for reproduction. 


Densitometry— Variation of density through the 
system is show in Fig. 20. Differentiated are values 
obtained pycnometrically, and those calculated from 
X-ray data (below). Agreement between such values 
is good when the nonhomogeneity of the specimens 
employed for pycnometry is considered. 

X-Ray Diffraction—In only one instance has it 
been possible to supplement the polycrystalline dif- 
fraction work by studies of a single crystal, how- 
ever, many analogies have been found in the three 
transition-element, alloy systems examined (gado- 
linium-iron, gadolinium-nickel and gadolinium- 
cobalt), The existence of comparable, rational struc- 
tures has greatly aided the interpretation of the dif- 
fraction patterns. 

The intermetallic compounds found, their lattice 
parameters and other data are listed in Table I. As 
indicated above GdFez2 has been reported by earlier 
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Fig. 20—Density vs composition, gadolinium-iron. 
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Fig. 21— Partial phase diagram, gadolinium-iron. 


workers’’* and, although the general structure then 
found has now been confirmed, the cell parameter 
now found is slightly larger than previously reported. 

Constitutional Diagram—Correlating the data from 
the foregoing studies, it is possible to assemble the 
constitutional diagram given in Fig. 21 for the gado- 
linium-iron system. It is clear that iron forms, 
with gadolinium, a series of compounds which are 
relatively stable. Peritectic and eutectic reactions 
on cooling are sluggish, and frequently three or 
more of the compounds can be detected by X-ray 
diffraction in a single sample even after annealing 
for 100 hr at 1000°C although, of course, concentra- 
tion ratios of these compounds vary. 

Gadolinium enters into a eutectic reaction with 
Gd2Fe; at 860°C, the eutectic composition being ap- 
proximately 87 wt pct Gd, 13 wt pct Fe. There ap- 
pears to be little solubility of iron in gadolinium at 
the eutectic temperature. The intermetallic compo- 
sitions 2:3, 1:2, and 2:7 produced with increasing 
iron content, dissociate at progressively higher 
temperatures. The most stable compound in the 
system is GdFe,, melting above 1800°C. On the 
iron-rich side of this compound 1:5 and 2:17 com- 
pounds are found, Construction of the iron-rich end 
of the system is tentative and incomplete. Additional 
experimental work will be necessary to locate field 
boundaries and invariant temperatures accurately. 
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The Gadolinium-Nickel System 


The constitutional diagram has been determined for the sys- 
tem gadolinium-nickel. Nine intermetallic compounds have been 
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found at compositions corresponding to the following gadolinium- 
nickel ratios: 3:1, 3:2, 1:1, 1:2, 1:3, 2:7, 1:4, 1:5, 2:17. The GdNi 


and GdNi, compounds have congruent melting points of 1300° and 
1500°C, respectively while the remaining compounds melt in- 
congruently. Eutectics exist at 15 wt pct Ni, 31 1/2 wt pct Ni and 
87 wt pct Ni with melting points of 670°, 880°, and 1220°C, re- 


spectively. 


In a continuing investigation of the properties of 
rare earth alloys, a study has been made of the 
gadolinium-nickel system. Previous work encom- 
passed the iron containing alloys and a subsequent 
paper will deal with the constitution of the gadolin- 
ium-cobalt system. 

Vogel,’ examined alloys of nickel with lanthanum 
and cerium. R;Ni, RNi, RNi2z, RNis, RNis, and RNis 
compounds were found. Endter and Klemm,” Fulling 
et al.* Heumann,* and Nowotny’ found the 1:2 compo- 
sitions of this series to exist ina C-15 (face-cen- 
tered cubic) structure, and the 1:5 compositions in 
a hexagonal system. Jepson and Duwez° more re- 
cently examined these 1:2 and 1:5 compositions and 
generally confirmed earlier data while Wernick 
and Geller’ most recently have given additional 
data on the GdNis compound. Comparisons with our 
results will be made in the appropriate section of 
this report. 


EXPERIMENTAL 

Methods of alloy preparation, annealing proce- 
dures, and experimental techniques have been given 
in our earlier paper.® Chemical analyses of the 
alloy samples were made by dissolving the speci- 
men in nitric acid, precipitating the gadolinium as 
hydroxide and the nickel with dimethylglyoxime. 
Both precipitates were ignited to oxide and weighed. 


RESULTS 


Microstructure— Metallography of alloy specimens 
in this series has been conducted on both arc-melted 
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and annealed materials. Etchants used have been 5 
pct nital with approximately 10 pct distilled water 
added, for high gadolinium samples; Carapella’s 
ferric chloride solution for intermediate composi- 
tions; and Marble’s (copper sulfate) reagent for 
high nickel content alloys. 

Because of difficulties encountered in the grind- 
ing and polishing of specimens containing 40 to 75 
wt pct Ni, no photomicrographs were made of such 
specimens. 

The microstructure of an arc-melted 5.3 wt pct 
Ni alloy is shown in Fig. 1. Light etching primary 
grains of gadolinium are embedded in an eutectic 
matrix. 

The microstructure of an alloy of 9.55 wt pct Ni 
alloy, Fig. 2, annealed 50 hr at 700°C, consists 
almost entirely of the intermetallic compound Gd;3Ni. 

The structure of an arc metal alloy of approxima- 
tely 19 pct Ni, Fig. 3, consists of grains of the com- 
pound GdNi embedded in the Gd;Ni2-Gd;Ni eutectic. 

The arc-cast structure of the 38.7 wt pct Ni alloy 
is shown in Fig. 4. Large primary grains of a com- 
pound rest in a matrix structure of coarse GdNi- 
GdNiz eutectic. Because of the occurrence of sev- 
eral peritectic compounds in the central region of 
the diagram, identification of the primary structure 
in this alloy is not certain. 

As has been indicated above, microstructures of 
alloy specimens containing between ca 40 and 75 wt 
pet Ni have not been photographed. These speci- 
mens were highly brittle, and macro- and micro- 
cracking were impossible to control in the grinding 
and polishing procedures. Prolonged annealing did 
not alleviate this condition. Visual observations in 
small specimens did, however, provide evidence for 
a multiplicity of phases and peritectic dissociations 
of compounds although rationalization of structures 
was not possible. 
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Fig. 1—Gd-5.3 pct Ni, arc melted. 5 
pet nital etch. Primary gadolinium in 
a Gd; Ni-Gd;Ni, eutectic. 


Gd,Ni compound. 


In Fig. 5(a) (77.9 wt pet Ni) the compound GdNi; is 
seen, in the arc-melted specimen, embedded in an 
eutectic of nickel and the Gd2Ni,7 compound; some 
peritectically formed Gd2Ni,7 is seen at the edges of 
the GdNis crystals. On annealing at 1000°C for 50, 
100, and 200 hr, the 1:5 compound was seen to react 
progressively with the eutectic nickel to give in- 
creased quantities of the 2:17 intermetallic, Fig 5(d). 
Structure of the high nickel eutectic in this sys- 
tem is well shown in Fig. 6 (85.3 wt pct Ni). A 
small residue of the 2:17 compound is also present. 
Thermal Studies— Melting points and phase arrest 
temperatures, the latter obtained through DTA, are 
shown in Fig. 8. DTA of the 9.5 wt pct Ni specimen 
revealed a change in slope at 760°C, indicating a peri- 
tectic dissociation of the Gd,Ni compound. The first 
eutectic temperature was established at 670°C, the 
second at 880°C, and the third at 1220°C. Arrests 
at 1030°C (liquidus to 52 wt pct Ni), 1060°C (liquidus 
to 57 wt pet Ni), 1170°C (liquidus to 60 wt pct Ni) 
and 1210°C (liquidus to 65 wt pct Ni) indicated that 
the 1:2, 1:3,2:7, and 1:4 compounds decompose be- 
fore melting. The arrest at 1280°C from 66 wt pct 
nickel to the liquidus indicated a peritectic dissocia- 
tion of the 2:17 compound, and established the 1:5 
compound as being that melting congruently between 
the second and third eutectic. Good agreement was 
found between melting point observations and DTA. 


Fig. 4—Gd-38.7 pet Ni, arc melted. Carapella etch. Uniden- 
tified compound in GdNi-GdNi, eutectic matrix. X500. Re- 
duced approximately 27 pct for reproduction. 
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Fig. 3—Gd-19.1 pct Ni, arc melted. 
Carapella etch. Gd Ni compound in 


Fig. 2—Gd-9.55 pct Ni, annealed 700°C, 
50 hr. 5 pet nital H,O etch. Principally 
Gd; Ni-Gd, Nip. 


Densitometry— Fig. 7 shows density variation 
with composition through the system. Good agree- 
ment is seen between measured values and those 
calculated from X-ray data. 

X-Ray Diffraction—It has been possible to estab- 
lish single crystal data for only one intermetallic 
compound, GdNi. Although no 1:1 compound was 
found in the gadolinium-iron system, existence of 
GdCo enabled a comparison of lattice data. This was 
particularly apt since Daane (private communica- 
tion) has indicated existence in the yttrium-nickel 
system of 3:1, 3:2, 1:1, 1:2, 1:3, 2:7, 1:4, 1:5, and 
2:17 intermetallics. Allowing for the difference in 
atomic radii of gadolinium and yttrium, comparison 
of structural data and lattice parameters is good. 
Table I lists the intermetallic compounds found in 
this system. Also given are lattice parameters and 
derived data. The GdNi; compound has been re- 
ported previously;”” we have confirmed the struc- 
ture and lattice parameters assigned thereto. 


Table |. Intermetallic Compounds in the Gadolinium-Nickel System 


Wt Pct At. Pct Crystal 
X-Ray Measured 
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Composition Density, 
Gd Hex. a =3.64 2 7.88- 7.86 
Gd,Ni 11.1 = 5.15 «8.18 
b, = 6.70 
Gd,Ni, 20.0 40  Tetr. a,=7.28 4 856 854 
4 a5 GdNi 27.2 50 Orth a=38 2 862 8.66 
GdNi, 42.8 66.7 Cubic a,=7.27 8 9.44 9.40 
GdNi, 52.9 75  Rhomb. a,=4.25 6 9.18 9.27 
t Gd,Ni, 56.4 77.8 Orth. a =6.05 2 914 9.12 
Gay GdNi, 60.0 80 Hex. a,=535 2 9.00 9.05 
GdNi, 65.2 83.3 Hex. a,=4.90 1 9,06 9,12 
Cy = 3.97 
Gd,Ni,, 75.8 89.5 Hex. a,=818 2 8.90 8.98 
Cy = 8.47 
Tk 


Fig. 5(@) —Gd-77.9 pct Ni, arc melted. 
Carapella etch. X750. Primary grains of 
GdNi,; in a Gd,Ni;7-Ni eutectic. (b) —Gd- 
77.9 pet Ni, annealed 1000°C 50 hr. Mar- 
bles etch. Dark etching Gd,Ni;7, forming 
at the expense of GdNis, in the eutectic 
matrix. X500. Reduced approximately 27 
pet for reproduction. 


nickel in gadolinium or of gadolinium in nickel was 
noted. Nine intermetallic compounds are formed in 
this system Gd3Ni, Gd3Niz, GdNi, GdNi2, GdNis, 
Gd2Ni7, GdNix, GdNi,, Gd2Ni,7. The 2:3 compound 
found in the gadolinium-iron system is not noted 
here. Of the intermetallics formed, only the 1:1 and 
1:5 compounds melt congruently. The remaining 
seven compounds dissociate peritectically, and 
three eutectics are found at 15, 31.5, and 87 wt pct 
Ni with respective melting points of 670°, 880°, and 


1220°C. 


O Melting Points 


nickel eutectic structure. X500. Reduced approximately 
@ DTA Arrests 


27 pet for reproduction. 


Constitutional Diagram—The constitutional dia- 
gram for the gadolinium-nickel system has been 
assembled by collating and correlating data from 
the foregoing studies. Little or no solubility of 
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density 
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Fig. 7—Density vs composition, gadolinium-nickel. Fig. 8—Phase diagram, gadolinium-nickel. 
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Fig. 6—Gd-85 i 
.3 pet Ni, arc melted. Marbles etch. High 
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Ward and S. Samson in interpreting metallographic 
and X-ray data. 
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The Gadolinium-Cobalt Sysem 


The constitutional diagram for the gadolinium-cobalt sys- 
tem has been determined. Seven intermetallic compounds have 
been found at compositions corresponding to the following gado- 


linium-cobalt ratios: 3:1, 1:1, 2:3, 1:2, 1:3, 1:4, 1:5, The GdCoa V.F.N 
compound has a congruent melting point above 1600°C, whereas ‘ow 
the remaining compounds melt incongruently. Eutectics exist R. C. Vickery 
at 16 wt pct Co and 84 wt pct Co, with melting points of 620° 

E. V. Kleber 


and 1260°C, respectively. 


Previous papers’’* have recorded constitutional 
data for systems of gadolinium with iron and nickel. 
This paper presents data obtained on alloys of gad- 
Olinium with the remaining 3d transition element— 
cobalt. Vogel® found that cerium forms, with cobalt, 
the intermetallic compounds; Ce;Co, CeCo, CeCoz, 
CeCos, CeCo4, and CeCos. Other workers* found 
the 1:2 compound in this series to exist in a C-15 
(face-centered cubic) structure and the 1:5 com- 
pound to exist in a hexagonal crystal system. Com- 
parison of earlier data with that now reported will 
be made subsequently. 


EXPERIMENTAL 


Methods of alloy preparation, annealing proce- 
dures, and experimental techniques have been pre- 
viously reported.’ The cobalt content of alloy spec- 
imens was determined volumetrically. 


RESULTS 


Microstructure— The alloy containing 10.5 wt pct 
Co corresponds closely to the composition of the 
first intermetallic compound Gd;Co. In Fig. 1 the 
microstructure is essentially single phase com- 
posed of Gd3;Co which formed peritectically. The 
globular areas are remnants of the peritectic re- 
action which did not quite go to completion. 

A eutectic occurs between GdsCo and the next 
higher compound GdCo, which is followed by a se- 
ries of peritectic compounds. Fig. 2, an arc-cast 
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alloy containing 20.2 wt pct Co, shows large pri- 
mary crystals of GdCo etching either white or black 
(depending on crystallographic orientation), embed- 
ded in the eutectic. Similarly, in Fig. 3 at 31.2 wt 
pct Co, a compound, probably GdCos, has separated 
from the melt. Subsequent peritectic reactions were 
almost completely by-passed as the alloy cooled, 
the residual liquid freezing as a fine eutectic. 

In the 47.5 wt pct Co alloy, Fig. 4, the high melt- 
ing point compound, GdCo,, has solidified as mas- 
sive, white-etching grains, which reacted with the 
liquid to form GdCo3 as the second phase. 

The microstructure of an arc-melted alloy con- 
taining 60.5 pct Co is complex, Fig. 5, and presents 
some difficulty in interpretation. The grey etching 
matrix is probably primary GdCo4. The dappled 
phase represents grains of GdCos; which have sepa- 
rated from the melt on cooling. The discrete spots 
in this phase are eutectic liquid. Small light etching 
crystallites are probably GdCo; formed by the in- 
complete high-temperature peritectic reaction. 

GdCo, is retained in arc-melted specimens con- 
taining 70.5 wt pct Co, Fig. 6. White areas of this 
compound are held in a matrix of GdCos, the appear- 
ance of which is mottled slightly by inclusions of the 
second eutectic in this system. The development of 
the spheroidized eutectic at high cobalt contents is 
depicted in Fig. 7 (80.3 wt pct Co) in which the white 
massive crystals are GdCos compound. Further de- 
velopment of this eutectic is seen in Fig. 8, the pri- 
mary white phase here being pure cobalt. 

Thermal Studies— Differential thermal analyses 
and melting point determinations have yielded the 
data shown in Fig. 10. The high gadolinium eutectic, 
indicated by microscopy, was confirmed at about 
16 wt pct Co, melting at 620°C. A eutectic also 
occurs at about 84 wt pct Co melting at about 1260°C. 
The thermal arrests at 880°, 960°, 1060°, and 1210°C, 
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Fig. 1—Gd-10.5 pet Co, arc melted, 
5 pet nital etch. Principally Gd,Co 
compound, 


Fig. 2—Gd-20.2 pct Co, arc melted. 
2 pet nital etch. GdCo in Gd,Co-GdO 
eutectic. 


Fig. 3—Gd-31.2 pct Co, arc melted. 
5 pet nital etch. Primary crystals 
of compound in eutectic. 


X500. Reduced approximately 26 pct for reproduction. 


Fig. 4—Gd-47.5 pct Co, arc melted. 
2 pet nital etch. Light etching GdCo, 
and GdCo;. 


Fig. 5—Gd-60.5 pet Co, arc melted. 

2 pet nital etch. Tentatively identified 
as primary GdCo, (grey) and primary 
GdCo,; (dappled), with small amounts 


Ve 


Fig. 6—Gd-70-5 pct Co, arc melted. 
2 pet nital etch. Massive GdCo,, light, 
and GdCo;, dappled. 


of light etching. GdCo, crystals 
formed peritectically. 


X500. Reduced approximately 26 pct for reproduction. 


suggest peritectic decomposition of all compounds 
up to GdCo4 which appears to melt congruently, The 
arrest at 1440°C from 60 to 80 wt pct Co is consid- 
ered to indicate peritectic transformation of the 1:5 
compound, while one at 420° from 65 to 100 wt pct 
Co is associated with the a/f transformation of co- 
balt. A similar transition from B to y cobalt occurs 
at 1120°C. 
Densitometry— Fig. 9 compares densities with 


z 


tm 


Fig. 7—Gd-80.3 pet Co, arc melted. 2 pct nital etch. Mas- 
sive GdCos, crystals in Co-GdCo; eutectic. X500. Reduced 
approximately 26 pct for reproduction. 
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composition in this system. Again, pycnometric 
densities are compared with those calculated from 
X-ray diffraction data. Agreement is seen to be 
good. 

X-Ray Diffraction--No single crystals were iso- 
lated in this system, consequently all data given are 
based upon powder diffraction patterns. Intermetal- 
lic compounds found, and associated data, are listed 
in Table I. Only the 1:5 compound has been previ- 


Fig. 8—Gd-91.1 pet Co, arc melted. 5 pct nital etch. Prim- 
ary cobalt in eutectic. X500. Reduced approximately 26 pct 
for reproduction. 
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Table |. Intermetallic Compounds in the Gadolinium-Cobalt System 


Cp = 3.97 


Composition Lattice Density, 
Wt Pct At.Pct Crystal Constants, _ Grams per cc_ 

Phase Co Co System X-Ray Measured 

Gd Hex. a, = 3.64 2 7.88 7.86 
Co = 5.78 

Gd,Co 11.1 25 Ortho. a, = 5.17 2 8.52 8.50 
b, = 6.72 
Co = 5.94 

Gd Co 27.3 50 Ortho. a, = 3.90 2 8.94 8.95 
by = 4.87 
Cy = 4.22 

Gd,Co, 36.0 60 Cubic a, = 7.98 6 9.60 9.56 

GdCo, 42.9 66.7 Cubic a, =7.3 8 9.36 9.20 

GdCo, 53.0 75 Rhomb. a, = 4.80 6 9.0 9.15 
= 41°32' 

GdCo, 60.0 80 Hex. a = 5.47 Zz 8.38 8.50 
Co = 6.02 

GdCo, 65.3 83.3 Hex. a = 4.97 1 8.83 8.80 


Gd3Co 


GdCo 


1 


GdCoo 


ously reported‘ for the cobalt containing system, 
although analogous systems have been found to con- 
tain 3:1, 1:1, 1:2 and other compounds. Data now 
obtained for the GdCos compound are in good agree- 
ment with those earlier presented. 
Constitutional Diagram—Correlation of data from 
the foregoing studies has led to assembly of the 
constitutional diagram presented in Fig. 10. Simi- 
larity is evident between the diagram for this sys- 
tem and that for the gadolinium-iron system.’ How- 
ever, in the gadolinium-cobalt system a 3:1 com- 
pound exists but not a 2:17; the reverse occurs in 
the gadolinium-iron system. Seven intermetallics 


GdCo3 
GdCoy 
GaCos 


| 
X measured density 


© X-ray density 
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Fig. 9—Density vs composition, gadolinium-cobalt. 
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Fig. 10—Phase diagram, gadolinium-cobalt. 


are found in the gadolinium-cobalt alloy series 

ranging from the 3:1 to 1:5 compounds. As with the 
gadolinium-nickel system,” these compounds enter 
into a relatively low-temperature eutectic reaction 
at the gadolinium-rich end; and peritectic transfor- 
mations occur at progressively higher temperatures 
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as the high cobalt end of the system is approached. 


Acknowledgment is made of the assistance of W. 


Ward and S, Samson in interpreting metallographic 


and X-ray data. 


REFERENCES 


p. 580. 


1V. Novy, R. Vickery, and E. Kleber: Trans. Met. Soc. AIME, 1961, vol. 221, 


2V. Novy, R. Vickery, and E. Kleber: Trans. Met. Soc.,AIME, 1961, vol. 221, 
585. 


5R. Vogel and W. Fulling: Metallforschung, 1947, vol. 2, p. 97. 

“F. Endter and W. Klemm: Z. anorg. Chem., 1943, vol. 252, p. 64. 

Sw. Fulling, K. Moeller, and R. Vogel: A. Metallk., 1942, vol. 34, p. 353. 
®°T. Heumann: Nachr. Akad. Wiss. Gottengen, 1948, vol. 21. 

7H. Nowotny: Z. Metallk., 1942, vol. 34, p. 247. 
®J. Jepson and P. Duwez: Trans. ASM, 1955, vol. 47, p. 523. 
°J. Wernick and S. Geller: Acta Cryst., 1959, vol. 12, p. 662. 


TRANSACTIONS OF 


THE METALLURGICAL SOCIETY OF AIME 


1600 
w | 
7 | 4) 
| 
440° 
600 
10.0 
9.8 
9.6 A 
iN 
x \Q 
9.2 
0 
: \ x 
x \ 
8.0 
rf 
8.2 
8.0) 
‘ / 
Pp 
7.6 
Gu 10 20 Hi 80 90 | Co 


The Thermal Decomposition of Cobalt Sulfate 


The reaction CoSO,(c)  CoO(c) + So,(g) was investigated from 
950° to1170°K by two different methods. The sulfate was decom- 
posed ina previously evacuated space and Pg, calculated from 
the measured total pressure on the assumption that Pso, = 2Po,. 
The sulfate was also decomposed under conditions of controlled 
oxygen pressure. The difference in the results obtained by 
these experimental techniques is attributed to the effects of 
thermal diffusion. The standard free energy change for the 
reaction is given by 


AF® = 66,292 + 17.273T log T — 102.57 T (+300 cal/mole). 
It was found by DTA and X-ray diffraction studies that CoSO4 


undergoes a transformation at 617°+ 4°C. 


Tue metal sulfates may decompose directly to the 
oxide or pass through one or more intermediate 
basic sulfates. Provided the oxidation state of the 
cation does not change in the course of the reaction, 
the decompositions may be described in general as 
follows: 


MSO, —~ MO + SO, (g) 
2MSO,— MO - MSO, + SO,(g) 


Since the properties of the oxides are generally 
known, the determination of Pso, as a function of 
temperature will suffice to determine the thermo- 
dynamic properties of the normal and basic sulfates. 

In order to determine Psp, from measurements of 
the decomposition pressure, the dissociation of SO, 
must be taken into account. 


[1a] 
[1b] 


SO,(g) ~SO,(g) + 1/2 0,(g) [2a] 
Kk, = 75050 [2b] 


At a constant total pressure of 1 atm, the extent of 
this dissociation is about 3 pct at 700°K, 30 pct at 
900°K, and 75 pct at 1100°K. It is obvious why Pso, 
cannot be identified with the decomposition pressure 
except at temperatures well below 400°C. 

If the sulfate is decomposed in a previously evac- 
uated space, SO, and O, can be present only as a 
result of the dissociation of SO,. As Eq. [2a] shows, 
there must be twice as many moles of SO, as there 
are moles of O, in the gas phase at any time. Based 
on this fact, earlier investigators assumed the exist 
ence of the following special restriction in the gas 
phase: 


Piso, = 2Po, [3] 
The following relation between the total (or de- 
composition) pressure Py and the partial pressures 
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must be true in any particular volume of the gas 
phase: 


Pr = Pso, + Pson + Pon [4] 


If Eq. [2b] and [3] are used to eliminate Pso, and 
Po, from Eq. [4], the resulting Eq. [5] permits Pso, 
to be calculated from the observed decomposition 
pressure. 


Pr P50, + 3/27/8 (k,)** (Pso,)?/8 [5] 


THE EFFECT OF THERMAL DIFFUSION 


One of the major objectives of this work was to 
determine the validity of Eq. [3] as much of the ex- 
isting sulfate data has been calculated from decom- 
position pressures by Eq. [5]. The type of apparatus 
generally used for these measurements consists of 
a reaction vessel at high temperature which com- 
municates with a manometer at room temperature. 
A temperature gradient is thus imposed on the gas 
phase causing thermal diffusion which brings about 
a partial separation of the different gaseous species 
present in an initially uniform mixture. The basic 
theory and experimental facts associated with this 
phenomenon are summarized elsewhere? and it will 
suffice to state here that the heavier gaseous spe- 
cies diffuses down the temperature gradient. Since 
thermal diffusion destroys the homogeneity of the 
gas phase, it is not necessarily true that Pso, = 2 Po, 
in any particular volume element of the gas phase 
even though there are twice as many molecules of 
SO, as of O, in the gas phase considered as a whole. 

Under these conditions, the decomposing sulfate 
gives off SO, which dissociates to SO, and O, and 
all three species are distributed throughout the sys- 
tem by thermal diffusion. However, the sulfate will 
continue to dissociate until the equilibrium value of 
Po, is established on the hot zone. Thermal diffu- 
sion may distribute SO, and O, throughout the gas 
phase in any way so long as Eq. [2b] is satisfied in 
the hot zone; i.e. Pso, (Po,)*/? = K2Psog. When a steady 
state is reached, we can characterize Pgo, in that 
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volume of gas in contact with the decomposing sul- 
fate as being some multiple, a, of Po, in the same 
volume of gas. The quantity a will depend on the 
temperature of the sulfate, the temperature distri- 
bution throughout the entire experimental system, 
the geometry of the apparatus, and so forth. 


Prog = [6] 


If Eqs. [2b] and [6] are solved simultaneously with 
[4], the resulting equation [7] relates the decompo- 
sition pressure to Ps, in a system affected by ther- 
mal diffusion. 


Pr Poo + [ta] 
Pr = + (a) (Peg)?! [7b] 
where 

f(a) = 


It is instructive to consider the case where P. 
contributes little to P;. Eq. [7b] may then be re- 
written as follows: 


8] 
Further, let Ps., be the value of P55, computed from 
equation [8] when a is assumed to be 2 and let Py, 
be the true value of Pso, which could be computed 
from [8] if the true value of a were known. Since 
the left-hand side of [8] is a constant at constant 


temperature, 

F (2) = (@) [9a] 
= (@)/F (2) [9b] 
Strangely enough it may be shown that f(a) isa 
minimum at a@ = 2 so the ratio f (a@)/ (2) is= 1 no 
matter how thermal diffusion causes @ to vary. This 
gives us the very useful limiting law that the values 
of Psp, calculated by means of Eq. [5] from d§com- 
position pressures observed in a system subfect to 
thermal diffusion, must be greater than or equal to 
the true values of Psp, for the sulfate concerned, A 
more detailed analysis reveals that this is the case 
regardless of the magnitude of Pso,. 


ELIMINATING THE EFFECT OF THERMAL 
DIFFUSION 


Although thermal diffusion cannot be prevented in 
the simple decomposition apparatus considered in 
this paper, the error which it introduces into the 
calculation of Ps, from Pr by means of Eq. [5] can 
be eliminated by the following technique: 

A metal-metal oxide couple is placed in the hot 
zone in close proximity to the decomposing sulfate. 
This couple maintains a fixed value of Pp, in the gas 
phase over the sulfate. Since the sulfate maintains 
a fixed value of P.o,, the value of Pco, in the hot zone 
is fixed because of reaction [2a]. Consequently, P7, 
the sum of the partial pressures is also fixed over 
the sulfate. Thermal diffusion will vary all the par- 
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tial pressures in cooler parts of the apparatus but 
this is of no consequence since the only function of 
the remainder of the gas phase is to transmit P; 
from the immediate vicinity of the sulfate to the 
manometer. The value of Po, in the hot zone may 
be found from a measurement of P;, a knowledge 

of K, and the oxygen pressure of the couple. 

The oxygen controlling couple must satisfy three 
requirements: 1) neither member of the couple may 
form a sulfate more stable than the sulfate being 
investigated; 2) the couple must react rapidly with 
the oxygen in the gas phase; 3) the oxygen pressure 
of the couple should not be too small or the result- 
ing decomposition pressure will be too great to be 
measured in a simple manometer.* 

*To see this, solve Eq. [2b] for Pso, and substitute it into [4]. Make 


the approximation that Po, and Pso, are small relative to Pso, 
((Po, + Pso,)/Pr never exceeded 5.6 pct in this experiment] and the re- 


sult is: 


r K,P so, 
(Po,)” 
Unless the sulfate is very stable, a small oxygen pressure will result in 
a large value of Pr. 
In this experiment, cobalt sulfate was decomposed 
in a platinum crucible according to reaction [10]. 


CoSo,(c)  CoO(c) + SO,(z) [10] 


The copper oxide couple CuO-Cu,0 was chosen to 
control the oxygen pressure in the system as it 
satisfies the three requirements set forth above. It 
determines an oxygen pressure as follows: 


4 CuO(c) > 2Cu,O(c) + O,(g) [11a] 
Ky, = Po, [11b] 


However, certain precautions had to be taken. Since 
Bertaut and Delorme? reported solid solution of 
CuO in CoO and the existence of several compounds 
between the two oxides, the copper oxides had to be 
kept close to, yet separate from CoSO, and its de- 
composition product, CoO. Assayag® showed that 
platinum could reduce both CuO and Cu,0 and alloy 
the resulting copper. The experimental results 
showed that the platinum crucibles employed actu- 
ally did reduce CuO but a control experiment in 
which the copper oxides were contained in a Vycor 
boat showed that the actual oxygen pressure in the 
system was given by Eq. [11b]. This was probably 
due to reaction [11a] occurring at a faster rate than 
the reduction of the oxides with the accompanying 
alloying and diffusion of copper into the crucible. 

If Eqs. [2b], [4], and [11b] are solved simultane- 
ously, the result assumes the form 


_ Pr-Ky [12] 


This method enables Pg, to be determined by the 
experimentally simple method of measuring Pr 
without errors due to thermal diffusion. 
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THERMODYNAMIC DATA 


Both K, and. k,, must be known as a function of tem- 
perature. Values of log K, were computed at each in- 
tegral value of 100°K from the compilation by Evans 
and Wagman.* These values were used to determine 
the constants of equations of the form log K, = a/T 
+b for interpolating over each 100°K interval. 

Professor H. H. Kellogg reviewed the existing 
data for reaction [1la].* He made a sigma function 


*Private communication. 


correlation of the high-temperature oxygen pressure 
measurements of Assayag,® Chiche,® and Roberts 
and Smyth,® with the value of AS>,,.,, for reaction 
[11a] as determined by Hu and Johnston’ by low- 
temperature calorimetry. The calculated values of 
AF° agree well with those given by Kubaschewski 
and Evans® and Coughlin.® Kellogg estimated the un- 
certainty in AF° as +500 cal per mole. He calcu- 
lated values of log Po, at each integral multiple of 
100°K and the linear equations given in Table I were 
used to interpolate to intermediate temperatures. 
The significant figures shown are required for con- 
sistency at the extremes of each 100°K interval. 


EXPERIMENTAL PROCEDURE 


The d&composition apparatus is essentially the 
same as that described by Kellogg and Basu!® ex- 
cept for an alteration that permitted pure anhydrous 
SO,(g) to be introduced into the reaction space from 
a storage flask. This feature made it easy to ap- 
proach equilibrium from both the high- and low- 
pressure sides and also helped to make up for the 
small amounts of material that could be accommo- 
dated in the special crucible arrangements em- 
ployed. The temperatures reported are accurate to 
better than+1°C. The special crucible arrange- 
ments employed are shown in Fig. 1. 

The CoSO,-7H,O and CoCO, employed were Baker 
Analyzed Reagents, low in nickel (0.04 and 0.05 pct 
resp.), the maximum impurities being alkalies and 
earths (0.2 and 0.24 pct resp.). The CuO and Cu,O 
used were Fisher Certified Reagents. The CoSO, - 
7H,O was dried to the monohydrate in a drying oven 
before use. Both cobalt salts were found easier to 
handle if they were compacted in steel dies at 4000 


_20mm,_ 
0.001" 


ry 


25mm _ 


7mm 


RUN 2 RUN II 


3 lugs equally spaced equally spaced 


(sph) 


RUN RUN 


Fig. 1—Crucible Arrangements: Run 2—Top view of stand- 
ard crucible showing 0.001" platinum foil partition; Run 
10—Standard crucible showing boat of 17 mm. O. D. Vycor 
tubing; Run 11—Cross-section of standard crucible of 0.008" 
platinum; Run 12—Special crucible of 0.008" platinum. 
Height was 27 mm., other dimensions same as standard. 


for #11) to decompose CoCo, to CoO and/or to de- 
hydrate CoSO,-H,O. With the exception of run #2, 
the reactants were evacuated for at least 6 to 8 hr 
at temperatures from 500° to 650°C to remove ad- 
sorbed gases. 

The experimental values of P7 were obtained by 
fixing the temperature and waiting for the pressure 
to build up to a constant value or by adding an ex- 
cess of SO, and waiting until the pressure decreased 
to a constant value. Equilibrium was considered to 
have been reached when the values of P7 ceased to 
show a trend with time and any fluctuations over a 


Table Il. Details of Experimental Runs 


Experi- 


psi, then broken up, and a 14-x 20-mesh fraction itt Reagents Crucible Arrangement 
selected for study. Mixtures of these salts were 
tm? # . -g pelletize pre- Standard crucible with 0. 
similarly treated. pared by decomposing CoCO, in. Pt foil separating copper 
The amounts of reagents used, their physical dis- at 300°C. and cobalt phases. 
position and the crucible arrangement employed are 5.168-g CuO ; ade 
: #10 2.9191-g pelletized mixture Cobalt mixture in standar 
given in Table I. a of CoSO,-H,O and CoCO, crucible with copper mixture 
The system was first evacuated at room tempera- in 3:2 weight ratio. 3.379-g in Vycor boat. Boat didn’t 
ture and then for 9 to 11 hr at 300° to 350°C (450°C mixture of CuO and Cu,O _touch cobalt mixture. 
in 1.2:1 weight ratio. 
#11 5.6734-g pelletized Standard crucible. 
Table CoSO, H,0. 
#12 3.613-g pelletized mixture | Cobalt mixture in two of 
Range °K Log Po, of CoSO,. H,O and CoCO, three compartments of per- 
in 3:2 weight ratio. 0.9897-g manently divided Pt cruci- 
900-1000 -14,319.1/T + 10.401 Cu,0. 6.4055-g CuO. ble. Cu,O was in bottom of 
1000-1100 -14,168.0/7 + 10.25 third compartment and CuO 
1100-1200 -13,999.2/T + 10.09 was placed on top of it. 
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Fig.2—Log Ro, vs 104/T for the reaction CoSO4(c) — 
CoO(c) + SOs(g}. 


1/2 hr period could be ascribed to temperature fluc- 
tuations or the inherent uncertainty in reading the 
cathetometer. 

The gas phase was removed and renewed four 
times in run #10, after each experimental point was 
determined in run #11, and eight times in run #12. 
This precaution was to remove any traces of CO,, 
H,O, or other adsorbed gases that might have re- 
sisted the long pumping at 500° to 650°C. 

At the completion of each run, the system was 
evacuated and the furnace was raised in order to 
cool the reactants and products as quickly as possi- 
ble. The solids were quickly placed in a dry box 
where they were ground and loaded into capillaries 
sealed with plasticene. X-ray diffraction pictures 
were then obtained in Debye-Scherrer cameras. 


DISCUSSION OF RESULTS 


Fig. 2 displays log Pso, vs 10*/T for reaction [10]. 
The values of Pso, for runs #2, #10, and #12 were 
calculated from the observed values of P; using Eq. 
[12]. Run #2 yields slightly higher pressures than 
#10 and #12 probably due to insufficient degassing 
(it was never evacuated above 305°C); still the 
agreement is good considering that CoO and CuO 
were the only phases initially present in #2 while 
CoSO, - H,O, CoCO,, CuO and Cu,O were all initially 
present in #10 and #12. A sigma correlation was 
made for the twenty-nine points of runs #10 and #12 
in which AC, for reaction[10] was chosen to be -7.5. 
This constant value was assumed as the heat capa- 
city of CoSO, has not been measured and —7.5 gave 
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the best correlation of the experimental points, the 
standard deviation of I about the mean being 0.085. 
Because of the uncertainty in AC,, the resulting 
equations for AF° and log Pso, May not be accurate 
at temperatures outside the experimental range of 
950° to 1170°K. 

The small standard deviation of the calculated I 
values demonstrates that the data was quite consis- 
tent. However, the values of Ps, calculated from 
Eq. [12] must reflect some uncertainty due to pos- 
sible errors in the measurement of P; and tempera- 
ture as well as the uncertainty in the standard free 
energy changes for reactions [2a] and [11a]. Taking 
these uncertainties to be +0.1 mm Hg, +1°C, +200 
cal per mole and + 500 cal per mole respectively, a 
detailed mathematical analysis indicated the calcu- 
lated values of Ps, were uncertain by a factor of 
+15 pct and the standard free energy change for 
reaction [10] was uncertain by + 300 cal per mole. 
Essentially none of this uncertainty was due to pos- 
sible errors of measurement of P; and temperature. 


CoSO,(c) CoO(c) + SO,(g) [10] 
AF® = 66292 + 17.2737 log T — 102.577 [13a] 
log Pio, = 22.415 3.775 log T- [13b] 


The values of Pso, calculated by means of Eq. [5] 
from decomposition pressures measured by 
Marchal,** Schenck and Raub,?? Wéhler and Flick,'* 
and also in run #11 where no oxygen controlling 
couple was employed are also displayed in Fig. 2. 
With the exception of Wéhler and Flick’s data, these 
values show considerable curvature at low tempera- 
tures. This might be explained by the presence of 
adsorbed gas but great pains were taken to eliminate 
this source of error. Moreover the data for runs 
#2, #10, and #12 plot quite linearly yet the materials 
employed in these runs were not degassed any more 
thoroughly than were those for run #11. A reason- 
able explanation for this curvature is that it was 
caused by the failure of Eqs. [3] and [5] as a result 
of thermal diffusion.* 


*Wohler and Flick used a null type of pressure measuring device which 
kept most of the gas phase in the hot zone thereby reducing the effects 


of thermal diffusion. 


It is felt that Eq.\[13b] accurately represents Bos 
as a function of temperature. The experimental 
data was much more consistent than that of the other 
investigators mentioned. In their preliminary work, 
Schenck and Raub found that porcelain boats were 
not inert in this reaction, yet Wohler and Flick, and 
Marchal carried out the decomposition in porcelain 
containers. Schenck and Raub also reported some 
interaction with the Aloska boats used in their final 
experiments. Marchal suspected that her tempera- 
ture measurements were lacking in accuracy as 
well as precision. The present experiment was free 
from all of these errors plus that due to thermal 
diffusion. 

The limiting law derived earlier seems to be ver- 
ified by the results of this experiment as the values 
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Table Ill, @ = Pso,/Po, over the Decomposing Sulfate. 
Calculated from the Data of Run #11 and Eq. [13b] 


Table IV. X-Ray Diffraction Data for CoSO 4 (©) 
ASTM Indices Quenched from 613°C Quenched from 620°C 


as Described in the Text MoK@ Rad. CrK@ Rad. 5-Hr Exposure 
T, °K a d, A Il, d,A Est. d,A Est. 
980.3 0.06 910 1 
996.0 0.11 5.90 3 
1016.5 0.19 4.79 w* 
1035.6 0.24 4.30 15 4.33 m* 4.32 
1054.2 0.31 4.15 w 4.14 
1080.5 0.47 3.93 w-m* 3.94 
1102.1 0.55 3.90 10 
1121.9 0.62 3.61 
1143.4 0.61 3.60 25 3.60 m-s 
1164.1 0.65 3.52 m 3.52 
1175.3 0.68 3-38 15 3.39 
3.36 m 
of Psp, calculated from Eq. [5] and the measured a w 2.64 
decomposition pressures (run #11) approach, but 2.58 100 . i a 
never become as small as the values of Pio, calcu- 2.51 vw* 
lated from Eq. [12] and the decomposition pressures 2.45 w 2.45 
obtained under conditions of controlled oxygen pres- 2.37 
2.33 15 
sure (runs #2, #10, and #12). 
It is interesting to see how much the values of a 2.28 
depart from the frequently-assumed value of 2. In 2.16 
order to do this, Eq. [13b] was solved for each ex- 2.13 
2.08 
perimental temperature of run #11 and the correct 2.05 
value of Py, thus obtained was substituted into Eq. 2.02 8 2.03 w 2.03 
[7a] together with the observed value of P;-from run 1.98 vw 1.98 
#11. We can thus evaluate f(a) at each temperature. i 2 1.96 = 1.97 we 
1.94 
A plot of f (@) vs @ was used to determine the cor- 1.89 3 1.90 = 1.90 
rect value of @ corresponding to each value of / (a). 1.80 8 1.80 w-m 1.81 w-m 
Although f (a) is a double-valued function, the 1.76 w 1.76 m 
smaller root was always chosen (@ <2) as this cor- 0 p a w — w-m 
responds with the known facts of thermal diffusion 1.62 
and also yields more credible values for a. The 1.58 1 1.59 w 1.59 w 
calculated values of @ are shown in Table III. 1.57 w 
It is surprising that a differs so much from the 1.55 . p> w 
assumed value of 2 but this may be due to the fact 1.52 w bas 
that the reaction vessel bears a distinct resemblance 1.50 6 1.50 w 
to the hot wire columns used by Clusius and Dickel”™* 1.46 w 1.46 
1.44 2 1.44 w 1.44 w-m 
to separate isotopes. It is also seen that increases 4g 8 1.41 
to a fairly constant value at high temperatures 1.38 vw 1.38 
whereas theoretically, the separation of SO, and O2 1.37 1 1.37 w 1.37 
should increase (corresponding to a decrease in @) a ; 1,34 w-m 1.34 
‘ ; 1.30 w 1.30 vw 
proportionally to the natural logarithm of the tem- 1.28 
perature gradient. This apparent contradiction may 1.25 vw 
be due to the fact that the volumes of the hot and 1.24 vw 
cold zones are changing with temperature and this re 


effect will be investigated in the future. 

The X-ray diffraction pictures of the solid resi- 
due of each experiment revealed CoO(c) as the oxide 
present but the remaining lines did not agree with 
the lines given for CoSO,(c) in the A.S.T.M. indices. 
An involved thermodynamic argument led to the con- 
clusion that CoSO, must be present and that the ap- 
parent contradiction of the X-ray diffraction pictures 
might be due to the presence of a high-temperature 
form of CoSO,. Differential thermal analysis shows 
that CoSO, has a small endothermic heat effect at 
about 618°C. Samples of CoSO, quenched from 612° 
to 612.9°C and from 620.2° to 620.7°C to 0°C reveal 
different crystal structures. The low-temperature 
form of CoSO, is a pink-violet color and the high- 
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*s —strong, m-s — medium to strong, m— medium, w-m — weak to me- 
dium, w — weak, vw—very weak. 


temperature form is a dull pink and consists of finer 
crystals. Chromium radiation was used for 5 hr to 
obtain the d spacings given in Table IV. The longer 
wave length of Cr permitted much better resolution 
of the lines than the Mo radiation which was used to 
obtain the pattern of CoSO, now in the A.S.T.M. in- 
dices. Unfortunately, intensities had to be estimated 
by eye, but they frequently differed significantly even 
for ‘‘identical’’ lines appearing in the patterns for 
high- and low-temperature forms of CoSO,(c). There 
is thus a transformation of CoSO,(c) at 617 + 4°C. 


VOLUME 221, JUNE 1961-595 


: 
OY 
eg 
ADE 
: 
af 


This agrees with the findings of Rentzeperis® who 
found that CoSO, changes from 8-CoSO, (very similar 
to MgSO, which belongs to space group a -Cmcm) 
to a-CoSO, (similar to CuSO, and ZnSO, so its prob- 
able space group is D2? -Pnma) somewhere between 
400° and 700°C. Rentzeperis heated a sample of 
CoSO, at 400°C for 5 days, then at 700°C for 2 days, 
then again at 400°C for an unspecified length of time. 
This sample retained the a structure. The DTA 
sample mentioned earlier was air cooled after hav- 
ing undergone the £ to a transformation and then 
analyzed again after about 6 months. No heat effect 
was observed at the transformation temperature. It 
appears that the £8 to a transformation is not readily 
reversible. 


CONCLUSIONS 


1) Thermal diffusion can affect calculated results 
by invalidating the assumed relation P.o, = 2 P,. 
Values of Pso, calculated from Py on the basis of 
this assumption will never be less than the true val- 
ues, all other things being equal. 

2) The decomposition of cobalt sulfate over the 
range from 950° to 1170°K is accurately described 
by Eqs. [10], [13a], [13b]. 


CoSO, (c)  CoO(c) + SO,(g) [10] 
AF° = 66292 + 17.273 T log T— 102.577 [13a] 
log Pg, = 22.415 -3.775 log T- 14,487/T [13b] 


3) The crystal structure of CoSO, undergoes a 
transformation at 617° + 4°C. The data for the dif- 
fraction patterns of the high- and low-temperature 
forms of CoSO, is given in Table IV. 
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Development of Copper Base High Strength-Medium 
Conductivty Alloys-Cu-Ti-Sn and Cu-Ti-Sn-Cr 


Two new precipitation hardening copper-base alloys, 
Cu-1.5 pet Ti-2.5 pct Sn and Cu-1.5 pct Ti-2.5 pct Sn-0.4 
pct Cr were developed. High strength anil medium conduc- 
tivity are obtained by solution annealing and subsequent heat 
treatment. Combination of solution annealing, cold working, 
and heat treatment increases the strength further. Good ele- 


vated temperature strength and ductility makes these alloys 


superior to copper-beryllium-cobalt alloys. 


A considerable amount of research work is being 
done throughout the world to develop new and im- 
proved copper-base alloys. In many cases, the ob- 
ject is to develop alloys having a combination of high 
electrical and thermal conductivities, and high 
strength. The problem is complicated by the fact 
that any alloying element added to increase strength, 
invariably decreases conductivity. 
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Among the few commercial precipitation hardening 
type copper-base alloys, the Cu-Be-Co alloys are 
best known. These alloys are used in many applica- 
tions that require good spring characteristics com- 
bined with high strength and moderately high elec- 
trical conductivity. They can be formed readily 
after solution annealing, then heat treated to obtain 
high strength and conductivity. 

Because of the relatively high cost of the Cu-Be- 
Co alloys, considerable research has been aimed at 
developing new lower cost alloys Laving similar 
properties. As far as is known today, the binary 
Cu-Ti alloy is the only one whose properties are 
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similar in many respects to those of the high 
strength, low conductivity Cu-Be-Co alloy, and there 
are none whose combination of properties is near 
those of the medium-strength, medium-conductivity 
Cu-Be-Co alloy. 

The present investigation was undertaken to de- 
velop a more economical alloy that would have prop- 
erties closely approaching those of the Cu-Be-Co 
alloys. 

The results of an earlier investigation of the bi- 
nary Cu-Ti alloys’ stimulated interest in the study 
of the effect of other elements on this alloy. Review 
of the literature showed that work has been done on 
several ternary systems such as Cu-Ti-Si, Cu-Ti- 
Cr, Cu-Ti-Al and others.”? Both electrical conduc- 
tivity and strength of these alloys are inferior to 
those of the Cu-Be-Co alloys. 

In the present investigation, tin was selected as 
one of the elements that might improve the proper- 
ties of Cu-Ti alloys. Review of the literature failed 
to uncover any previous work on this ternary and 
related systems. The preliminary results of the 
Cu-Ti-Sn alloys showed that tin formed a compound 
with titanium and copper. The resulting alloy had 
improved electrical conductivity. The effect of tin 
on the Cu-Ti alloy was, therefore, investigated 
thoroughly. The effect of silver, zirconium, and 
chromium on the ternary Cu-Ti-Sn alloys followed. 
This report presents the results of these investi- 
gations. 


WORK PROCEDURE 


In preparing the alloys for this investigation, 
several series of alloys were made varying one 
element within each series while holding the others 
constant. 

OFHC R copper was used for making the alloys. 
Sponge titanium, zirconium, tin, silver, and Cu-5 pct 
Cr master alloy were used for alloying. 

The alloys were made in graphite crucibles. Argon 
was used to protect the melt during melting and 
casting. One-Kg., 1.3-in. diam, castings were made 
for basic study. Some 300-lb, 8-in. diam billets 
were also made. 

In making the alloys, the copper and the Cu-5 pct 
Cr master alloy (when used) were melted simultane- 
ously. Other elements were then added at 1300°C 
(2370° F), after which time the temperature was 
lowered to 1200°C (2190°F). The alloy was then 
stirred, held about 7 min at this temperature and 
cast into copper molds. 

For metallographic examination, the specimens 
were electrolytically polished in a 33 pct phosphoric 
acid and etched as well as mechanically polished and 
etched with potassium bichromate .* The structure of 
cast and wrought specimens was studied prior to 
and after solution annealing and heat treatment. 

To determine the hot workability, the alloys were 
preheated at different temperatures between 800° to 
900°C (1470° to 1650° F) and hot rolled from 1.0-in. 
machined castings, to 0.250-in. diam rods. Large 
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castings were hot forged from 8-in. billets to 1.5- 
and 2.5-in. sq rods. After hot working, they were 
solution annealed and quenched and then cold worked 
to different sizes. Cold workability was studied by 
cold rolling and wire drawing, with total reductions 
up to 90 pct. Properties were determined on 0.081- 
in. and 0.132-in. diam wires, 0.250-in. rod, and 
0.05-in. sheet. Annealing and heat treating were 
performed in a closely controlled laboratory furnace 
under heavy charcoal cover to protect against oxida- 
tion. Some tests were carried out also by heating 
the speciments in air to determine the effect of 
oxidizing atmosphere on the properties of the alloys. 

Room-temperature properties, such as hardness, 
tensile properties, and electrical conductivity were 
determined as a function of composition, heat treat- 
ing temperature and time, and cold working. Some 
work was also done to determine the short-time 
tensile properties at 300° and 425°C (570° to 795° F). 
A commercial copper-beryllium alloy containing 
0.65 pct Be, 2.70 pct Co, and balance copper was also 
tested at these temperatures for comparison pur- 
poses. 


RESULTS AND DISCUSSION 


A) Cu-Ti-Sn Alloys—Melting and Casting—Six Series 
of Cu-Ti-Sn alloys for a total of forty-one castings 
were made. The titanium content of the alloy series 
was 0.25, 0.50, 0.90, 1.60, 1.90, and 2.90 pct; tin 
varied from 0.21 to 5.21 pct with balance copper. No 
difficulties were encountered during melting and 
casting. Titanium and tin dissolved readily in copper 
and only a thin layer of dross formed in the surface 
of the molten alloy. It appeared that this layer was 
much thinner in the Cu-Ti-Sn alloys than in the Cu- 
Ti binary alloys. Similarly, the reaction of titanium 
with carbon was not nearly as great when the tin was 
present. However, a thin film of titanium carbide 
was formed in the crucible walls. 

Microstructure—The cast structure of the alloys 
was examined by microscope. Two phases are 


~ 


Fig. 1—Cu-1.6 pct Ti alloy. Cast condition. The spherical 
black inclusions are Cu3Ti. Electrolytic polishing and 
etching. X960. Reduced approximately 28 pct for repro- 
duction. 
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Fig. 2—Cu-1.6 pct Ti-2.5 pct Sn. Cast condition. The dark 
phase in a matrix is TiSn-rich compound. Note the differ- 
ence in structure in Fig. 1. Electrolytic polishing and 
etching. X960. Reduced approximately 28 pct for repro- 
duction. 


present in binary Cu-Ti alloys containing a minimum 
of 0.50 pct Ti. Those containing less than 0.50 pct Ti 
are single phase. Addition of 0.35 pct Sn to the Cu- 
Ti alloy forms a second phase. The amount of the 
second phase increases with increasing titanium and 
tin. Its appearance differs from that of the Cu,Ti 
present in the Cu-Ti binary alloys. 

When the titanium content is maintained constant 
and the tin increased, the amount of the second 
phase is increased, indicating that the titanium is 
absorbed from solid solution to form a ternary 
compound with tin and copper, and that the solubility 
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Fig. 3—Solid solubility of tin in Cu-1.6 pct Ti alloy. 


598-VOLUME 221, JUNE 1961 


of this compound is less than that of titanium or tin 
alone. The appearance of the structure of the Cu- 
1.6 pet Ti binary alloy is shown in Fig. 1. Fig. 2 
shows the alloy with the same amount of titanium but 
with the addition of 2.5 pct Sn. 

Because the most desirable combination of me- 
chanical and physical properties were obtained with 
a series of alloys containing 1.6 pct Ti and 0.25-3.5 
pet Sn, the solid solubility of tin in the Cu-1.6 pct Ti 
alloy was determined by thermal treatment and sub- 
sequent microscopic examination. It was found that 
close to 2.5 pct Sn is soluble in Cu-1.6 pct Ti alloy 
at the eutectic temperature of 885°C (1625° F). Fig. 3 
shows the phase diagram representing a constant 
ratio of Cu-Ti with a varying tin content. 

Hot and Cold Worrability—The behavior of the 
alloys was observed during hot rolling from 1.0 in. 
casting to 0.250 in. rod. The castings were pre- 
heated in a charcoal bed for 1 hr at different tem- 
peratures between 800° to 900°C (1470° to 1650° F) 
and then hot rolled. These tests showed that the Cu- 
Ti-Sn alloys can be hot rolled without difficulty when 
preheated below the eutectic temperature. The most 
suitable preheating temperature is in the neighbor- 
hood of 850°C (1560°F). The hot workability rating 
of the alloys is shown in Table I. 

Cold working of the alloys, either by wire drawing 
or sheet rolling was accomplished without difficulty. 
More extensive tests on the alloy containing Cu-1.6 
pet Ti-2.5 pct Sn showed that it can be cold worked 
over 90 pct without intermediate anneals. Both in- 
termediate annealing and solution annealing were 
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Fig. 4—Hardness as a function of aging temperature— 
0.250-in. diam rod. Specimens solution annealed at 900°C 
(1650°F) for 1 hr, quenched and aged at different tempera- 
tures for 2 hr. 
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Table I. Some Properties of Cu-Ti-Sn Alloys 


Solution Annealed at 875° C, 1605° F, 
Aged at 450° C, 840° F, for 8 Hr 


Solution Annealed, Cold Drawn 85 Pct and 
Aged at 400° C, 750° F, for 2 Hr 


Ultimate 
Tensile 
Strength, Psi 


Approximate 
Solid 
Solubility Hot 
Pct Sn of Ti-Sn Workability Psi 


Yield 
Strength, 


(0.1 Pct Offset) 


Elec. 

Elong., Cond. 
Pet in Pct 

2 In. IACS 


Ultimate Yield 
Tensile Strength, 
Strength, Psi 

(0.1 Pct Offset) 


Elec. 
Elong., 
Pct in 
2 In. Psi 


Series ‘‘C’’ —Cu-1.60 pct Ti-Sn 


complete solubility 
complete solubility 
complete solubility 
complete solubility 
complete solubility 
complete solubility 
limit of solubility 
not soluble 

not soluble 


89,000 
87,500 
83,500 
83,500 
85,000 
85,000 
82,000 
81,000 
susceptible 82,700 
to cracking 


10.0 
11.0 


17.0 
17.0 
18.0 
19.0 
24.5 
34.0 
30.5 
37.0 
35.0 


118,000 
118,000 
118,000 
118,000 
128,500 
132,000 
132,000 
120,000 
124,000 


109,000 
109,000 
109,000 11.0 
109,000 11.0 
118,000 8.0 
120,000 8.0 
120,000 7.0 
113,000 6.0 
113,000 7.0 


carried out at 875°C (1650° F) to maintain the one 
phase structure. 

Properties—Since response of the alloys to pre- 
cipitation hardening was of prime importance, the 
effect of composition and of heat treating tempera- 
ture on hardness was studied on 0.250-in. rod spec- 
imens of the alloy series containing Cu-1.6 pct Ti- 
0.25-3.5 pct Sn. The effect of heat treating tempera- 
ture on the hardness of alloys with and without ad- 
dition of tin is shown in Fig. 4. 

The results show maximum precipitation harden- 
ing at 450°C (840° F) and 475°C (885° F) depending on 
the tin content; that is, the binary Cu-1.6 pct Ti alloy 
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Fig. 5—Effect of tin on the hardness of the Cu-1.6 pct Ti 
alloy—0.250-in. rod specimens solution annealed at 900°C 
(1650°F) for 1 hr, quenched and then aged for 2 hr at the 
temperature giving the maximum precipitation hardening. 
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and the same alloy with less than 2.25 pct Sn reach 
maximum hardness at the higher temperature, 
whereas the alloys containing greater amounts of tin 
harden most at 450°C (840° F). The results indicate 
also that the hardness of the latter group is more 
sensitive to temperature change than is the hard- 
ness of the lower tin alloys. Hardness as a function 
of tin content in a 1.6 pct Ti alloy is shown in Fig. 5. 
It is interesting to note that the maximum hardness 
is obtained by 2.5 pct tin. These results show that 
the Cu-1.6 pct Ti-2.5 pct +0.5 pct Sn alloys have a 
great response to precipitation hardening and they 
also indicate that the maximum solid solubility of 
tin in the Cu-1.6 pct Ti alloy is close to 2.5 pct be- 
cause maximum hardening was obtained with this 
amount of tin. 

Because of the encouraging results obtained, the 
investigation was carried further to determine the 
tensile strength and electrical conductivity of the 
alloy series. This work was done with 0.081-in.- 
diam wire specimens. 

The alloys containing Cu-1.6 Ti-2.25-3.0 pct Sn 
exhibit the best combination of tensile strength and 
electrical conductivity along with good ductility. 
Those containing less titanium and tin have lower 
strength, whereas, increasing titanium to 1.90 pct 
and tin to about 3.0 pct causes higher strength and 
lower conductivity. The other factor that limits the 
tin content to the 2.25 to 2.75 pct range with close to 
1.6 pct Ti is the hot workability, z.e., although 
higher titanium and tin contents give a good com- 
bination of properties, the alloys’ hot workability is 
limited. Some properties of the Cu-1.6pct Ti-0.25 to 
3.5 pet Sn alloys are shown in Table I. 

As shown by the hardness tests, Figs. 4 and 5, the 
ternary Cu-1.6 pct Ti-2.5 pct Sn alloy exhibits 
higher hardness than the binary Cu-1.6 pct Ti alloy 
after 2 hr heat treatment. The tensile strength, 
however, was lower for the ternary alloy than for 
the binary after solution annealing and heat treating 
for 8 hr. Over-aging had taken place in the ternary 
alloys during the 8-hr period. When cold worked 85 
pet and aged 2 hr at 400°C (750° F), the ternary 
alloys exhibit higher strength and electrical conduc- 
tivity than the binary alloys. 
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binary 59,000 13.0 22.0 Mele 
0.25 58,000 15.0 19.5 
0.50 56,000 13.0 19.0 
0.75 56,000 13.0 18.0 
: 
1.50 58,000 14.0 17.0 eo 
2.25 60,000 10.0 34.0 
2.50 60,000 10.0 40.0 
3.00 53,700 13.0 37.0 
3.50 55,000 15.0 39.0 
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Effect of heat treating time at 450°C (840° F) on 
the properties of the Cu-1.5 pct Ti-2.5 pct Sn alloy 
was determined. The results are shown in Fig. 6. 
The alloy should be heat treated from 6 to 8 hr in 
order to obtain any appreciable increase in elec- 
trical conductivity. During this time, it is overaged 
somewhat as indicated by the slight drop in tensile 
strength. After 8-hr heat treatment, over 80,000 psi 
tensile strength, 60,000 psi yield strength, 10 pct 
elongation, and 40 pct I.A.C.S. electrical conduc- 
tivity were obtained. 

It was observed during solution annealing and lower 


temperature heat treating that the Cu-Ti-Sn alloys 
are susceptible to internal oxidation, while the binary 


Fig. 7—Cu-1.5 pet Ti-2.5 pet Sn-0.7 pet Cr. Cast condition. 
Gray inclusions in a and TiSn phase are chromium-rich 
phase. Electrolytically polished and etched. X960. Re- 
duced approximately 28 pct for reproduction. 
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Cu-Ti alloys have good resistance to oxidation. Ap- 


parently the tin is the cuase of this inferior property. 


Oxygen diffused readily into the alloy forming a band 


of rather coarse oxide inclusions in the alpha matrix. 


This condition has a depressing effect on the 
strength of the alloy. For instance, after 0.132-in.- 
diam wire specimens were heat treated in air at 
475°C (885°F) for 2 hr, the tensile strength was 
76,000 psi; whereas the strength of the same wire 
was 83,000 psi after heat treating in the charcoal 
bed. It is apparent that the solution annealing and 
heat treatment of the Cu-Ti-Sn alloys must be done 
in a protective atmosphere. 


ya’ 
. eva 


Fig. 8—Same as Fig. 7 after mechafical polishing and 
etching with potassium bichromate. This figure shows 
the chromium-rich gray phase distinctively. X960. Re- 
duced approximately 28 pct for reproduction. 
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Despite the excellent combination of strength, 
ductility and conductivity of the Cu-1.6 pct Ti-2.50 
pct Sn alloys, their strength is about 20,000 psi 
lower than that of the medium strength, high conduc- 
tivity Cu-Be-Co alloys. On the other hand, the prop- 
erties of the Cu-Ti-Sn alloys are better than other 
high strength, medium conductivity Cu-base alloys 
and it has also some advantages over the Cu-Be-Co 
alloy, such as lower cost and lack of toxicity, which 
makes alloying and casting safer. 

Additions of Zr, Ag, and Cr to Cu-Ti-Sn Alloys— 
In order to increase the strength of the Cu-Ti-Sn 
alloys without sacrificing electrical conductivity, the 
effect of other alloying elements was investigated. In 
designing these alloys, it was believed that the addi- 
tional element(s) should have limited solubility at 
elevated temperatures and that they should not com- 
bine with titanium and tin but rather form an inde- 
pendent compound with copper. This compound 
would precipitate independently with the titanium-tin 
compound during heat treatment and contribute ad- 
ditional strength to the alloy. 

Silver, zirconium, and chromium were selected as 
those which might possibly improve the Cu-1.6 pct 
Ti-2.5 pet Sn alloy. 

When up to 0.96 pct Ag is added to the alloy, there 
is no noticeable effect. Zirconium, however, com- 
bines with tin and lowers the eutectic temperature to 
about 850°C (1560°F). A small amount, 0.15 to 0.60 
pct, of zirconium depresses the electrical conduc- 
tivity considerably. For instance, prolonged heat 
treating increased the electrical conductivity to only 
33 pct I.A.C.S. instead of over 50 pct I.A.C.S. ob- 
tained with the ternary Cu-Ti-Sn alloy. Apparently 
the affinity of zirconium for tin is greater than the 
affinity of titanium for tin. Excess titanium, there- 
fore, remained in solid solution, and as a result 
electrical conductivity was depressed. 

The preliminary results of the Cu-Ti-Sn-Cr 
alloys were encouraging, therefore, an extensive 
study was made on this alloy system. 

B) Cu-Ti-Sn-Cr-Alloys—Melting and Casting—Sev- 
eral alloys of copper containing 0.85 to 1.71 pct Ti, 
1.53-3.24 pct Sn and 0.06 to 1.61 pct Cr were made. 
Melting and castings were carried out in the manner 
similar to the ternary Cu-Ti-Sn alloys with the 
exception that the Cu-5 pct Cr master alloy was 
melted simultaneously with copper. These alloys 
were melted and cast without difficulties and sound 
castings were produced. 

Microstructure —The cast structure of the Cu-1.5 
pet Ti-2.5 pct Sn-0.06-1.6 pct Cr alloys was studied. 
It was interesting to learn that, in addition to the a 
and the TiSn-rich phase, a third phase was present. 
The amount of the third phase increased with in- 
creasing chromium content. The appearance and 
color of it was the same as the Cr-rich phase pre- 
sent in the copper-chromium binary alloy. The cast 
structure of the Cu-1.5 pct Ti-2.5 pct Sn-0.70 pct Cr 
alloy is shown in Figs. 7 and 8. 

These observations show that chromium does not 
combine with titanium and tin but forms an inter- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


mediate solid solution or a compound with copper. 
The chromium rich phase dissolved almost com- 
pletely during solution annealing at 875°C (1605° F) 
and there were indications that its solid solubility 
is the same as it is in the binary copper-chromium 
alloy. Thus, only about 0.25 pct chromium can be 
dissolved at 875°C (1605° F). 

Hot and Cold Workability—These alloys, like the 
ternary Cu-1.6 pet Ti-2.5 pct Sn alloys, possess 
excellent hot workability. The preheating and hot 
working temperature is the same for both alloys. 

In addition to the hot rolling of the small labora- 
tory castings, a 300-lb, 8-in. diam billet was hot 
forged to 2.5 by 2.5 in. and 1.5 by 1.5-in. sq rods. 
The billet was first preheated at 850°C (1560° F) for 
1 hr and then hot forged. It behaved well during hot 
forging. 

The alloys were cold worked up to 90 pct by 
rolling and wire drawing. No difficulties were en- 
countered. 

Properties— Solution Annealed and Heat-Treated 
Alloys—The investigation of the properties of the 
Cu-Ti-Sn-Cr alloys was begun by determining the 
effect of chromium on the Cu-1.5 pct Ti-2.75 pct Sn 
alloy. These alloys prepared had different amounts 
of chromium ranging from 0.06 to 1.61 pct. The re- 
sponse of the alloys to heat treatment was deter- 
mined by tensile testing and electrical conductivity 
measurement. The 0.132-in. diam wire specimens 
were first solution annealed at 875°C (1605° F) for 
30 min, quenched, and then aged at 450°C (840°F) for 
8 hr. The results of these tests are shown in Fig. 9. 

Chromium improves the tensile strength and 
elongation properties considerably while electrical 
conductivity remains unchanged. The full effect of 
chromium is attained at a minimum of 0.25 to 0.30 
pet. This amount raises the ultimate strength and 
yield strength about 13,000 to 15,000 psi and elon- 
gation is increased from 10 to 16 pct by the 8-hr 
heat treatment. 

The best combination of strength and conductivity 
are obtained on the quaternary alloy with 2.75 pct 
Sn, when heat treated after solution annealing. But 
when cold worked prior to heat treatment, the alloy 
with 2.5 pct Sn exhibits the best properties. Based 
on these results, it appears that the titanium content 
should be 1.3 to 1.7 pct, tin 2.25 to 2.75 pct and 
chromium a minimum of 0.25 pct. It is suggested 
that the nominal composition be Cu-1.5 pct Ti-2.5 
pet Sn-0.4 pet Cr. With this composition, the de- 
sirable properties are obtained. 


Table Il. Effect of Solution Annealing Temperature on the 
Properties of the Cu-1.6 Pct Ti-2.25 Pct Sn—1.07 Pct Cr Alloy 


0.132 In. Diam Wire Solution Annealed for 30 Min and 
Quenched and Aged at 450° C, 840° F 


Solution Yield 

Annealing Heat Tensile Strength Elonga- Elec. 

Tempera- Treating Strength, (0.1 PctOffset) tion, Pct Cond. 

ture,°C Time,Hr Psi Psi in 2In. Pct IACS 
825 10 89,000 68,000 18.0 46.0 
825 14 80,000 63,000 16.0 51.5 
875 10 98,000 80,000 16.0 46.0 
875 14 87,000 70,000 14.0 49.0 
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Fig. 9—Some properties of Cu-1.5 pct 
Ti-2.75 pet Sn-Cr alloys as a function of 


chromium content. 0.132-in. diam wire 
solution annealed at 875°C (1607° F) for 
30 min, quenched and aged at 450°C 


TENSILE STRENGTH, 1000 psi 
3 


(840°F) for 8 hr. 


ELONGATION, % IN 2 INCHES 
ELECTRICAL CONDUCTIVITY, % IACS 


WEIGHT, % Cr 


The effect of 825°C (1515° F) and 875°C (1605° F) 
solution annealing temperatures was determined. 
The results are shown in Table I. The best combin- 
ation of the strength and conductivity was obtained 
when solution annealing was done at 875°C (1605° F). 


The effect of small variation in heat-treating tem- 
peratures was studied. This alloy is quite sensitive 
to temperature variation, 7.e., +10°C (18°F) affects 
the properties. This observation agrees well with 
the hardness results of the Cu-Ti-Sn ternary alloys, 
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ELONGATION 
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Fig. 10—Cu-1.5 pet Ti-2.75 pct Sn-0.6 pct 
Cr. Some properties as a function of aging 
time.—0.132-in. wire solution annealed at 


TENSILE STRENGTH, 1000 psi 


875°C (1607°F) for 30 min, quenched and 
aged at 450°C (840°F). 


ELONGATION, % IN 2 INCHES ELECTRICAL CONDUCTIVITY, % IACS 
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Fig. 11—Some properties as the function of aging tempera- 
ture. Solution annealed at 875°C (1607°F) 30 min, quenched 
and cold drawn to 0.081-in. wire (63.8 pct rod). Aged for 

2 hr. 


Fig. 4, which also indicates the sensitivity of the 
alloys to temperature. The heat-treating tempera- 
ture for the alloy that has not been cold worked be- 
tween solution annealing and precipitation heat 
treatment should be 450°C (840° F). 

The effect of time at 450°C (840° F) on solution 
annealed wire was determined. The alloy containing 
Cu-1.5 pet Ti-2.75 pct Sn-0.6 pct Cr was subjected 
to this series of tests. The results are shown in 
Fig. 10. The best combination of properties is 
achieved by a 6 to 8 hr heat treatment. After this 
length of time, the tensile strength of 95,000 psi, 
yield strength of over 70,000 psi, 13 to 16 pct elon- 
gation and 40 to 46 pct I.A.C.S. electrical conduc- 
tivity are characteristic. 

b) Cold-Worked and Heat-Treated Wire—All the pre- 
ceding work was carried out to determine the prop- 
erties of solution annealed and heat-treated mater- 
ial. The following part of the investigation presents 
the properties of cold-worked and heat-treated 
wire. Two alloys of Cu-Ti-Sn-Cr, one containing 


2.5 pet and the other 2.75 pct Sn were tested. Their 
properties were compared with those of the ternary 
Cu-1.5 pet Ti-2.5 pct Sn alloy. 

Some properties, such as tensile strength, elon- 
gation, and electrical conductivity of 0.081-in., 63.8 
pet cold-worked wire were determined as a function 
of temperature. The results of these series of tests 
are shown in Fig. 11. 

It is interesting to note that the cold-worked Cu- 
Ti-Sn-Cr alloys have ultimate strength close to 
10,000 psi higher than that of the Cu-Ti-Sn alloy. 
The electrical conductivity of the quaternary alloy 
containing 2.5 pct Sn is the same as that of the ter- 
nary alloy, whereas the quaternary alloy containing 
2.75 pct Sn has slightly lower conductivity. The elon- 
gation of all the alloys is similar. 

The slight overaging of the 63.8 pct cold-drawn 
wire at 425°C (795°F) decreases the strength but 
gives higher electrical conductivity. The effect of 
time at this temperature is shown in Table III. It 
appears that from 2- to 3-hr heat treatment at 425°C 
(795°F) is sufficient to give desirable properties. 

Properties as a function of cold working by wire 
drawing were determined. The specimens were 
tested in the cold-worked condition as well as after 
heat treatment at 450°C (840°F), Fig. 12. The spec- 
imens cold drawn 22 and 37 pct must be heat treated 
for 3 hr at this temperature to obtain better than 40 
pet I.A.C.S. conductivity, whereas those cold drawn 
53 pet and more attained over 40 pct I.A.C.S. con- 
ductivity after 2 hr. 

If heat treated at lower temperatures, such as 
425°C (795°F), the strength is increased consider- 
ably as shown in Fig. 11 and Table III. In addition to 
the high strength, the cold-worked and heat-treated 
alloy has 10 pct elongation and 42 to 46 pct I.A.C.S. 
electrical conductivity. 

c) Cold-Worked and Heat-Treated Sheet—Properties 
of 0.05-in. thick sheet were determined. Material 
for this series of tests was made by hot rolling, sub- 
sequent solution annealing and cold rolling by vari- 
ous amounts. The cold-rolled specimens were then 
heat treated at 425° and 450°C (795° and 840°F) 
from 3 to 6 hr. 

Heat treating at 425°C (795°F) for 3 hr produces 
high tensile strength of 100,000 to 128,000 psi, but 
the electrical conductivity of less than 60 pct cold- 
rolled sheet is below 40 pct I.A.C.S. When cold 
rolled more than 60 pct, the conductivity is over 40 
pet I.A.C.S. In order to obtain 42 to 50 pct I.A.C.S. 
electrical conductivity and 7 to 12 pct elongation, the 


Table Ill. Effect of Heat Treating Time at 425° C (795°F) on the Properties of 63.8 Pct Cold Drawn 0.081 In. Wire 


Yield 
Tensile Strength, Electrical 
Strength, 0.1 Pct Offset Elongation, Conductivity 

Alloy Time, Hr Psi Psi Pct in 2 In. Pct IACS 
Cu-1.5 Pct Ti-—2.5 Pct Sn—0.7 Pct Cr cold-worked condition 108,000 96,000 2.5 6.4 
2 121,500 108,500 8.0 43.0 
3 120,000 106,500 9.0 45.0 
4 119,000 104,000 10.0 45.0 
co 116,000 99,500 9.0 48.0 
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sheet material must be heat treated at 450°C 
(840°F) for 4 to 6 hr. After this treatment, the ten- 
sile strength is 98,000 to 115,000 psi. The greater 
the amount of cold work, prior to heat treatment, 
the higher the electrical conductivity and strength. 

A summary of the properties of cold-rolled and 
heat-treated sheet along with those of solution an- 
nealed and heat-treated material is given in Table 
IV, and compared with properties of Cu-0.4 pct 
Be-2.6 pct Co. The properties of the latter alloy 
were obtained from Ref. 5. It is interesting to note 
that the room-temperature properties of the Cu-1.5 
pet Ti-2.5 pct Sn-0.4 pct Cr alloy are comparable to 
those of the Cu-0.4 pct Be-2.6 pct Co alloy. 

d) High-Temperature Tensile Properties— The short 
time high-temperature tensile properties of the Cu- 
1.5 pct Ti-2.5 pct Sn-0.5 pct Cr alloys were deter- 
mined and compared with those of Cu-1.5 pct Ti-2.5 
pct Sn and a commercial Cu-0.65 pct Be-2.70 pct Co 
alloy. This series of tests was made on 0.250-in.- 
diam rod specimens solution annealed and aged to 
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obtain optimum properties. The results are shown 
in Table V. ; 

The new alloys exhibit good ductility and strength 
at elevated temperatures, whereas the Cu-0.65 pct 
Be-2.70 pct Co alloy is extremely brittle at elevated 
temperatures. In many instances, the specimens 
broke at the thick section along the bottom of the 
thread, indicating a tendency toward notch brittle- 
ness. In order to fracture the specimens within the 
gage length, this area had to be machined down to 
0.2 in. diam. Although several specimens were 
tested to assure the accuracy of the results, none of 
them showed any elongation nor reduction of area. 
The appearance of the fracture of the alloys is shown 
in Fig. 13. The copper-beryllium-cobalt alloy also 
has considerably lower proportional strength and 
somewhat lower ultimate strength than the two other 
alloys. 

It is worth mentioning that the low beryllium- 
copper (Cu-0.4 pct Be-2.6 pct Co) is used in many 
elevated temperature applications, such as resis- 
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Table IV. Some Typical Room-Temperature Mechanical and Physical Properties of the Cu-1.5 Pet Ti-2.5 Pct Sn—0.5 Pct Cr Alloy 
Compared with Cu-0.4 Pct Be—2.6 Pct Co Alloy 


Cu-1.5 Pct Ti-—2.5 Pct Sn—0.5 Pct Cr 
Sol. Annealed Sol. Annealed 


Cu—0.4 Pct Be—2.6 Pct Co 


Sol. Annealed 


and Heat Cold Worked* and 
Sol. Annealed Treated at Heat Treated at Cold Worked, 
at 875°C (1605° F) 450°C (840°F) 450° C (840° F) Sol. Annealed Hard and 
Property Quenched for 6 to 8 Hr for 4 to 6 Hr Sol. Annealed and Heat Treated Heat Treated 
Ultimate tensile strength, psi 45 to 55,000 90 to 100,000 98 to 115,000 34 to 50,000 88 to 108,000 98 to 116,000 

0.2 pct offset - 75 to 85,000 - - - _ 

0.1 pct offset - 70 to 80,000 85 to 95,000 18 to 28,000 70 to 90,000 94 to 108,000 
Proportional limit, psi - 45 to 60,000 55 to 75,000 8 to 18,000 48 to 68,000 66 to 86,000 
Modulus of elasticity, psi - >18,000,000 - - 16 to 17,000,000 - 
Elongation, pct in 2 in. 35 to 40 13 to 17 7 to 12 20 to 35 8 to 15 5 to 12 
Ductility, pct reduction in area 37 32 
Vickers hardness 80 200 to 210 230 to 250 65 to 85 190 to 230 210 to 240 
Rockwell hardness 20 to 30 Rg 90 Rp 67 to 75 Rg - - - 
Electrical conductivity, pct IACS 7 40 to 48 42 to 50 20 to 25 48 to 52 45 to 48 
Specific gravity, g/cm? 8.805 8.8 


*-0.05-in. sheet cold rolled 16.6 to 80.0 pct. 


tance welding. Electrodes and electrode holders are 
made from this alloy. In certain elevated tempera- 
ture applications, this alloy has shown a tendency 
toward extreme brittleness resulting in failure of 
the part. Because the Cu-1.5 pct Ti-2.5 pct Sn-0.4 
pet Cr alloy has superior elevated temperature 
properties, it is more desirable than the copper- 
beryllium-cobalt alloy. 


é) Resistance to Oxidation—Contrary to the Cu-Ti-Sn 


ternary alloys, the Cu-1.5 pet Ti-2.5 pct Sn-Cr 
alloys possess excellent resistance to diffusion of 
oxygen. This observation was made during preheat- 
ing and heat treating of the specimens at different 
temperatures. It appeared that only a film of oxide 
is formed. During severai hours heat treatment at 


450°C (840°F), and even at higher temperatures, the 


rate of oxidation is relatively slow. Apparently, the 
layer of chromium oxide is formed readily, and be- 
ing extremely dense, retards further diffusion of 
oxygen. 

Although no corrosion studies were made on Cu- 
1.5 pet Ti-2.5 pct Sn-0.4 pct Cr alloy, it appeared 


that this alloy has good resistance to most corrosive 
media. 


SUMMARY 


The copper-rich ends of the Cu-Ti-Sn and Cu-Ti- 
Sn-Cr alloy systems were investigated. As a result, 
two new precipitation hardening alloys exhibiting 
high strength and medium conductivity were de- 
veloped. 

The optimum properties of the ternary alloy are 
obtained with Cu-1.5 pct Ti-2.5 pct Sn. The solid 
solubility of tin in the Cu-1.6 pct Ti alloy was found 
to be 2.5 pct at the eutectic temperature of 885°C 
(1625°F). 

This ternary alloy responds well to precipitation 
hardening. In the solution annealed condition, it has 
a tensile strength of 45,000 to 55,000 psi, elongation 
40 pct, and electrical conductivity 7 pct I.A.C.S. 
Subsequent heat treatment increases the tensile 
strength to 83,000 psi and electrical conductivity to 
45 pct I.A.C.S. Elongation is 10 to 13 pct. The com- 


Table V. High-Temperature Tensile Properties of Cu-1.5 Pet Ti-2.5 Pct Sn, Cu-1.5 Pet Ti-2.5 Pet Sn—0.5 Pet Cr and 
Cu-0.65 Pct Be-—2.70 Pct Co Alloys 


Ultimate Yield Yield Ductility, 
Testing Tensile Strength, Strength, Proportional Modulus of Pct Re- 
Temp., Strength, Psi Psi Limit, Elasticity, Elongation, duction 
°€ Psi 0.2 Pct Offset 0.1 Pct Offset Psi Psi Pct in 2 In. in Area 
Cu—1.5 Pct Ti—2.5 Pct Sn — Solution Annealed at 875°C (1605°F), 
quenched and heat treated at 450°C (840°F) for 6 hours 
300 63,500 54,000 50,000 - 20,000,000 12.0 53.6 
425 55,000 51,000 47,000 29,000 14,000,000 10.0 25.0 
Cu-1.5 Pct Ti-2.5 Pct Sn—0.5 Pct Cr — Solution Annealed at 875°C (1605°F), 
quenched and heat treated at 450°C (840°F) for 6 hr 
300 75,000 66,000 60,000 - 20,500,000 11.0 60.0 
425 56,000 51,000 47,000 32,000 21,000,000 16.0 31.0 
Cu—0.65 Pct Be—2.70 Pct Co — Solution Annealed at 920°C (1690°F), 
quenched and heat treated at 480°C (895° F) for 3 hr 
300 78,000 - ~- ~ ~ nil nil 
425 50,000 - - 18,000 - nil nil 


Crosshead Speed 0.025 in. per min. 
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Fig. 13—Appearance of the fracture of tensile speci- 
mens after testing at 300°C (570°F). Specimen on the 
left is the Cu-1.5 pet Ti-2.5 pct Sn-0.5 pct Cr alloy 
and the two specimens on the right are the Cu-0.65 pct 
Be-2.7 pct Co alloy. Note the brittle fracture of the 
latter alloy. 


bination of solution annealing followed by cold work- 
ing and heat treating increases the strength of wire 
further to about 115,000 psi, yet the alloy has 8 to 10 
pct elongation and 45 pct I.A.C.S. electrical conduc- 
tivity. 

Superior properties are obtained with the quater- 
nary Cu-1.5 pct Ti-2.5 pct Sn-0.4 pct Cr alloy, con- 
taining a minimum of about 0.25 pct Cr. Chromium 
improves the strength by about 10,000 to 15,000 psi, 
gives the alloy excellent resistance to oxidation and 
improves the elongation. In the solution annealed 
condition, this quaternary alloy has the same prop- 
erties as the ternary alloy, but subsequent heat 
treatment increases its strength to 93,000 to 100,000 
psi and elongation to 10 to 17 pct with electrical 
conductivity ranging from 40 to 50 pct I.A.C.S. 
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When cold worked by wire drawing after solution 
annealing and heat treated, its tensile strength 
ranges between 98,000 and 125,000 psi depending on 
the amount of cold work; elongation is about 10 pct 
and conductivity ranges from 42 to 50 pct I.A.C.S. 
When cold rolled to a sheet after solution annealing, 
a tensile strength of 98,000 to 115,000 psi with 7 to 
12 pct elongation and 42 to 50 pct I.A.C.S. electrical 
conductivity are obtained. 

The elevated temperature properties of the new 
ternary and quaternary alloys are superior to those 
of commercial copper-beryllium-cobalt alloys. The 
former exhibit good strength and ductility, whereas 
the latter are extremely brittle. The melting and 
casting characteristics of new alloys are good, 
therefore, they are desirable as casting alloys as 
well as in the wrought form. They also possess ex- 
cellent hot and cold workabilities. 

Silver in the amounts investigated (0.23 to 0.96 
pct) does not noticeably affect the properties of the 
Cu-Ti-Sn alloys. 

Zirconium from 0.15 to 0.60 pct depresses 
strength and conductivity considerably. 
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Orientation Relationships in the Heterogenous 
Nucleation of Solid Lead from Liquid Lead 


The crystallographic orientation relationships resulting when 
lead ts nucleated from the liquid by Ni, Cu, Ag, and Ge were 
determined. For each nucleating agent several definite orienta- 
tion relationships were found. These relationships seemed to be 
controlled by good symmetry relations and low crystallographic 
disregistry between mating planes. For any given nucleating 
agent the undercolling for nucleation was found fairly constant 
and independent of the orientation relationship and consequent 
disregistry. It was also found that, upon remelting and refreezing 
the Pb, the orientation relationship was changed. These findings 
prove that crystallographic disregistry is not the controlling 
factor in heterogeneous nucleation from the liquid. The results 
of this investigation tend to confirm the theory presented ina 
preceding paper that heterogeneous nucleation starts with the 


formation of an adsorbed layer of nucleated metal on the nucleat- 


B. E. Sundquist 


ing impurity. Evidence is given that cavities in the nucleating 


agent act as centers of nucleation. 


Ir has long been known! that solid extraneous par- 
ticles are active in catalyzing phase transformations 
that occur in a system, particularly condensation 
and crystallization. It is well established that these 
heterogeneities act as catalysts by providing sur- 
faces upon which nuclei of the precipitating phase 
can form with activation energies smaller than those 
required for homogeneous nucleation. Numerous in- 
vestigations have shown that in this process of het- 
erogeneous nucleation: a) the nucleus forms with 
one, or several, definite crystallographic orienta- 
tion relationships with the nucleating phase?~* and 
b) that there is a small range of undercoolings or 
supersaturations characteristic of the nucleation of 
a given solid on a given substrate.°-»° 

Turnbull and Vonnegut" have developed a theory 
based on theories developed by Volmer” and Turn- 
bull and Fisher?’ for heterogeneous nucleation from 
gases and liquids, that relates the supersaturation 
or undercooling required for nucleation to the dis- 
registry between the lattices of the nucleus and the 
nucleating agent. This theory predicts that nucle- 
ation should occur with the orientation relationship 
between the nucleus and nucleating agent that mini- 
mizes the disregistry. Further, it predicts that the 
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undercooling or supersaturation necessary for nu- 
cleation should be a function of the disregistry. 

Numerous investigations have dealt with the ori- 
entation relationships resulting from the condensa- 
tion of vapors onto crystalline solid substrates? ° 
and a few with the nucleation of one phase by a sec- 
ond phase in solidification* 3*. Others have dealt 
with the supersaturation®-”° and undercooling®~’ 
associated with nucleation in condensation and 
solidification respectively. However, there is vir- 
tually no report that gives both of these factors for 
the same system. In this investigation a study was 
made of the undercoolings and orientation relation- 
ships resulting when Pb is nucleated from the liquid 
by Ni, Cu, Ag, and Ge. It was the purpose of this in- 
vestigation to check the Turnbull- Vonnegut theory, 
i.e., the importance of crystallographic disregistry 
between nucleating catalyst and nucleated metal. The 
results indicate that disregistry is not an important 
factor in nucleation and that the nucleation process 
is probably somewhat more complex than current 
theories suggest. 


EXPERIMENTAL PROCEDURE 


Small single crystals of nickel, copper, silver, 
and germanium were prepared from materials of 
four to five nines purity, and the Pb used was also 
99.999+ pct pure. Cu and Ag single crystals were 
prepared by sealing small chips of Cu or Ag in an 
evacuated quartz capsule and heating the capsule at 
2000°F for 1 hr before cooling. Nickel crystals of 
200 » diam were also prepared in evacuated quartz 
capsules, but melting was done by heating the cap- 
sules in an oxy-acetylene flame for a few minutes. 
These spheres were invariably polycrystalline so 
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that it was necessary to anneal them in their quartz 
capsules at 2300°F for several days. Ge single crys- 
tals were prepared by breaking small chips from a 
large single crystal of Ge. 

The bicrystals of lead plus a nucleating agent were 
prepared in a microscope hot stage apparatus which 
has been described elsewhere.’® A purified hydrogen 
atmosphere was used to deoxidize the surfaces of 
the liquid lead drop and of the nucleating agent to 
insure wetting. A dumbbell-shaped composite was 
produced when the hot stage was given several sharp 
blows to jar the single crystal onto the molten Pb 
droplet. The molten Pb invariably covered a consid- 
erable portion of the nucleating sphere’s surface and 
dissolved some of it so that it is reasonably certain 
that all possible crystallographic planes of the nu- 
cleating agent were exposed to the lead. On cooling, 
the freezing of the Pb could be detected by the 
wrinkling of the surface of the Pb. Due to the small 
volume of the drop and its large surface-to-volume 
ratio, the entire drop froze within a fraction of a 
second after nucleation. (The observed growth rate 


of the solid into the liquid was immeasurably fast.) 
The undercooling could be determined either as the 
difference between the actual melting and freezing 
points of the droplet in contact with the nucleating 
agent or as the difference between the actual freez- 
ing point and the eutectic temperature of the alloy 
from previous experiments. 

From previous experiments® it is known that Cu, 
Ni, Ag, and Ge nucleate Pb at undercoolings of less 
than 12°C and that drops of pure Pb of the size 
(about 200 » diam) and purity used can be readily 
undercooled more than 20°C. All nucleating agents 
used have oxides that are unstable in a hydrogen at- 
mosphere and which can be readily reduced by heat- 
ing to a sufficiently high temperature. Further, Pb 
does not wet even slightly oxidized surfaces of other 
metals. Thus it is almost certain that no oxide layer 
was interposed between the Pb and the intended nu- 
cleating agent, and that nucleation took place on the 
surface of the intended nucleating agent. 

In the nucleation of Pb by Cu and Ag it was found 
that if the Pb was bonded to the Cu or Ag at temper- 


Table I. Crystallographic Orientation Relationships Found in the Nucleation of Lead by Nickel, Copper, Silver, and Germanium 


Orientation 


Possible 


Numbe 
System a ‘ Relationship Mating Planes Disregistry Undercooling, 
X-Pb Samples X-Pb X-Pb 6,, Pet 6,, Pet VE 
Ni-Pb 2— (110)//(114) (110)//(110)*** 0.67 0.70 2.25 + 0.25 
(331)//(110) with (001)//(110) 
— 2* (110)//(100) (100)//(100)*** 0.67 0.67 2.25 + 0.25 
(001)//(013) with (011)//(010) 
1 (110)//(111) (110)//(111) 6.27 6.27 2.25 + 0.25 
(331)//(110) 
1 (100)//(100) (100)//(100) 0.67 0.67 2.0 
(011)//(001) 
— (013)//(110) (110)//(110)*** 0.67 0.70 2.0 
(331)//(110) with (001)//(110) 
a (013)//(110) (100)//(100)*** 0.67 0.67 2.5 
(331)//(111) with (011)//(010) 
me (114)//(110) (110)//(110)*** 0.67 0.70 2.5 
(110)//(221) with (001)//(110) 
Cu-Pb 4 (100)//(100) (Any) 27. 27. 1.75 + 0.25 
(010)//(010) 
1 (100)//(110) (010)//(111) 3.2 10.5 2.0 
(010)//(111) 
2 (110)//(110)** (110)//(110) 10.5 10.5 ' 1.75 + 0.25 
(110)//(111) or (110)//(111) 3.2 10.5 
2* (100)//(112) Approximately 10.5 10.5 1.5 
(023)//(110) as above 3.2 10.5 
Ag-Pb (100)//(100) (Any) 17.5 17.5 1.5 + 0.25 
(010)//(010) 
1 (100)//(110) (100)//(110) 0.43 5.5 1.5 
(011)//(113) 
1 (110)//(110)** (110)//(110) 1.08 1.08 not 
(111)//(110) determined 
1 (110)//(110)** (110)//(110) 4.70 4.70 not 
(111)//(001) determined 
3 (100)//(112)** (100)//(112) 4.06 4.24 1.5 + 0.25 
(012)//(110) 
Ge-Pb 1 (100)//(100) (Any) 12.5 12.5 15. 
(010)//(010) 
1 (111)//(111)**** (111)//(111) 12.5 12.5 7.5 
(011)//(101) 
5 ~(110)//(110) ~(110)//(110) 6.6 6.6 3@ 11.5+ 0.5 
(See Fig. 1) ~(111)//(110) 2@ 7.5+0.5 


*Planes of X and Pb are interchanged from one sample to the other. 
**Planes of X and Pb are interchangeable. 
*** Approximate relationship. 
****But rotated 9 deg about fit). 
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atures more than about 50°C above the melting point 
of Pb, the Pb would be polycrystalline. This was 
presumably due to the precipitation of Cu and Ag 
from Pb during cooling, which gave rise to a num- 
ber of nucleating crystals. Thus in these cases it 
was necessary to bond the Pb to the Cu or Ag at 
temperatures just above the melting point of Pb and 
slowly cool the composite through the freezing point, 
to permit the Cu and Ag that dissolved to reprecipi- 
tate on the original crystal. 

The bicrystals were mounted on the goniometer 
head of a 60-mm-diam cylindrical camera. A Laue 
photograph was then taken of one crystal at a time 
using polychromatic tungsten radiation. If both crys- 
tals were placed in the X-ray beam at the same time, 
the spots of the two different crystals could usually 
be differentiated and a second photograph to the far 
side of one of the crystals would identify which set 
of spots belonged to which crystal. The film spots 
were transferred to a stereographic projection by 
means of the standard chart’ for such purposes. By 
superimposing the two stereographic nets, it was 
possible to determine the relative orientations of 
the two crystals in the couple. The use of cylindri- 
cal films made it possible to detect numerous 
(100), (110), and (111) spots directly on the film and 
this facilitated rapid and accurate (+0.5 deg) plot- 
ting of the film spots. 


EXPERIMENTAL RESULTS 


The results of this investigation are given in Ta- 
ble I. The orientations listed, except in a few cases 
noted, are exact to within experimental accuracy 
(41 deg of arc). Thus it will be noted that Pb orients 
itself with respect to the nucleating crystal such 
that a set of reasonably low index planes are paral- 
lel. A complete selection of planes of the nucleating 
agent was probably available for the Pb to nucleate 
upon in all cases. However, much work on nuclea- 
tion from the vapor onto flat planes of crystals 
formed by cleavage, and so forth, indicates that nu- 
cleation almost invariably takes place with low in- 
dex planes (h+k+l1 < 4 to 5) of the nucleated mate- 
rial parallel to the nucleating agent surface. Fur- 
theremore, planes of h+k+1> 4 to 5 can best be 
considered as ‘‘steps’’ of lower index planes in 
matching one lattice with another. The orientation 
relationships are described by listing a set of two 
mutually perpendicular planes in each lattice, the 
two planes of one set being parallel to the two planes 
of the other set. The possible mating planes listed 
in the fourth column refer to the plane of the nucle- 
ating agent and the parallel plane of the Pb lattice 
that could constitute the interface between the nu- 
cleating agent and the nucleus. To select the mating 
planes, possible sets of parallel planes of the two 
crystals were drawn superimposed and with the 
proper orientation relationship. The disregistries 
were then determined in two mutually perpendicular 
directions in the plane. The disregistries are de- 
fined by: 
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Fig. 1—The most common orientation relationship in the 
nucleation of Pb by Ge. 


(periodicity of x) (periodicity of Pb)' 


100 pct 


[4] 
The set that showed a particularly low disregistry 
was taken as the mating planes. It is, of course, im- 
possible to tell which two planes are the true mating 
planes. However, it was found that many of the ori- 
entation relations could be explained by a good fit 
between the chosen mating planes. 

Most of the orientation relationships found in the 
Ge-Pb system were not described exactly by the set 
of low index planes listed in the third column. In 
Fig. 1 are shown the orientation relationships in the 
five couples which appear to deviate systematically 
from (110)//(110) and (111)//(110). It may be seen 
that the [110] of Pb is tilted 6 to 10 deg from [110] 
of Ge toward [001] of Ge. If the Pb lattice were ro- 
tated so the two (110) planes were parallel then sam- 
ples 1 and 2 would show (110)p,//(111),, within 1 
to 2 deg, samples 3, 4, and 5 would show the Pb ro- 
tated 9 deg from (110) p,//(111),¢.—samples 3 and 5 
rotated one way giving (110)p,//(223),.—sample 4 
rotated the other giving (110) p,//(332)¢,. 

A point of particular interest concerns the Ni-Pb 
system. The four couples giving the first two orien- 
tation relationships listed in Table I were reheated 
1° to 10°C above the melting point of Pb. The Pb 
melted but did not wet any additional portions of the 
Ni surface. On resolidification all four samples 
were found to give different orientation relationships 
from those previously determined (Note arrows in 


b= 


larger of the two periodicities | 


VOLUME 221, JUNE 1961-609 


Te) _ 
GE 
PB 
| | OG E 
GE 
| | Opp 
PB 
: 
— 
33 
ay 
& 


| NI-PB 
al (A) — (B) 
= 


(9) 3 

= 
> 
= (A) NUCLEATION BY CHIPS. 
a 
Wwf CRYSTALS, 
8t (A) (B) 
@ - 
CU-PB 
= | 

5 


Fig. 2—Number of undercooling determinations falling in 


the indicated ranges of undercooling as a function of under- 


cooling for the nucleation of Pb by Cu and Ni. 


column 2 of Table I). This indicates that a particu- 
lar orientation relationship comes about by random 
fluctuations or ‘‘accidents’’ and is not dependent on 
the presence of some peculiarity in the interface of 
a particular sample. It should be noted, however, 
that nearly all orientation relationships in Ni- Pb 
are approximately 15 deg away from (100)//(100) 
with (010)//(011) or (110)//(110) with (001)//(110), 
both of which involve a minimum of disregistry. 
During the course of this investigation it was 
found that if, instead of a single crystal, a cold 
worked chip was used as a nucleating agent, the un- 
dercooling was reduced by a significant amount. 
This is shown in Fig. 2 for Ni and Cu and in Fig. 3 
for Fe. Random error (+0.25°C) accounts for about 
half the width of the ‘‘peaks”’ in Fig. 2, thus giving 
peak widths more in line with those predicted by 
theory. However, random error (+0.5°C for under- 
coolings greater than about 4°C) cannot reduce the 
‘‘peak width’’ in Fig. 3 to a reasonable value. In 
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Fig. 3—Same as Fig. 2 for the nucleation of Pb by Fe. 


Fig. 4 are shown some of the results from previous 
work. For most of the systems shown in Fig. 4, it 
is proven that all undercoolings shown must be as- 
sociated with nucleation on the surface of the in- 
tended nucleating agent. In each system shown in 
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Fig. 4—Same as Fig. 2 for six systems studied in a previous 
investigation.® 
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Table Il. Orientation Relationships Giving a Minimum of Crystallo- 
graphic Disregistry in the Systems Investigated 


Disregistry for 


Orientation Disregistry (100)//(100) 
System Relation* 5,, Pet 6,, Pet (010)//(010) 
Ni-Pb (110)//(110) 0.67 0.70 29.0 
(110)//(001) or 
(100)//(100) 0.67 0.67 
(010)//(011) 
Cu-Pb Same as Ni-Pb 3.18 3.21 27.0 
3.18 3.18 
Ag-Pb (110)//(110) 1.08 1.08 17.5 
(111)//(110) 
Ge-Pb (110)//(110) 0.97 1.00 12:5 


(111)//(001) 


*Mating planes are the pair listed first. 


Figs. 2 to 4,there does appear to be a definite max- 
imum undercooling rather than a ‘‘dribbling off.’’ 
However, there are also lower undercoolings and 
these, as well as the maximum undercooling, in 
most cases appear to be describable in terms of 
several characteristic ‘‘peaks’’ of width consider- 
ably broader than predicted by theory. It should be 
pointed out here that for each system studied, nu- 
merous samples were used and in most systems the 
nucleating agent crystal was dissolved and reprecip- 
itated for each undercooling determination. 


DISCUSSION OF RESULTS 


It is commonly accepted that in heterogeneous nu- 
cleation from the liquid for each couple of nucleating 
agent-nucleated metal one and only one orientation 
relationship occurs. The findings reported in Table I 
definitely prove that a multiplicity of relationships 
can exist. The findings of experiments in the con- 
densation of vapors on crystalline substrate? agree 
with these results. Although in most experiments 
only one crystallographic plane of the substrate was 
exposed to the vapor and usually only one relation- 
ship was found, there are many cases where a multi- 
plicity of orientation relationships was found—even 
for a single plane of the substrate.” 

In passing it may be pointed out that some inves- 
tigators?’> 1® have interpreted their nucleation exper- 
iments in terms of the disregistry computed from 
the percent difference in lattice cell edge lengths of 
the substrate and deposit. They, thus, implicitly as- 
sume that nucleation always occurs with (100)//(100) 
and (010)//(010). As shown in Table I this orienta- 
tion relationship occurs relatively seldom, thus cal- 
culations based on it are liable to be wrong more 
often than right. In most cases the actual disregis- 
try can be much lower as shown by Table II. 

In all the systems investigated, a study of the 
possible orientation relationships between low index 
planes reveals that very low disregistries are pos- 
sible, as shown in Table II. Here are listed the crys- 
tallographic orientation relations giving minimum 
disregistries for the systems studied. However, in 
only a few cases were the disregistries found as low 
as theoretically possible. It will be noted that only 
one sample in thirteen in the case of the Ag- Pb sys- 
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Table IIl. Comparison of Undercoolings for the Nucleation of 
Pb by Various Nucleating Agents and the Solubility of These 
in Liquid Pb at the Eutectic Temperature 


System Ar, Solubility 
Fe-Pb 12. ~0.0 at. pct 
Ge-Pb ~0.0 
Ni-Pb 2.25 0.1 
Cu-Pb 1.75 0.2 
Ag-Pb 1.50 4.7 
Sn-Pb 0.0 73.9 


tem showed the minimum disregistry. None of the 
Cu-Pb or Ge-Pb couples showed the minimum dis- 
registry although the most common orientation re- 
lation in the Ge- Pb system is not too remote from 
it. In the Ni-Pb system most of the couples showed 
an orientation relation that was close to minimum 
disregistry but only one actually showed the mini- 
mum. From this it is apparent that at least a sec- 
ond factor must operate in the selection of the ori- 
entation relationship. 

A number of the orientation relations in Table I 
do not seem to be based on a criterion of low dis- 
registry, but the symmetry of the mating planes 
seems to be the basis for their existence. The first 
two samples listed for Ge- Pb and the first ones 
listed for Ag- Pb and Cu-Pb show rather high dis- 
registries and at least in the cases of Cu-Pb and 
Ag-Pb, they constituted about half the samples 
studied. In all these cases the mating planes have 
the same indexes and the same directions in the 
mating planes are parallel. 

In the reviews of the orientations resulting in con- 
densation from the vapor by Van der Merwe? and 
Thomson,’ orientation relationships with good sym- 
metry between the mating planes but with high dis- 
registries constituted a considerable portion of the 
lists. In fact, disregistries of 10 to 30 pct occurred 
about as often as disregistries of 0 to 10 pct. From 
the above it would appear that symmetry is at least 
as important as disregistry in deciding the orienta- 
tion relationship. 

Further evidence which suggest that disregistry 
may not be of importance is given in the last column 
of Table I, listing the undercoolings. It will be noted 
that, except in the Ge-Pb couples, the undercoolings 
are the same in a given system regardless of the 
disregistry. Thus neither the orientation relation- 
ship nor the disregistry appear to have an effect on 
the undercooling (and hence driving force) required 
for nucleation. 

It is apparent from this work that the Turnbull- 
Vonnegut theory mentioned earlier overemphasizes 
the importance of crystallographic disregistry on 
nucleation from metallic liquids and vapors. If their 
equation for coherent nucleation is used to compute 
the undercooling for nucleation of Pb on Ni with 0.67 
pet disregistry, an undercooling of about 2°C is pre- 
dicted in agreement with experiment. However, if 
the same relationship is used to compute the under- 
cooling for the 6.26 pct disregistry, an undercooling 
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of at least 20°C is predicted, which does not agree 
at all with the experimental 2.25°C. The same kind 
of results can be obtained for the other couples. 
The undercoolings instead appear to be somewhat 
related to the solubility of the nucleating agents in 
liquid Pb as indicated in Table III. The apparent in- 
verse relationship between solubility and undercool- 
ing does not hold as well if compounds and Sb® are 
included in this table. 

In the case of germanium three different under- 
coolings were found, 15°, 11.5°, and 7.5°C. In pre- 
vious work® the undercooling of 11.5°C was taken to 
be the undercooling for nucleation of Pb by Ge al- 
though a good portion of the determinations gave the 
7.5°C undercooling. The 15°C undercooling was 
found only once—in the (100)//(100)-(010)//(010) 
couple. Thus it is likely that this undercooling and 
orientation relation are very rare. The 7.5° under- 
cooling occurs in two orientation relationships, how- 
ever, as Table I shows. 

The point has often been raised that nucleation 
should occur preferentially in cavities in the sur- 


face of the nucleating agent in contact with the liquid. 


It is of interest to interpret the results of this and 
the previous investigation® in terms of this possibil- 
ity. The results shown in Figs. 2, 3, and 4 do make 
it clear that the nucleating agent—liquid interface is 
not homogeneous and that at least several kinds, or 
possibly a range of kinds, of sites for nucleation 
must exist in all the systems investigated. When the 
theory of nucleation in cavities as developed by 
Turnbull” is applied, however, difficulties are en- 
countered. This theory predicts that undercooling 
should be dependent on the temperature above the 
melting point to which the liquid was heated before 
undercooling (at least for small values of this 

’’). Although ‘‘thermal history’’ effects have 
been well documented in the past (see Ref. 19), they 
were not observed in this investigation or in the 
previous one® in which A7, was varied from a frac- 
tion of a degree to hundreds of degrees C. This dis- 
crepancy between theory and observation can be 
avoided if it is postulated that the cavities, rather 
than being cylindrical with flat bottoms, are more 
conical (sloped walls) with nearly atomically sharp 
bottoms, e.g., dislocation pits or grain boundary 
grooves etched by the liquid metal. If the cavity 
walls are steep enough so that the solid-liquid inter- 
face of the nucleated metal is concave to the liquid, 
then it can be shown, following procedures given 
elsewhere,” that thermal history effects should not 
be observed and that the area, A,, of the nucleating 
agent- liquid interface intercepted by the cavity de- 
termines the undercooling in a given system. This 
finding gives rise to further difficulties however, It 
is inconceivable how the value of A, could have a, 
or a set of, characteristic values. A, should vary 
more or less continuously from very small to very 
large. Thus the plots of N; vs AT_ in Fig. 4 should 
start out high at or near 0° undercooling and de- 
crease more or less continuously to zero at some 
poorly defined maximum undercooling. Experiment- 
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ally, this is not observed. 

The picture of nucleation as taking place via an 
intermediate ‘‘adsorbed layer’’ of nucleated metal 
on the surface of the nucleating agent, as described 
qualitatively earlier ,® provides an explanation of the 
observations of this work and avoids the above men- 
tioned difficulties with the cavity theory. In a cavity, 
the adsorbed layer-liquid interface is concave to the 
liquid. Thus, the energy of this interface provides 
an additional driving force tending to increase the 
thickness of the layer. For a given system, this 
driving force depends only on the angle between op- 
posite walls of the cavity. For, say, a dislocation 
etch pit this angle has a characteristic value (or a 
small range of values if the solid-liquid interfacial 
energy is somewhat anisotropic). 

The theoretical analysis by Frank and van der 
Merwe?! indicates that below a certain critical dis- 
registry, 5*, the interface between a substrate and 
an adsorbed monolayer is completely coherent 
whereas for disregistries not far above 6*, vir- 
tually all the disregistry is taken up by dislocations 
and the monolayer is nearly unstrained. The re- 
sults of previous work® make it inconceivable that 
the layer could be completely coherent with the 
nucleating agent lattice. The undercoolings in over 
half the sixty systems studied were so small that a 
strain in the critical nucleus of more than about one 
percent could hardly be tolerated. It is doubtful that 
there exist pairs of mating planes in the lattices of 
the nucleating agent and nucleated metal of even a 
small fraction of the systems studied where the dis- 
registry is less than one percent. Thus the adsorbed 
layer is probably nearly completely incoherent with 
the nucleating agent and unstrained: hence the inde- 
pendence of undercooling on disregistry. Because it 
is apparent that the adsorbed layer is incoherent 
with the nucleating agent lattice, it seems reason- 
able to expect that the orientation relationship be- 
tween nucleating agent and layer varies from plane 
to plane of the nucleating agent surface but that the 
adsorbed layers on all planes are approximately 
equally effective as nucleating sites: hence the mul- 
tiplicity of orientation relationships between nucle- 
ating agent and nucleated metal. 


CONCLUSIONS 


1) In a given system a number of crystallographic 
orientation relationships can exist between nuclea- 
ting agent and nucleated metal. These relationships 
appear to be determined by the criteria of low crys- 
tallographic disregistry or good symmetry between 
a possible pair of mating planes. 

2) There is no dependence of undercooling on dis- 
registry. 

3) The nucleation catalyst-liquid interface is not 
homogeneous with respect to the nucleation process. 
This gives rise to several undercoolings charac- 
teristic of a given system. 

4) The hypothesis that nucleation takes place on 
an adsorbed layer (of solid being nucleated) at the 
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catalyst-liquid interface can be used to explain the 
experimental observations of this and previous 
work. 


ACKNOWLEDGMENT 


The authors want to thank the National Science 
Foundation both for a graduate fellowship to B. E. 
Sundquist and for a grant, NSF G3674 to the Illinois 
Institute of Technology, Department of Metallurgical 
Engineering, which made this work possible. 


REFERENCES 


1M. Volmer: Kinetik der Phasenbildung, Dresden and Leipzig, T. Steinkopff, 
1939. 

2J. H. Van der Merwe: Misfitting Monolayers and Oriented Overgrowth, Disc. 
Faraday Soc., 1949, vol. 5, pp. 201-14. 

3G. P. Thomson: The Growth of Crystals, Proc. Phys. Soc., 1948, vol. 61, 
pp. 403-16. 

‘E. C. Elwood and K. Q. Bagley: The Structure of Eutectics, J. /nst. Metals, 
1950, vol. 76, pp. 631-42. 

5D. Turnbull: Kinetics of Solidification of Supercooled Liquid Mercury Drop- 
lets, J. Chem. Phys., 1952, vol. 20, pp. 411-24. 

°B. E. Sundquist and L. F. Mondolfo: Heterogeneous Nucleation in the Liquid 
to Solid Transformation in Alloys, Trans. Met. Soc. AIME, 1961, vol. 221, p. 157. 


A Study of the Growth of Voids in Copper During 
the Creep Process by Measurement of the 


7F, J. Bradshaw, Margaret E. Gasper, and S. Pearson: Some Observations on 
the Supercooling of Gold as Affected by Catalysts, /. /nst. Metals, 1958-59, 
vol. 87, p. 15. 

®J. D. Cockeroft: On Phenomena Occurring in the Condensation of Molecular 
Streams on Surfaces, Proc. Royal Soc., London, 1928, vol. 119A, pp. 293-312. 

°L. Yang, C. E. Birchenall, G. M. Pound, and M. T. Simnad: Some Observa- 
tions on Heterogeneous Nucleation of Sodium Crystals from Atomic Beams, 
Acta Met., 1954, vol. 2, pp. 462. 

10}, Chirigos, M. Simnad, and G. M. Pound: to be published. 

4D. Turnbull and B. Vonnegut: Nucleation Catalysis, /nd. and Eng. Chem., 
1952, vol. 44, pp. 1292-98. 

12M. Volmer: Uber Keimbildung und Keimwerkung als Specialfalle der Hetero- 
genen Katalyse, Z. Electrochem., 1929, vol. 35, p. 555. 

13D. Turnbull and J. C. Fisher: Rate of Nucleation in Condensed Systems, 
J. Chem. Phys., 1949, vol. 17, p. 71. 

44N. Takahashi and K. Ashimura: The Structure of the Eutectic Lead/Tin 
Alloy Film Prepared by a Melting Method, J. /nst. Metals, 1958-59, vol. 89, p. 19. 

15B. E. Sundquist: High-Temperature Microscope Stage, Rev. of Sci. Inst., 
1960, vol. 37, pp. 425-27. 

16/nternational Tables for X-Ray Crystallography, Vol. Il, International Union 
of Crystallography, Kynoch Press, Birmingham, England, pp. 168-74, 1959. 

17]. A. Reynolds and C. R. Tottle: The Nucleation of Cast Metals at the 
Mold Face, J. Inst. Metals, 1951, vol. 80, p. 93. 

18Maria Telkes: Nucleation of Supersaturated Inorganic Salt Solutions, /nd. 
and Eng. Chem., 1952, vol. 44, pp. 1308-10. 

DP. Turnbull: Kinetics of Heterogeneous Nucleation, /. Chem. Phys., 1950, 
vol. 18, pp. 198-203. 

20}. H. Hollomon: Heterogeneous Nucleation, in Thermodynamics in Physical 
Metallurgy, ASM, Cleveland, pp. 161-177, 1950. 

21F, C. Frank and J. H. van der Merwe: One Dimensional Dislocations II, 
Misfitting Monolayers and Oriented Overgrowth, Proc. Royal Soc., London, 1949, 
vol. 198, pp. 216-25. 


Accompanying Change in Density 


A study was made of the change in density during the first 
(transient) and second (linear) stages of the creep curve of 
polycrystalline copper as a function of 1) stress, 2) tempera- 
ture, 3) plastic strain, 4) impurity and atmosphere effects, and 
5) structure, including single crystals. Voids were not observed 
in single crystals strained 15 pct at 500°C, or ina polycrystal- 
line aggregate produced by recrystallizing a single crystal, 
within the limit of sensitivity, Ae/e = 1x107*. It appears that 
voids are heterogeneously nucleated at grain boundaries by an 
insoluble phase, or phases, which can be removed by direc- 
tional solidification. The principal controlling mechanism of 
void growth appears to be condensation of vacancies at grain 
boundaries. Vacancies are transported to a boundary and con- 
dense as a consequence of the tensile stress component across 
the boundary, which depends on the orientation and configura- 
tion of the boundary plane and on boundary shear across ledges 
and other irregularities. The ultimate source of vacancies is 
the free surface and diffusional transport is by way of the 
boundary plane. 


Raymond C. Boettner 
W. D. Robertson 


Previous investigations have dealt with the nucle- 
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ation of voids at grain boundaries under creep con- 
ditions’~* and with the connection between grain 
boundary voids and subsequent brittle fracture.*” 
Growth of voids during the creep process, particu- 
larly in the transient and linear stages of creep, has 
not been studied with the same intensity. Therefore, 
it seems pertinent to investigate the process of void 
growth with respect to the related creep curve, and 
the morphology of growing voids with respect to the 
structure. 
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Table |. Impurities, Weight Percent 


Fe Sb Pb Sn Ni Bi 


As Cr Si Te Se $ Zn 


AS and RCO <0.00007 <0.0001 <0.0001 <0.0001 <0.0001 <0.000001 
OFHC' <0.001 <0.0005 <0.0005 <0.0005 <0.0005 -—- 


<0.00003 <0.0002 <0.00005 <0.00001 <0.0002 <0.0001 
0.001 


<0.0001 - 


<0.003 - <0.001 - 0.0021 to0.0024 <0.01 


*Spectrographic analysis indicated that the metallic impurities in ‘certified’? OFHC copper and OFHC copper after remelting and casting in vacuum were identi- 


cal in type and concentration. 
Analyzed by American Smelting and Refining Co. 


Changes in density during the creep process pro- 
vide a direct and sensitive measurement of void 
volume, over a wide range of void concentration. 
Nevertheless, the only previous investigation of this 
kind known to the authors is that of Hanson and 
Wheeler,® made 25 years ago on commercially pure 
aluminum. Since aluminum is not ideal for the pur- 
pose of detecting changes in density due to its own 
low density, an investigation was made of density 
changes in pure polycrystalline and single crystal 
copper during the first (transient) and second (lin- 
ear) stages of the creep process. The variables 
surveyed were 1) stress, 2) temperature, 3) plastic 
strain, 4) impurity and atmosphere effects, and 5) 
structure. 


EXPERIMENTAL PROCEDURE 


Materials—Three classes of copper were used: 
1) OFHC copper, 2) American Smelting and Refining 
Co.’s high-purity copper and, 3) OFHC copper x 
melted, stirred in vacuum of 10°* mm Hg and cast 
in vacuum.* The spectrographic analysis of these 


*Prepared for this investigation through the courtesy of the Temescal 
Metallurgical Corp., Richmond, Calif. 


materials is given in Table I, Details regarding 
special procedures of preparation and other charac- 
teristics of these materials are included with the 
descriptions of the particular experiments in which 
they are employed. 

Creep Apparatus—Creep experiments were per- 
formed at approximately constant stress. The appa- 
ratus® consisted of a lever with a large built-in me- 
chanical advantage, together with means for removal 
of incremental weights from the applied load to 
compensate for the decreasing specimen cross- 
section. Assuming uniform strain over the reduced 
gage length, the maximum error in applied stress 
due to incremental removal of the load was about 
1 pet. 

The creep furnace consisted of a stainless steel 
tube and three independent heating elements. By 
varying the resistance of individual windings it was 
possible to limit the difference in temperature to 
less than 2°C at the extreme ends of the 5-in. long 
specimen; the variation in time of the mean speci- 
men temperature was less then 1°C. 

Three atmospheres were employed—argon, air, 
and hydrogen. Argon was passed successively 
through magnesium perchlorate and through a fur- 
nace at 850°C containing titanium chips. Specimens 
were introduced into the creep furnace either at 
room temperature or at the test temperatures, de- 
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pending on the atmosphere employed. In any case, 
the required atmosphere was obtained through alter- 
nate evacuation and flushing of the system with the 
gas to be used in the test. The flushing cycle was 
repeated three times, requiring approximately 2 
min to introduce the new atmosphere. A positive 
pressure of about 2-cm Hg was maintained in the 
system during the creep test. A thin oxide film was 
formed when specimens were introduced into the 
furnace at temperature, but no further oxidation 
occurred during the test, as indicated by the ab- 
sence of a measurable change in weight (+ 0.1 mg) 
of copper foil after 24 hr at 600°C. 

Density Measurements— Density measurements 
were made with 0.5-in diam by 2-in. long cylinders, 
cut from the 2.5-in. reduced section of creep speci- 
mens. In all cases the density of a dummy speci- 
men, which had not sustained a load but had other- 
wise been subjected to the same test conditions, was 
measured and compared with the creep specimen as 
a constant check on material and procedure, 

Method I—Void volumes less than 100 x 107° cm® 
per g Cu were measured with an apparatus constructed 


by Murphy’® at the Frankford Arsenal. The balance 
was enclosed in an air-conditioned case and oper- 
ated from the outside so that the temperature and 
relative humidity could be controlled to 20° + 0.01°C 
and 30 pct respectively. The liquid was di (2-ethyl 
hexyl) azelate with nominal density of 0.91 g per 
cm*. An average sensitivity of + 0.0004 g per cm® 
was achieved in the measured density of a 50-g 
specimen, corresponding to a void volume of + 5 
x 10°° cm? per g copper. 4 

Method II—Void volumes greater than 100 x 10° ° 
cm®* per g Cu were measured with a standard analyt- 
ical balance and tetrabromoethane. The temperature 
of the liquid medium did not vary more that + 0.1°C 
curing the weighing process. At a given tempera- 
ture, T(°C), the density, d(g per cm’), of the tetra- 
bromoethane was calculated from the following ex- 
pression, supplied by the Solid State Division of Oak 
Ridge National Laboratory: 


d(T) = (3.00437 2.141 x10" °T) + 0.0005 [1] 


All measurements of density were corrected to 
20°C by employing the volume coefficient of expan- 
sion of copper, 49.5 x 107° per deg C™ and a dummy 
specimen of density, 8.9316 + 0.0002 g per cm*® at 
20°C obtained from Method I. The sensitivity of 
Method II was + 0.0013 g per cm*, corresponding to 
a void volume of + 16 X10°° cm* per g of Cu. 
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Table Il. Density of Single Crystals of OFHC Copper 
Before and After Creep at 500°C 


Density, g per cm* 


Stress, Time, Strain,’ 
Type of Slip Psi Hr In perIn Precreep Postcreep 
Single 3500 78.8 0.14 8.9240 + 0.0013 8.9240 + 0.0013 
Conjugate 3000 74.6 0.16 8.9230 + 0.0013 8.9230 + 0.0013 


*Both crystals bent in the creep tests as a consequence of slip and the asso- 
ciated constraint of the grips; the strains reported are those calculated from 
change in length of diametrically opposed gage lengths. 


EXPERIMENTAL RESULTS 


Single Crystals of OFHC Copper—Single crystals 
of OFHC copper were grown in closed graphite 
molds by the Bridgman Method. Two creep speci- 
mens, 3 in. long containing approximately 1 in. gage 
lengths, 0.37 in. in diam, were machined from dif- 
ferent crystals. About 0.005 in. was etched from the 


surfaces after machining, which effectively prevented 


recrystallization during the creep tests. Of the two 
crystals, one was in an orientation favorable for 
single slip (axis near <110>), the other for conjugate 
slip (axis near <112>), 

The density of each crystal was measured before 
and after the creep experiment. The crystals were 
placed in the creep furnace at room temperature, a 
purified argon atmosphere was introduced and the 
furnace was then heated to 500°C. The test condi- 
tions and results are presented in Table II. 

In evaluating the data for single crystals, it 
should be noted that comparable strain in polycrys- 
talline OFHC copper (grain size 0.05 mm), tested 
under the same conditions, produced density changes 
of approximately 2 pct, or about 140 times the sen- 
sitivity of measurement on single crystals. Further- 
more, polycrystalline aggregates at a strain of 15 
pet, at 500°C, are well in the third stage of creep 
and close to brittle fracture. 

In the crystal oriented for conjugate slip, condi- 
tions were presumably ideal for the production of 
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Fig. 1—Density change of OFHC copper during creep at 
500°C and 5000 psi in argon, together with the correspond- 
ing creep curve. 
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voids through the condensation of vacancies, as pos- 
tulated by Machlin.’* Conditions were also ideal for 
the operation of the void nucleation and growth me- 
chanism involving dislocation combination as pos- 
tulated by Kochendorfer.** 

Failure to produce a significant change in density 
in single crystals, together with the large density 
changes measured in polycrystalline specimens at 
similar strains (Table IV, for example) shows that, 
within the experimental sensitivity, all of the void 
volume produced by creep in polycrystalline copper 
could be associated with grain boundaries, 

Polycrystalline OFHC Copper—Creep specimens, 
5 in. long with 2.5-in. reduced sections, 0.5 in. in 
diam, were machined from 0.75-in. OFHC copper 
rods, and as many as possible were obtained from 
one rod to minimize differences in structure and 
creep behavior. A dummy specimen, cut from the 
adjacent length of rod, was also prepared for each 
creep specimen. The dummy was attached beside 
the creep specimen to provide a method of detecting 
stress-induced grain growth and, in addition, the 
density of dummy specimens, do, was used as the 
base density, for the calculation of void volume V, 
per unit weight of copper, in accord with 


V = 1/d-1/do [2] 


where d is the measured density of the creep speci- 
men, 

With the exception of experiments to test the ef- 
fect of atmosphere on void formation, polycrystal- 
line specimens were introduced into the creep fur- 
nace at temperature, after which the system was 
evacuated and flushed with purified argon, which 
was then kept at a positive pressure throughout the 
test. Specimens were annealed in the creep furnace 
at 600°C for 1 hr, without a load to establish a sta- 
ble grain size; the temperature was lowered to the 


Table lii. Creep and Density Data from Bar B! of OFHC Copper 


at 500° C 
Density, Volume 
Creep Stress, Time,  Strai Base 8.9300 g per cm’, voids x10°, 
Stage Psi Hr In per In Creep Change cm’ per g 
First 5000 0.50 0.315 8.9269 0.0031 38 + 16 
First 5000 1.00 0.426 8.9278 0.0022 27 + 16 
Second 5000 2.15 0.0579 8.9226 0.0074 92+5 
Second 5000 3.50 0.0787 8.9078 0.0222 279 +5 
Second 5000 5.00 0.0932 8.8931 0.0369 464+5 
Third 5000 6.40 0.1211 8.8611 0.0689 870+5 
Third 5000? 7.67 0.2130 8.6672 0.2628 3395 + 16 
Second 4000 4.08 0.0405 8.9216 0.0084 105+5 
Second 4000 5.67 0.0530 8.9167 0.0133 167+5 
Second 4000 9.20 0.0628 8.9046 0.0254 319+5 
Second 4000 11.25 0.0797 8.8888 0.0412 519+5 
Second 3500 11.58 0.0485 8.9086 ‘0.0214 269+ 5 
Second 3500 15.50 0.0643 8.8929 0.0371 467+5 
Second 3500 18.00 0.0791 8.8839 0.0461 581+5 
Second 3500 20.17 0.0865 8.8608 0.0692 874+5 
Second 3000 24.58 0.0621 8.8932 0.0368 463 +5 
Second 3000 30.42 0.0742 8.8754 0.0546 688 + 5 
Second 3000 37.62 0.0897 8.8397 0.0903 1144+5 


Grain size: 0.060 + 0.005 mm. 
Fractured specimen. 
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Table IV. Creep and Density Data from Bar A! of OFHC Copper 
at 500° C 


Density, 


Volume 
Creep _ Stress, Time, Strain, Base 8.9300 g/cm’, Voids 10°, 
Stage Psi Hr In per In Creep Change _— cm’ perg 
Second 3000 24.00 0.0400 8.9145 0.0155 194+5 
Second 3000 32.05 0.0501 8.9039 0.0261 328 + 5 
Second 3000 44.50 0.0491 8.9062 0.0238 299 + 16 
Second 3000 59.50 0.0644 8.8859 0.0441 555 + 16 
Third 3000 73.30 0.0860 8.8484 0.0816 1032+ 5 
Third 3000 76.77 0.1370 8.7310 0.1990 2552 + 16 
Third 3000? -97.52 0.1641 8.6300 0.3000 3892 + 16 


*Grain size: 0.050 + 0.005 mm. 
Fractured specimen. 


test temperature and the load applied. Grain sizes 
were in the range of 0.045 to 0.060 mm. The ap- 
plied stress varied from 2000 to 5000 psi in a tem- 
perature range of 400°to 550°C, and time varied 
from 0.5 to 100 hr. Following a predetermined creep 
strain, specimens were removed from the furnace 
and density specimens were prepared from the gauge 
length of creep specimens. 

Fig. 1 shows a typical example of the change in 
density of polycrystalline copper with respect to the 
corresponding creep curve at 500°C and 5000 psi. 

In this particular experiment density changes, equiv- 
alent to (38 +16) x10°° cm® per g and (27 + 16) x 107° 
cm® per g in 0.5 and 1.0 hr, respectively, were 
measured in the first stage of the creep process. 
The second stage brought about a substantial and 
continuous development of voids. In the third stage, 
a rapid decrease in density preceded intergranular 
fracture produced by the joining of previously 
formed, isolated voids into well defined cracks. 
These data show that the nucleation and growth of 
voids and cracks, which culminate in fracture, are 
continuous processes extending over the entire 
range of the creep curve, including the first stage. 

Stress, Strain, and Temperature Variables— The 
largest possible number of specimens were ma- 
chined from the same OFHC rod to minimize dif- 
ferences in structure and associated creep proper- 
ties. However, to cover the range of variables, it 


Table V. Creep and Density Data for Second-Stage Creep 
from Bar C! of OFHC Copper at 5000 Psi 


Density, Volume 
Tempera- _ Time, Strain, Base 8.9300 g/cm’ Voids 10°, 
ture, °C Hr In per In Creep Change cm’ per g 
400 26.13 0.0353 8.9227 0.0073 91+ 16 
400 44.25 0.0432 8.9182 0.0118 148 + 16 
400 58.62 0.0500 8.9136 0.0164 206 + 5 
450 9.00 0.0444 8.9229 0.0071 89 + 16 
450 20.37 0.0651 8.9100 0.0200 251 + 16 
450 28.60 0.0886 8.8898 0.0402 506 + 16 
500 2.00 0.0514 8.9264 0.0036 45+ 16 
500 3.08 0.0634 8.9191 0.0109 136 + 16 
500 4.75 0.0867 8.9023 0.0277 348 + 16 
550 1.00 0.0765 8.9203 0.0097 121+5 
550 1.98 0.1086 8.9024 0.0276 347 + 16 
550 3.00 0.1324 8.8877 0.0423 533'£'5 


'Grain size: (0.045 to 0.060) + 0.005 mm. 


was necessary to prepare specimens from several 
different rods. All of these data are summarized in 
Tables III, IV, V, and VI. 

When the logarithm of void volume per unit weight 
of copper is plotted as a function of the logarithm 
of the time at 500°C, Fig. 2, a different curve is 
obtained for each bar of copper, at each of two 
stresses. However, when measured strain is sub- 
stituted for time, the data obtained from different 
bars fall on a single curve for each stress, Fig. 3. 
The arrows indicate the approximate limits of the 
first and second stage of creep. These two plots of 
the data clearly demonstrate the strain dependence 
of void formation in creep. 

Fig. 4 shows void volume as a function of strain 
for different temperatures and a constant stress of 
5000 psi. All the data are associated with the sec- 
ond stage of creep and all the specimens were ma- 
chined from the same OFHC copper rod to avoid the 
variations indicated in Fig. 2. The data in Fig. 4 
show that void volume at a given strain increases 
as the test temperature decreases. 

Analysis of the temperature dependence of the 
rate of the processes involved is particularly dif- 
ficult since the range of temperatures used vary 
from 0.57yp to 0.6 Typ , which is on the borderline 


Table VI. Creep and Density Data from Bar D! of OFHC Copper 


Volume 
Creep Tempera+ Stress, Time, Strain, Density Creep, Voids x 10°, 
Stage ture, °C Psi Hr In per In Base g per cm’® Change cm’ per g 
First 500 3000 1.00 0.0129 8.9303 + 0.0007 8.9307 + 0.0004 0.0000 +5 
First 500 3000 2.00 0.0170 8.9307 + 0.0002 8.9308 + 0.0004 0.0000 +5 
First 500 3000 4.00 0.0222 8.9310 + 0.0003 8.9287 + 0.0004 0.0023 + 0.0004 3225 
First 500 3000 8.00 0.0294 8.9316 + 0.0002 8.9254 + 0.0004 0.0062 + 0.0004 as 
Second 500 3000 16.82 0.0548 8.9316 + 0.0002 8.9036 + 0.0004 0.0280 + 0.0004 352 +5 
Sécond 500 3000 41.25 0.1137 8.9308 + 0.0003 8.7777 + 0.0004 0.1531 + 0.0004 1953 + 5 
First 500 5000 0.50 0.0370 8.9309 + 0.0007 8.9299 + 0.0004 0.0010 + 0.0007 13+9 
First 500 5000 1.00 0.0480 8.9305 + 0.0007 8.9274 + 0.0004 0.0031 + 0.0007 39 +9 
First 500 5000 2.00 0.0666 8.9307 + 0.0008 8.9177 + 0.0004 0.0130 + 0.0008 163 + 10 
First 400 5000 5.05 0.0254 8.9308 + 0.0007 8.9301 + 0.0004 0.0007 + 0.0007 8+9 
First 400 5000 11575 0.0309 8.9307 + 0.0007 8.9290 + 0.0004 0.0017 + 0.0007 21+9 
First 400 5000 17.82 0.0328 8.9312 + 0.0007 8.9280 + 0.0004 0.0032 + 0.0007 40+9 
First 550 3000 0.50 0.0166 8.9306 + 0.0007 8.9291 + 0.0004 0.0015 + 0.0007 19+9 


4Grain size: 0.060 + 0.005 mm. 
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Fig. 2—Void volume as a function of time at 500°C in argon 
for specimens from four different bars of OFHC copper. 
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Fig. 3—Void volume as a function of creep strain at 500°C 
in argon for specimens from five bars of OFHC copper. 
At 2000 psi specimens were tested in argon and in air. 
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Fig. 4—Void volume as a function of second-stage creep 
strain at 5000 psi at different temperatures. 


between high- and low-temperature processes. An 
apparent activation energy for the overall creep 
process, from the temperature dependence of the 
second (constant strain rate) stage of creep in Fig. 
5, yields a value of 29,000 cal per mole. Similarly, 
an apparent activation energy for the growth of 
voids can be obtained in terms of the time to pro- 
duce a given void volume; the apparent activation 
energy derived for the growth of voids, from Fig. 
5, is also 29,000 cal per mole. 

Finally, for the purpose of estimating the contribu- 
tion of void volume to the measured strain, it was 
assumed that all material displaced from voids con- 
tributed to the change in length. The ratio of ©, the 
strain associated with the voids, to the total meas- 
ured strain, &;,is shown in Fig. 6, as a function of 
stress at 500°C and at a constant measured strain 
of 0.07. Fig. 7 shows the ratio &,/€, as a function 
of temperature, for a constant stress of 5000 psi 
and a strain of 0.07, which is within the second stage 
of creep at all temperatures represented in Fig. 7. 
It is evident that the displacement of material from 
voids contributes appreciably to apparent strain, 
and that this contribution increases as the tempera- 
ture and stress are decreased. 

Structural Observations— Typical transverse 
cross sections are shown in Fig. 8. The significant 
fact at this point, and one that is perhaps more ap- 
parent after an examination of many sections, is 
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Fig. 5—Time to produce a given void volume, and second- 
stage creep rate, as a function of the reciprocal of the ab- 
solute temperature. 


that the voids are not uniformly distributed along 
the radius of the cylindrical specimens. 

To evaluate the distribution of voids in a radial 
direction five successive cuts were made, three 
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Fig. 6—The ratio of strain due to voids to total creep strain 
in the second stage as a function of stress at 500°C fora 
creep strain of 0.07. The corresponding void volumes are 
included for reference. 
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Fig. 7—The ratio of strain due to voids to total creep strain 
in the second stage as a function of temperature for a creep 
strain of 0.07 at a stress of 5000 psi. The corresponding 
void volumes are included for reference. 


removing approximately 0.01 in. from the radius 
and two removing 0.02 in., on each of six creep 
specimens. The density was measured after the 
removal of each annular layer. The average void 
volume, associated with the mid-radius of each an- 
nular volume of copper, was calculated and Fig. 9 
shows the results for three typical specimens at 
500°C and 3000 psi. The data for specimens 17 and 
18 correspond to an earlier stage of void growth 
than that shown in Fig. 8(b), while the curve num- 
bered 15 describes the void distribution at the be- 
ginning of the third stage of creep approximated by 
Fig. 8(c). Clearly, there is an abnormally high vol- 
ume of voids near the surface but, in these rela- 
tively large specimens, the surface contribution to 
total volume is small and the average volume ob- 
tained from the entire specimen (shown by the dot- 
ted line in Fig. 9) appears to provide a reasonable 
representation of the average of the distribution. 
An interesting feature of these data is the pro- 
nounced minimum and maximum that appear in all 
six specimens, in approximately the same position 
relative to the surface. 

Effect of Atmosphere on Void Volume—Because of 
the very large number of tests required to obtain the 
density data, most of the specimens were introduced 
into the furnace at temperature, which produced a 
superficial oxide film in the period when the furnace 
was being evacuated and refilled several times with 
purified argon—a process requiring several min- 
utes. In order to determine the effect of oxygen on 
void volume, two specimens were strained at 500°C in 
air for 69 and 91 hr, respectively. The void volumes, 
determined after removal of the oxide film in dilute 
nitric acid, Table VII, were completely consistent 
with those obtained from tests in argon, as shown in 
Fig. 3 for 2000 psi. Furthermore, microscopic ex- 
amination of cross-sections indicated that the dis- 
tribution of voids at grain boundaries was the same 
for both argon and air atmospheres. 
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Fig. 8—Distribution of voids near the ; 
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In order to evaluate the possible influence of re- 3, is 670 X10" ° cm® per g, which should be compared 
sidual oxygenin the OFHC copper, comparison tests with the void volume of 843 x 10° ° cm? per g ob- 
were made in argon and in hydrogen; in order to tained in a hydrogen atmosphere at the same strain: 
eliminate from consideration oxygen introduced dur- at approximately twice the strain, argon and hydro- 
ing the test these specimens were placed in the fur- gen again differ (2419 to 2520) x 10 °cm* per g. 
nace chamber at room temperature, the atmosphere The differences at both strains, 173 and 101 x 107° 
was established and the temperature raised to cm’ per g, indicate that the residual oxygen in OFHC 
500°C. Comparative results are given in Table VII does have an effect on void production in a hydrogen 
for 22 and 34 hr at 500°C and 3000 psi. The void atmosphere; however, the effect is approximately the 
volume at a strain of 0.0623, from the data in Fig. same for the two conditions examined and is respon- 
sible for only a small fraction of the total volume of 
voids produced. 

Effect of Purity on Void Volume—Comparative 
tests with three different types of pure copper 
were made at 500°C at 3000 psiand an apparent strain 
of 5 pct. An argon atmosphere was maintained 
throughout the test and specimens were introduced 
and removed from the furnace chamber at room 
temperature to prevent oxidation. The different 
types of copper were prepared in the following man- 
ner: 

1) Selected OFHC copper was melted in graphite 
SRE SER ee and stirred under a vacuum of 107* mm for 1 hr and 
cast in vacuum. The resulting ingot, 2 in. in diam 
by 12 in. long, was cold rolled to 0.63 in. diam rod 
from which creep specimens were machined. 

2) High-purity copper was obtained from American 
Smelting and Refining Co.in the form of 0.75-in. rod 
from which specimens were machined without fur- 
EN, SI ther treatment to avoid contamination. 

3) Resnick and Seigle® had previously shown that 

pee Pe the number of voids produced during creep of 70/30 

002 004 006 008 O10 Ol2 O14 o16 ois less than the number formed in commercial rod. 
DISTANCE FROM SURFACE , IN This experiment was repeated with OFHC copper 

Fig. 9—Void volume as a function of distance from the which was melted ina graphite crucible and solidi- 

specimen surface. Average void volumes for the entire fied from the bottom by lowering through a furnace; 

specimen are indicated by the dotted lines. 2 in. were cut from the top of the resulting single 
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Table Vil. Creep and Density Data! for Specimens Strained in Atmosphere of Hydrogen, Argon, and Air at 500° C 


Density, Volume 

Specimen Strain, Base 8.9300 g per cm’, Voids x 10°, 
Number Atmosphere Stress, Psi Time, Hr In per In Creep Change cm® per g 
90 Argon 3000 21.92 0.0551 8.8846 0.0454 572 + 16 
91 Hydrogen 3000 21.92 0.0623 8.8633 0.0667 843 + 16 
86 Argon 3000 33.92 0.1120 8.7412 0.1888 2419 + 16 
87 Hydrogen 3000 33.92 0.1116 8.7335 0.1965 2520 + 16 
105 Air 2000 91.42 0.0676 8.8442 0.0858 1086 + 16 
104 Argon 2000 89.08 0.0646 8.8512 0.0788 997 + 16 
103 Air 2000 69.33 0.0480 8.8866 0.0434 547 + 16 
100 Argon 2000 69.33 0.0463 8.8891 0.0409 515 + 16 


‘Grain size: 0.050 + 0.005 mm. 


crystal, and the remainder remelted and again 
solidified from the bottom. The twice melted and 
solidified crystal was cold rolled from 1-in. toa 
0.63-in. diam rod from which creep specimens 

were prepared. 

As a consequence of the different methods of prep- 
aration the grain sizes of these specimens estab- 
lished in the creep furnace prior to applying the load 
were different but the results, shown in Table VIII 
leave little doubt of the pronounced effect of prior 
treatment: 1) the time required to attain a strain of 
about 5 pct varies remarkably among the different 
types of copper; 2) the volume of voids produced by 
the same strain is very greatly affected by direc- 
tional solidification; 3) purification by vacuum melt- 
ing and casting is effective in reducing void produc- 
tion but not nearly to the extent effected by direc- 
tional solidification of standard OFHC copper in which 
the void volume corresponds to the limit of sensitiv- 
ity in density measurement. Since the AS and R cop- 
per contained long columinar grains, and it was not 
subsequently recrystallized, it is uncertain whether 
the absence of voids is due to the high purity or to 
the structure. 


DISCUSSION 


Nucleation— These experiments provide a meas- 
ure of total void volume averaged over an unknown 
distribution of void sizes, distance between voids, 
and averaged over the volume of the specimen; they 
do not, therefore, provide a direct evaluation of 


Table Vill. Void Volume Produced in Different Types of Copper 
by Creep at 500°C and 3000 Psi 


Density, Volume 
Time, Strain, Base 8.9300 gpercm’ Voids x10°, 

Material Hr InperIn Creep Change cm’ perg 
Vacuum Cast OFHC Copper’ 35.72 0.0488 8.9200 0.0100 116+ 16 
Recrystallized Single Crys- 170.40 0.0425 8.9288 0.0012 15 + 16 
tal of OFHC Copper, twice 
solidified from the bottom’ 
American Smelting and 4.30 0.0487 8.9287 0.0013 16 + 16 
Refining Company High 
Purity Copper’ 
OFHC Copper,’ Table VII 21.92 0.0551 8.8846 0.0454 572+ 16 


‘Mixed grain size, 80 pct 0.045 mm, 20 pct 0.070 mm, equiaxed. 
*Mixed grain size, 75 pct 0.070 mm, 25 pct 0.150 mm, equiaxed. 
*Longitudinal columinar grains. 

“Equiaxed grains, 0.050 mm. 
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detailed mechanistic processes of void nucleation 
and growth. Nevertheless, certain limiting condi- 
tions c“n be derived from the data. 

The fact that a measurable volume of voids was 
not produced by 15 pct strain in a single crystal 
implies that vacancies do not condense in the ab- 
sence of nucleating sites, and/or that lattice diffusion 
is unable to transport sufficient material at 500°C. 
From the other experiments it appears that both 
nuclei and grain boundary diffusion are necessary 
conditions for void growth. 

Introducing grain boundaries by recrystallization 
of a single crystal did not result in the production of 
a measurable volume of voids as a consequence of a 
creep strain of 4 pct under the same conditions that 
produced a relatively large volume of voids in poly- 
crystalline copper without prior directional solidifi- 
cation. Thus, it appears that the presence of grain 
boundaries is not, in itself, a sufficient cause for 
nucleation and growth of voids. A second phase, lo- 
cated at the boundary, is also required. 

Since the structure of the high-purity AS and R 
copper consisted of large, longitudinal grains, it is 
uncertain whether the absence of voids in this ma- 
terial is a consequence of the higher purity, or the 
structure associated with the method of production. 
It may well be that the composition represented by 
spectrographic analysis is not relevant to the prob- 
lem in the comparatively high-purity material used 
through this investigation since the void volume of 
OFHC copper was reduced from about 500 x10 ° 
cm’ per g to essentially zero in the same material, 
under the same creep conditions, by directional 
solidification alone. 

Oxygen in the gas phase or as a surface oxide ap- 
pears to be excluded as the cause of voids since 
large quantitities of oxygen (air) have only a small 
to negligible effect on void volume. Furthermore, 
voids were produced in vacuum melted and cast 
OFHC copper, whereas voids did not appear in re- 
crystallized OFHC copper after directional solidifi- 
cation in a graphite mold in air. 

Assuming that all included copper oxide was re- 
duced during creep in a hydrogen atmosphere, the 
relatively large remaining void volume represented 
by the difference between tests in hydrogen and in 
argon indicates that included copper oxide is not en- 
tirely responsible for voids. However, the pro- 
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Fig. 10—Wedge shaped void formed at specimen surface as 
a result of relative movement of grains along grain bound- 
aries, shown by displacement of fiducial marks. X1000. 
Enlarged approximately 6 pct for reproduction. 


nounced effect of directional solidification, as pre- 
viously observed in brass by Resnick and Seigle,° 
and ascribed to zinc oxide, supports the conclusion 
that some insoluble phase is responsible for the nu- 
cleation of voids at grain boundaries. The identity 
of this phase, or phases, remains unknown in spite 
of all efforts to identify it in the present investiga- 
tions. 

Void Growth—Hull and Rimmer, * by conducting 
experiments under the simultaneous application of 
axial tension and hydrostatic pressure, have shown 
that the growth of voids is prevented when the net 
normal stress across a boundary is zero. Following 
Bailuffi and Seigle’* they conclude that void growth 
and subsequent fracture can be explained in terms 
of vacancy condensation at suitable nuclei located in 
the grain boundary; in this mechanism the source of 
vacancies is the boundary itself and the vacancy cur- 
rent is directed to the growing void by the stress 
acting across the boundary. 

The evidence from the present experiments that 
voids form initially in an annular ring immediately 
below the surface, and that the number of voids in- 
creases in time along the radius of the cylindrical 
specimen, indicates that the free surface is the ulti- 
mate source of vacancies. The fact that transport 
of atoms away from the voids is predominantly by 
way of the boundaries is substantiated: 1) by the rela- 
tively low value of the apparent activation energy 
for void growth (29,000 cal per mole compared with 
47,120 cal per mole’ for self-diffusion), 2) by the 
absence of voids in single crystals and, 3) by the value 
of ratio 
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Fig. 11—Different shapes of voids at a grain boundary due 
to deformation and shearing of grains. X400. Enlarged 
approximately 6 pct for reproduction. 


Dg: 

for the two modes of transport at 500°C. D; and Dz 
are the lattice and the grain boundary diffusion coef- 
ficients, respectively; pis the void radius, and 6 

the width of the grain boundary (assumed 5 X 10° 

cm by Hoffman and Turnbull).’® At 500°C, Dg - 6, = 
3 cm*sec™ for silver’® and, presumably, this 
value may be used for copper without significant 
error. Assuming with Hull and Rimmer, an ex- 
treme upper limit for p = 10°* cm, and D; for cop- 
per single crystals = 0.2 exp (47,120/RT),** the con- 
tribution to transport from lattice diffusion at 500°C 
is 4 pct of the total. Thus, to a first approximation, 
lattice diffusion can be neglected and grain bound- 
aries are essential to the process in this tempera- 
ture range. 

The remaining problem regarding the contribu- 
tion of boundary shear to the growth of voids is dif- 
ficult to evaluate because of the simultaneous opera- 
tion of different modes of strain in the intermediate 
range of temperatures where these experiments 
were conducted. Boundary shear is also an activated 
process and Harper’’ gives an activation energy of 
31,000 cal per mole for boundary sliding in copper; 
this value should be compared with 29,000 cal per 
mole for void growth and second stage strain rates 
from the present experiments, Fig. 5. Thus the 
evidence for voids associated with boundary shear 
in copper, Figs. 10 and 11, may nevertheless result 
from the diffusional transport mechanism directed 
by the stress across the boundary. The location of 
voids, relative to the applied stress and to the shape 
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of grains, may only be indicative of locations where 
stress is concentrated by boundary shear at ledges 
in the boundary plane and at the line of junction of 

three grains. Once voids have formed, the additional 
degree of freedom allows grains to move under local 
forces, providing a great variety of void shapes and 

locations. 


CONC LUSIONS 


1) The change in density of copper single crystals, 
strained 15 pct by either single or conjugate slip 
processes, is less than the sensitivity of measure- 
ment, or less than 0.01 pct. For similar conditions 
of temperature and strain the change in density of a 
polycrystalline aggregate of copper ranges from 0.5 
to 22 pct. 

2) The void volume produced in four different bars 
of OFHC copper is a monotonic function of apparent 
strain at constant stress and temperature; the time 
required to produce a given void volume varies by a 
factor of two or more between different lots of ma- 
terial, and the same stress and temperature. 

3) Void volume increases continuously, with strain, 
beginning in the first stage of the creep process. 

4) The radial distribution of voids (in a plane nor- 
mal to the direction of the applied force) is not uni- 
form; void volume is a maximum at the surface and 
appears to reach another, lower maximum, at 0.05 
in. from the surface of a 0.5 in. diam cylindrical 
specimen. 

5) The volume of voids produced in a polycrys- 
talline aggregate of copper undergoing creep in the 
temperature range of 0.5 to 0.67\yp is extremely 


Ir was shown previously’ that the diffusivity of hy- 
drogen in a-Fe below 200°C is anomalously low, a 


ture of hydrogen “‘traps.’’ The energy of the trapped 
hydrogen was computed as 4.8 kcal per g-atom be- 
low that of the interstitially dissolved hydrogen. 
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The Solubility of Hydrogen 


Equilibrium concentrations of hydrogen in iron were 
measured at H, pressures up to 136 atm and temperatures 
down to 145°C. Residual hydrogen was prominent near 600°C 
in air-melted but not in vacuum-melted iron. The diffusible 
hydrogen solubility is abnormally high below 390°C, confirm- 
ing the hypothesis of hydrogen trapping.’ It appears that the 
traps for hydrogen in iron form suddenly on cooling. The es- 
timated H2 pressure in equilibrium with 5 ppm hydrogen in 
steel at room temperature is less than 1000 atm. 


behavior attributed to the presence in the metal struc- 


sensitive to the method of preparation, and/or pu- 
rity. Directional solidification of OFHC copper from 
the bottom reduces the volume of voids to the limit 
of sensitivity of measurement (16 X 10°° cm® per g), 
under conditions that result in 500 x 10°° cm® per g 
of voids in the same material produced by conven- 
tional methods. 
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in Alpha Iron 


M. L. Hill 
E. W. Johnson 


The strongest confirmation of the trap hypothesis 
should be obtainable from measurements of the hy- 
drogen solubility at low temperatures. Such meas- 
urements have been performed and are reported in 
this paper. The ‘‘residual hydrogen’”’ effect”? must 
be carefully controlled if valid measurements of the 
solubility are to be obtained, and such an effort was 
made in the present work. 

Previous data for the solubility of hydrogen in 
iron have been summarized by Geller and Sun.* Their 
equation for the most probable solubility at 1 atm in 
a-Fe above 400°C is 
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Co (ppm) = 42.7 exp(—6500 cal per g-atom/RT) [1] 


in which c, is the equilibrium hydrogen concentra- 
tion, R is the gas constant, and T is absolute tem- 
perature. More recently Eichenauer, Kiinzig, and 
Pebler* have measured the solubility of hydrogen in 
Armco iron at temperatures down to 200°C and ob- 
tained the relation 


Cy (ppm) = 27.8 exp(—5800 cal per g-atom/RT) [2] 


Both of these equations as well as the diffusivity 
above 200°C’ are consistent with the view that at 
high temperatures in the a range the hydrogen is 
dissolved in the iron lattice interstices. The con- 
formance of the solubility to Sieverts’ law, i.e. 


Co =Kp? [3] 


in which p is the H2 pressure and K is an equilib- 
rium constant depending on temperature only, indi- 
cates that the dissolved hydrogen is in the form of 
single atoms or ions. At lower temperatures in the 
q@ range, however, the diffusivity is consistent with 
the view that the hydrogen is ‘‘trapped.’’? 


EXPERIMENTAL 


The unalloyed iron specimens for the present study 
were from the same heats and prepared in the same 
ways as those for the diffusivity measurements re- 
ported previously.’ All specimens were solid cylinders 
of length equal to diameter from 1/4 to 3/4 in. 

The solubility measurement technique consisted of 
charging the specimens to their equilibrium hydrogen 
contents in Hz at known temperatures and pressures, 
water quenching, and analyzing the specimens for 
hydrogen. Both ‘‘thermal’’ and ‘‘pressure’’ charging»® 
were used, the former above 600°C and the latter 
below this temperature. In both methods the speci- 
men temperature was controlled within +5°C and the 
Hz pressure within +5 pct. 

Hydrogen analyses were performed by heating the 
specimens in vacuum and analyzing the evolved gas. 
The fused-silica, glass and mercury vacuum analyti- 
cal apparatus for this purpose has been described.» *® 
The apparatus blank correction was below 0.01 ppm H. 

Hydrogen analyses resulting from thermal charging 
above 1000°C were independent of specimen size 
above 1/4 in. Slighly lower values from smaller 
specimens were due presumably to hydrogen losses 
during cooling. Hence all thermally charged speci- 
mens examined in the present study were at least 
1/2 in. in diam. A blue oxide coating that formed on 
these specimens during quenching was abraded off 
at a temperature below 0°C, as indicated by the 
persistence of a frost layer during abrasion. 

Pressure-charged specimens as small as 1/4 in. 
showed no size dependence of the analyzed hydrogen 
content and did not oxidize noticeably during cooling. 
These specimens were not abraded prior to analysis. 

Just prior to insertion into the analytical apparatus 
through the mercury lift, each specimen was removed 
from liquid nitrogen storage, warmed to room tem- 
perature in water, and rinsed with acetone and dried. 
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Table I. Hydrogen Content of Thermally Charged Iron, AMI, AM2 and AM3 


Charge T, Ave. H, Content, No. Ave. Dev., Max. Dev., 
a > ppm Samples Pct Pct 
600 1.2 3 0 0 
610 13 2 0 
660 15 1 = 
877 2.55 5.9 
971 4.45 2 3.5 

1066 5.5 1 

1079 5.6 2 1.8 
1152 6.25 2 23 
1166 6.35 2 0.8 
1191 6.8 1 

1202 6.9 9 3.0 4a 
1262 7.4 3 
1312 8.0 2 0 

1346 8.1 5 2.0 3.7 
1362 8.2 2 0 

1371 8.5 2 2.4 


Collection of the evolved gas was started immediately. 
Moisture was collected in a liquid nitrogen trap and 
not added to the hydrogen analysis, as previous tests 
had shown that such moisture originated from the 
specimen surface rather than from the hydrogen in 
the specimen. 

The possibility of errors due to specimen surface 
impurities was checked by repeating the hydrogen 
analysis procedure on previously vacuum-extracted 
(uncharged) specimens that were again subjected to 
the various steps of oxidation, abrasion, rinsing, and 
so forth. The resulting hydrogen analyses were al- 
ways below 0.1 ppm and averaged 0.05 ppm. 


RESULTS 


Hydrogen Solubility in y Fe—As a check on the 
effectiveness of the charging and analysis procedure, 
solubility measurements for y Fe at 1 atm Hz were 
obtained with the aid of thermal charging. The re- 
sults are listed in Table I as values of the equilibrium 
hydrogen concentration c,, and plotted as logc, vs 
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Fig. 1—1-atm solubility of hydrogen in iron as de- 
termined by thermal charging. 
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1/T in Fig. 1. The solid curve in Fig. 1 represents 
the ‘‘most probable’’ literature solubility at 1 atm 
as given by Geller and Sun. Their equation for y Fe 
is 


Co (ppm) = 42.7 exp(-—5400 cal per g-atom/RT) [4] 


The least-squares equation for the present experi- 
mental points for y Fe is 


[5] 


The 95 pct confidence limits are 52.5 and 67.25 ppm 
on the intercept, and 6000 and 6720 cal per g-atom 
on the slope. 

Since the discrepancies between the present data 
and Eq. [4] are generally less than the assumed 
experimental error of 5 pct, it is concluded that the 
present specimens acquired their equilibrium hydro- 
gen contents during charging and that they lost no 
significant amounts of hydrogen between the times 
of charging and analysis. 

Residual Hydrogen—As noted previously,’ residual 
hydrogen was prominent in air-melted iron speci- 
mens pressure-charged near 600°C. Its behavior is 
indicated by the following long-term experiment: 
Three 0.5 in.-diam air-melted specimens were 
charged in 66 atm Hp at 550°C for 167 hr and subse- 
quently analyzed for hydrogen after varying periods 
of room-temperature storage. Specimen No. 1 was 
analyzed immediately by vacuum extraction at 600°C 
for 1.5 hr, during which 14.7 ppm H was recovered, 
followed by 1 hr at 850° where an additional 12.5 ppm 
was obtained. The other two specimens were stored 
in an air-filled desiccator at room temperature for 
1.5 and 2 years respectively. Specimen No. 2 yielded 
3.4 ppm H during 1.5 hr extraction at 500°C and an 
additional 15.1 ppm at 850°C. Specimen No. 3 yielded 
7.0 ppm in 1.5 hr at 600°C and 12.3 ppm at 850°. 

The evolution rate of diffusible hydrogen from such 
specimens’ is such that at least 99.9 pct of the diffusi- 
ble hydrogen should have been evolved in only 17 days 
at room temperature. Hence the 19 ppm H found in 
specimens 2 and 3 was entirely residual. The ap- 
proximately 8 ppm additional hydrogen found in Speci- 
men No. 1 was thus diffusible hydrogen, as is indi- 
cated also by the fair agreement of this figure with 
the solubility value of 6.5 ppm (at 66 atm and 550°C) 
computed from Eqs. [1] and [3]. 

During pressure charging at 600°C, the residual 
hydrogen concentration increased gradually to a max- 
imum in 50 to 100 hr. This maximum varied from 3 
to 19 ppm in the different heats of air-melted iron. 
The rate of residual hydrogen formation was im- 
measurably small below 400°C. 

Above 600°C, pressure charging was not attempted 
in view of the pressure vessel limitations, and l-atm 
charging was used. The resulting residual hydrogen 
contents never exceeded 0.3 ppm at charging temper- 
atures up to 1300°C. Thus the residual hydrogen con- 
centration appears to be proportional to p**° at least. 

Fig. 1 shows that the hydrogen contents resulting 
from 1-atm charging at 600°, 610°, and 660°C ex- 
ceed the previous literature values by about 0.2 ppm, 


Co (ppm) = 59.4 exp(—6360 cal per g-atom/RT) 
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which may now be accounted for as residual hydro- 
gen. The fact that no such difference was found at 
877° or any higher temperature is consistent with 
the observation that above 800°C the residual hydro- 
gen is liberated rapidly into vacuum and is thus un- 
stable. 

In contrast with the above results on air-melted 
iron, the analyzed* residual hydrogen contents of the 


*This analysis was performed by vacuum extraction of the diffusible 
hydrogen at 550° to 600° C for 1 to 2 hr followed by vacuum heating 
above 800° C. Hydrogen extracted during the latter step was considered 
residual, as discussed previously.”" 
vacuum-melted iron specimens never exceeded 0.3 
ppm. The possibility that residual hydrogen is as- 
sociated with oxygen was checked by pressure charg- 
ing a special vacuum-melted heat containing 0.12 pct 
O, but no more than 0.1 ppm residual hydrogen was 
found. 

Mechanical testing of iron containing over 5 ppm 
residual hydrogen showed the material to be com- 
pletely brittle, failing by 100 pct grain boundary 
fracture at loads below the yield stress. The effect 
was independent of the presence of diffusible hydro- 
gen but could be eliminated entirely by removing the 
residual hydrogen by heating in vacuum above 800°C. 
The effect was similar to the grain-boundary weaken- 
ing phenomenon due to hydrogen described by Stan- 
ley. 

Low-Temperature Solubility—Previous measure- 
ments of the solubility of hydrogen in a Fe have been 


Table Ii. Hydrogen Contents of Pressure-Charged VM-3 Iron 


ve Average 
Charging Conditions Hy 
Tempera- H, Pressure, Time, Concentration of Devia- 
ture, °C p, Atm Hr Co» Ppm Specimens tion, Pct 

585 136 18 13:3 8 0.6 
124 17 12:2 4 0.4 

123 25 11.9 5 4.2 

119 2:5 12.4 12 1.6 

99 5 10.8 5 0.6 

73 18 8.83 3 1.9 

48 17 1029 3 0.5 

22 5 4.81 3 1.0 

538 107.5 22 8.4 ) 4 a2 
24.5 24 3.8 4 33 

490 93 100 5.9 5 5.9 
24 6 2.9 6 6.4 

390 118 7 577 3 0.7 
107 5 3.48 24 1.6 

98 16.5 3.64* 2 1 

59 22:5 2.41 3 0.2 

53 9 2.37 2 0.4 

290 107 120 3:37 3 0.4 
107 46 3.25 4 13:2 

24 144 1.45 3 6.9 

210 124 43 2.84 3 7.9 
111 47 2.61* 2 10.2 

111 47 2:23 2 4.9 

92 96 2.14 5 6.5 

65 75 2.28 2 9.6 

58 17 1.60* 3 1.9 

145 120 174 1.92* 4 8.3 
120 174 1.68 2 18.5 

59 70 0.95 3 1337 

48 244 0.86* 2 2 

48 244 1.04 3 2-2. 


*Precharged at 92 atm, 585°C prior to final charging, 
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Fig. 2—Solubility of hydrogen in iron at 145° to 
585°C: isotherms of log cp vs log p. (Note that the 
right-hand scale applies to the 290° isotherm only.) 


generally limited to the temperature range above 
400°C because of the low solubility and consequent 
low sensitivity of measurements below this tempera- 
ture. Classical measurement techniques such as that 
of Sieverts® are based on gas-volume difference 
measurements which are subject to serious losses 
of precision as the solubility and the measured dif- 
ferences become small. An exception is the recent 
study of Eichenauer ef al.,* in which the solubility 
was measured directly by analysis at temperatures 
down to 200°C. 

In the present work the equilibrium hydrogen con- 
tent was also measured directly. Increased sensi- 
tivity was obtained by the use of pressure charging, 
which permitted the solubility to be measured at 
temperatures down to 145°C, 

A total of 118 specimens from heat VM-3 were 
charged at various Hz pressures between 22 and 136 
atm and at temperatures from 585° to 145°C, as 
shown in Table II. To assure that the resulting hy- 
drogen contents were equilibrium values, the speci- 
mens denoted by (*) in Table II were preliminarily 
charged at 92 atm and 585°C to about 10 ppm H be- 
fore being exposed to the lower temperature charg- 
ing conditions. The final hydrogen contents of these 
specimens were thus approached from above, while 
those of the remaining specimens were approached 
from below. 


The primary results are given in Table II as values 
of the equilibrium hydrogen content c,. Each c, value 
listed is an average from two or more specimens that 
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Table Ill. Solubility of Hydrogen in &-Fe at 100 Atm H, 
95 Pct Confidence 


Tempera- 100-Atm Solubility Limits of Log c, 
ture, °C n Co, Ppm Log c, +L; 

585 0.57 10.98 1.041 0.014 

538 0.54 8.08 0.907 0.023 

490 0.52 6.13 0.787 0.067 

390 0.63 3.44 0.537 0.014 

290 0.55 3.19 0.504 0.138 

210 0.56 2.36 0.372 0.120 

145 0.75 1.57 0.195 0.165 


were charged together. The number of specimens 
contributing to each average and the mean deviations 
are also given. The deviations at the lower temper- 
atures are generally larger than the +5 pct experi- 
mental error of the individual measurements. 

A log-log plot of the isothermal average values of 
C) VS p is shown in Fig. 2. The heights of the tails 
on the plotted points represent the mean deviations, 
and the widths of the tails correspond to the number 
of specimens contributing to each point. The linear 
isotherms were determined by the least-squares 
method on the assumption that the solubility at each 
temperature is proportional to p”, in which n isa 
constant. The results of this treatment are given in 
Table III, in which m is seen to be higher than the 
Sieverts’ law value of 1/2 at all seven temperatures. 

The 100-atm solubility (rather than the 1-atm 
solubility) is given in Table III because it can be de- 
termined with satisfactory precision by interpolation 
in the present pressure range. This precision is in- 
dicated by two sets of 95 pct confidence limits of 
log cy (at 100 atm) in Table III. The values of ‘‘+L,’’ 
are the limits within which any individual determina- 
tion of log c, would be expected to fall 95 pct of the 
time. The values of ‘‘+Z,’’ are the 95 pct confidence 
limits of the average values of logc, as based on the 
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Fig. 3—Solubility of hydrogen in @ iron at 100 atm. 
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assumption that the scatter of the individual measure- 
ments is statistically normal. 

The 100-atm values of logc, are plotted against 
1/T in Fig. 3. The heights of the plotted rectangles 
represent +L,, and the tails above and below the 
» rectangles represent +L;. 

Fig. 3 also includes solubility values for 1 atm 
plotted one logarithmic cycle above their normal 
positions to represent the 100-atm solubility as com- 
puted from Sieverts’ law. Of these, the dashed line 
represents Eq. [1], and the circles are the results of 
1-atm charging air-melted iron, Table I. 

The most unusual aspect of the 100-atm isobar in 
Fig. 3 is that it consists of two distinct branches 
occurring respectively above and below 390°C. The 
points above 390°C are all quite close to the pressure- 
extrapolated 1-atm isobar but slightly above it in 
conformance with the small positive deviations of n 
from 1/2. On the other hand, all the points below 
390°C are very significantly higher (by up to 0.96 
log unit, or a factor of 9 at 145°C) than the extension 
of the higher temperature branch of the curve. This 
discrepancy is well outside the range of experimental 
error or uncertainty due to the scatter of the data, as 
is clearly indicated by the large gap between the 
dashed line in Fig. 3 and the 95 pct confidence limits 
of the present data. 

The abnormally high solubility below 390°C is in 
excellent accord with the hypothesis of hydrogen 
trapping in a@ iron at low temperatures, and it 
strongly confirms this hypothesis. The solubility is 
thus consistent with the anomalously low diffusivity 
occurring in roughly the same temperature range.’ 


DISCUSSION 


Residual hydrogen has been widely known in con- 
nection with the analysis of steels for hydrogen. It 
is chiefly responsible for the lack of acceptance in 
this country of the ‘‘warm extraction’’ analytical 
method, in which only the hydrogen evolved during 
heating in the a range is measured. The residual 
hydrogen is not all removed in this procedure, and 
preference has been given to analytical techniques 
in which all the hydrogen may be recovered, an ex- 
ample being ‘‘tin fusion.’’” 

The present observations on residual hydrogen are 
in good accord with those in the literature. Geller 
and Sun® noted that ‘‘non-diffusible’’ hydrogen can be 
extracted only above 800°C and is ‘‘obviously more 
firmly combined.’’ This temperature is above the 
a-y transformation of most steels. If temperature 
alone is decisive, therefore, the present observations 
are consistent with those made previously on steel 
to the effect that residual hydrogen is extractable 
only above the transformation temperature.® 

It has been suggested’ that residual hydrogen is 
associated chemically with an impurity in the air- 
melted iron as a compound that decomposes rapidly 
above 800°C. An obvious possibility is that the com- 
pound is H2O resulting from the reduction of FeO by 
dissolved hydrogen, and indeed such a reaction is 
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thermodynamically feasible. However, the oxygen 
contents of all the vacuum-melted heats were suffi- 
cient to form large amounts of H2O, but very little 
residual hydrogen formed. An extreme case was the 
vacuum-melted heat containing 1200 ppm O, which 
also failed to form a significant quantity of residual 
hydrogen. Thus the identity of the compound is still 
uncertain. * 

*A possibility is that the compound is methane, as seems suggested 
by recent work by H. H. Podgurski in Trans. Met. Soc. AIME, 1961, 
Vol. 221, p. 389. 

The rate of residual hydrogen formation is very 
low below 500°C and increases rapidly with tempera- 
ture. The maximum residual hydrogen content 
charged near 600°C may thus be attributed to a bal- 
ance between the respective kinetic and equilibrium 
factors. 

Residual hydrogen interference in the measure- 
ment of the true or diffusible hydrogen solubility 
near 600°C is difficult to avoid. The fact that the 
circles in Fig. 3 are above the literature curve is 
presumed due to residual hydrogen. The point for 
vacuum-melted iron at 585°C and 100 atm is simi- 
larly high. Since residual hydrogen concentrations 
exceeding 0.3 ppm were not found in any vacuum- 
melted iron specimens by analysis, it now appears 
that up to 1 ppm residual H may have been formed 
during pressure charging at 585°C and then evolved 
during the 600°C vacuum extraction at a sufficiently 
high rate to be indistinguishable from the diffusible 
hydrogen. A related observation is that the points 
for 585°C in Fig. 2 are suggestive of an isotherm 
slope increasing slightly from 1/2 with increasing 
pressure, as would be expected if a small amount of 
residual hydrogen were present at a concentration 
proportional to p. This tendency is not seen at either 
538° or 490°C, where the m values are both more 
nearly 1/2 and also the 100-atm solubilities agree 
better with the pressure-extrapolated literature data. 

The above evidence for the formation of residual 
hydrogen in vacuum-melted iron contradicts our pre- 
vious statements” that residual hydrogen does not 
occur in such material. The amount that apparently 
does form is small, however, compared with that in 
air-melted iron. 

The chemical fixing of residual hydrogen in steel 
probably occurs during cooling between 800° and 
500°C. If the steel is quenched through this range, 
very little residual hydrogen should form and nearly 
all the hydrogen in the material should remain dif- 
fusible. If the steel is slowly cooled, however, ex- 
tensive conversion of diffusible to residual hydrogen 
probably occurs. 

Previously reported residual hydrogen contents in 
steel generally do not exceed 1 ppm. The present ex- 
periments are unique in demonstrating that up to 19 
ppm residual H may be formed in air-melted iron by 
prolonged holding at 600°C under Hz pressure levels 
corresponding to diffusible hydrogen concentrations 
approximating 7 ppm. 

The common form of hydrogen embrittlement of 
steel is related to hydrogen diffusion.” *° Residual 
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hydrogen must be essentially immobile at the low 
temperatures where this embrittlement is observed, 
and so it cannot contribute to the embrittlement ef- 
fect. On the other hand, residual hydrogen seems 
responsible for a serious grain boundary weakening 
phenomenon. In view of these separate effects it is 
desirable that the analysis of steel for hydrogen in- 
clude separate determinations of both diffusible and 
residual hydrogen. 

Solubility—The reliability of the solubility meas- 
urement technique employed in this work is indicated 
by the consistency of the results of charging in the 
y Fe range, Table I and Fig. 1. These solubilities 
are slightly higher than the literature values at the 
upper end of the y range and slightly lower at the 
lower end, suggesting that there is no simple system- 
atic error attributable to the present measurement 
technique. A further indication of the reliability is 
the fact that the a-range solubility values at 877°, 
538°, 490°, and 390°C are all quite close to the re- 
sults of combining Eqs. [1] and [3]. 

The abnormally high solubility below 390° was an- 
ticipated from the previous finding that the diffusivity 
at low temperatures is anomalously low, being con- 
sistent with the hypothesis that the hydrogen in the 
iron is trapped.’ Additional aspects of the low-tem- 
perature solubility anomaly are the specimen-to- 
specimen variability or scatter and the positive de- 
viations of the pressure exponent m from the Sie- 
verts’ law value of 1/2. 

The scatter of the solubility data at 145°, 210°, 
and 290°C is similar to that of the diffusivity in the 
same temperature range.’ The cause of the latter 
was postulated to be an abrupt transition between 
nontrapping and trapping behavior occurring at dif- 
ferent temperatures in the different specimens. Ad- 
ditional evidence for this hypothesis is seen in the 
shape of the solubility isobar, Fig. 3, which is not 
consistent with the idea that the number of traps is 
constant over the entire a Fe range. It suggests 
rather that there are practically no traps above 390°C 
and that the traps in each specimen are formed sud- 
denly as the material is cooled. 

The positive deviations of the pressure exponent 
n from 1/2 are consistent with many previous ob- 
servations on permeation rates. The pressure de- 
pendence of the permeation rate is theoretically 
equal to that of the solubility alone. Ham and Rast” 
noted that different specimens exhibited different 
values of m as high as 0.555 at 500°C and that m in- 
creased with decreasing temperature to as high as 
1.08 at 200°C. Chang and Bennett’® noted that » ap- 
peared to pass through a transition from 0.5 to 1.0 
with decreasing temperature. 

We have stated that the energy of the trapped hy- 
drogen relative to the interstitial hydrogen is —4.8 
kcal per g-atom. This was obtained by subtracting 
the diffusion activation energy for the temperature 
range above 200°C from that for the range 25° to 
200°C.’ The enthalpy of the trapped hydrogen rela- 
tive to Hz gas, MH;, should then be 4.8 kcal less than 
the heat of solution of the interstitial hydrogen, 4H;. 
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Eq. [1] indicates that AH; is +6.5 kcal for the tem- 
perature range 400° to 900°C. Corrections for heat 
capacity differences (AC,) modify this to about +5.5 
kcal at 175°C. Thus AH; is about 5.5 — 4.8 or +0.7 
kcal per g-atom. 

An independent determination of 4H; should be 
obtainable from the present solubility data. Only a 
rough estimate is possible, however, because of 
the scatter of the data and the fact that the useful 
temperature range is still quite narrow. Our tenta- 
tive estimate of 4H; based on application of the 
Clausius-Clapeyron equation at 210° and 145°C is 
+1.0 kcal per g-atom. This approximately confirms 
the previous figure of +0.7 kcal. Such consistency 
is not found at 290° or any higher temperature, which 
again suggests that the number of traps is not con- 
stant with temperature in this range. 

The above information is useful for estimating the 
solubility of hydrogen in iron and steel at room tem- 
perature. Extrapolation of the present measurements 
indicates that the 100-atm solubility at 25°C is between 
0.5 and 1.0 ppm, of which less than 0.02 ppm is inter- 
stitial. 

The amount of hydrogen in ordinary steel is com- 
monly around 5 ppm. The equilibrium Hz pressure 
associated with this hydrogen concentration at room 
temperature must be several orders of magnitude 
lower than the value usually extrapolated from above 
400°C (as by combining Eqs. [1] and [3]). The room- 
temperature fugacity computed by the latter method 
is 5 X 10” atm, but the present data indicate that this 
fugacity is no higher than 1700 atm, being more 
probably between 500 and 1100 atm. The correspond- 
ing H2 pressures are below 1000 atm. This finding 
suggests that the common theory of hydrogen em- 
brittlement of steel due to extremely high equilibrium 
Hz pressures is incorrect. 

Physical Nature of the Traps—The present hydro- 
gen traps in iron seem qualitatively similar to those 
in cold-worked iron-carbon alloys, which were postu- 
lated to be cracks formed by piled-up dislocations in 
which the hydrogen is chemisorbed.® The present 
traps are considerably weaker, however, and their 
reaction with Hz is endothermic, and so they do not 
appear to be chemisorption sites in view of the fact 
that hydrogen chemisorption is exothermic in all 
known cases. Nevertheless, there might still be 
some connection between the traps in a Fe and those 
due to cold work in steel. During plastic straining of 
steel the present traps might migrate through the 
ferrite lattice and coalesce at interfaces with Fe,C 
particles to form the larger and more energetic 
traps characteristic of deformed steel. They would 
thus serve as building blocks for the stronger traps 
in cold-worked steel. 

This behavior of the traps suggests that they are 
dislocations. However, previous estimates of the 
strain interaction of hydrogen with dislocations are 
of the order of only 0.1 ev or 2 kcal per g-atom, and 
such interactions would be detectable only at quite 
low temperatures.** The present trapping is detec- 
table at 290°C and the interaction energy is 4.8 keal 
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per g-atom. A possible explanation is that the hydro- 
gen is at least partially ionized and has an electro- 
static rather than a strain interaction with the dis- 
locations. 

An additional inconsistency is the seemingly in- 
adequate concentration of the dislocation sites. The 
usually accepted dislocation density in undeformed 
iron is about 10° lines per sq cm, or 5 x 1077 dislo- 
cation sites per Fe atom. This is only 1/1000 the 
number of hydrogen atoms present at a concentration 
of 10 ppm. Thus a dislocation density several orders 
of magnitude higher than 10° lines per sq cm must be 
assumed if the traps are actually dislocations. 

It seems less likely that the traps are lattice va- 
cancies. In the temperature range of interest the 
concentration of vacancies varies from 10-8 to 10-5 
per metal atom, which is again several orders of 
magnitude smaller than the number of trapped hy- 
drogen atoms. 

It is possible that the traps are another kind of 
lattice defect, and this has been suggested in effect 
in numerous previous theories of hydrogen in metals. 
D. P. Smith’® has postulated that the hydrogen re- 
sides entirely in a network of interconnecting ‘‘rifts’’ 
created by the hydrogen itself. Our view differs from 
Smith’s in holding that the hydrogen diffuses through 
the lattice rather than through a rift network and is 
situated wholly in the lattice interstices at higher 
temperatures. The possibility of nonconnecting 
‘‘rifts’’ is admitted only at lower temperatures 
where the anomalous diffusivity and solubility are 
found. 

Other views of extra-lattice accommodation of the 
hydrogen include the ‘‘planar-pressure occlusion’’ 
theory of Zapffe’® and the hypothesis of hydrogen ac- 
commodation at subgrain boundaries advanced by 
Andrew and Lee.’” Ham and Rast” postulated that 
the low-temperature anomalies of the permeation 
rate are due to an association of lattice-dissolved 
hydrogen particles accompanying an hypothetical 
‘‘A, transition.”’ 

Bastien” has noted from X-ray studies that the 
(112) planes in a Fe are slightly tilted in the pres- 
ence of hydrogen but that parallelism of the planes 
is restored as the hydrogen diffuses out of the ma- 
terial. This effect is attributed to a local lattice dis- 
tortion associated with the hydrogen’s occupying and 
expanding the tetrahedral lattice interstices. 

All these views of hydrogen in metals have many 
points in common with the present concept of traps. 
A generally consistent conclusion might be that the 
traps are slightly widened planar lattice spacings 
that form only as the hydrogen-saturated Fe lattice 
is cooled below a certain temperature. Such a mech- 
anism does not require the presence of dislocations 
or vacancies, and there is virtually no limit on the 
number of traps that can be formed if the dissolved 
hydrogen concentration or the external H2 pressure 
is high enough. 


SUMMARY AND CONCLUSIONS 
Residual hydrogen concentrations up to 19 ppm 
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were produced in air-melted iron by pressure charg- 
ing at 550 to 600°C in 68 atm H2. The residual hydro- 
gen appears to be a compound that forms at a strongly 
temperature-dependent rate and reaches its maxi- 
mum concentration in 50 to 100 hr at 600°C. The 
compound appears to decompose rapidly above 800°C 
to yield lattice-dissolved or diffusible hydrogen. At 
room temperature the residual hydrogen is immobile 
and cannot contribute to the usual form of hydrogen 
embrittlement, but it seems to have a severe grain- 
boundary weakening effect. 

The solubility of diffusible hydrogen at Hz pressures 
near 100 atm behaves much differently below 390°C 
than above this temperature. Above 390°C the solu- 
bility measurements agree with the results of extra- 
polating previous literature data from 1 atm by means 
of Sieverts’ law, whereas below 390°C the measured 
solubility is abnormally high. This behavior is con- 
sistent with the hypothesis of hydrogen trapping ad- 
vanced previously to explain the anomalously low 
diffusivity of hydrogen in iron below 200°C,’ and it 
strongly confirms that hypothesis. 

The abrupt change of the temperature dependence 
of the solubility below 390°C suggests that the hydro- 
gen traps in iron do not exist at the higher tempera- 
tures but form suddenly on cooling. The heat of so- 
lution of the trapped hydrogen, A H;, is estimated as 
+0.7 to +1.0 kcal per g-atom. Extrapolation of the 
present data to room temperature indicates that the 
equilibrium Hz pressure associated with 5 ppm hydro- 
gen in iron or steel is below 1000 atm. 

The traps in unalloyed iron are qualitatively but 
not quantitatively similar to those in cold-worked 
steel. The traps in the ferrite may be dislocations 
that migrate under an external stress to the FesC 
interfaces in steel and there coalesce to form cracks 
in which the hydrogen is chemisorbed. Alternatively, 
the traps may be widened lattice planes in which the 
hydrogen is segregated. 
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The Melting of Malleable Nickel and Nickel Alloys 


The effects of minor constituents on the malleability of 
nickel alloys are described. These effects are related to the 
atomic diameter, valence, and position on the Periodic Table. 
The basic methods for removal or neutralization of deleterious 


elements are then reviewed. Finally, practical methods for 
melting nickel alloys are described in detail and related to 


minor constituent control. 


Tue first malleable nickel was produced by Fleit- 
man in about 1870 by the addition of manganese and 
magnesium to the molten metal to counteract the 
harmful effects of sulfur. 

Merica and Waltenberg? explained the mechanism 
by which these elements accomplished the desired 
result. They showed that sulfur in concentrations in 
excess of about 0.005 pct produced films of a brittle 
low melting eutectic of nickel-nickel sulfide which 
completely surrounded the grains. When manganese 
was added to molten nickel it reacted with the sul- 
fur to form manganese sulfide which precipitated as 
widely scattered globules in the grain boundaries. 
The further addition of small amounts of magnesium 
converted the sulfur to a very stable sulfide of mag- 
nesium which was relatively insoluble in both the 
liquid and solid states and therefore occurred as 
finely divided particles within the grains where it 
had relatively little detrimental effect upon the mal- 
leability of nickel or its alloys. 

The practice of treating nickel with manganese and 
magnesium came to be called ‘‘deoxidation’’ and was 
employed without appreciable modification for the 
commercial production of wrought nickel and high 
nickel alloys (in this paper—50 pct or more nickel) 
until about 1930 even though the results were never 
entirely satisfactory. At that time a more extensive 
study was made of the effects of minor constituents 
on malleability and metallurgical quality. The re- 
sults, small portions of which have been published, *~* 
are presented here with other pertinent data. 


EFFECTS OF MINOR CONSTITUENTS UPON 
NICKEL 


Systematic additions were made of 0.5 pct or less 
of each of most of the elements of the periodic ta- 
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ble. It was established in this study that some mi- 
nor constituents other than manganese and magne- 
sium were extremely influential. 

The malleability, as evaluated by the reduction of 
area in tension tests, depended roughly on tempera- 
ture as shown in Fig. 1. Four temperature zones 
are of interest; the cold malleable zone (up to about 
1000° F), the red short zone from roughly 1000° to 
1500° F, the hot malleable zone around 2000° F and 
the incipient melting zone. Most of the malleability 
problems are associated with the red short zone and 
the discussion will concern this mainly. The reduc- 
tion of area in normal tensile tests on high-purity 
nickel (see curve A of Fig. 1) appeared to have no 


Red Short Zone Hot Malleability Zone Incipient 
: Melting 
Zone 


Cold Malleability Zone 


Malleability —Per Cent Reduction of Area 


L L 
500 1000 1500 2000 


Temperature, °F 


Fig. 1. Effect of temperature, minor constituents and other 
factors on the malleability of nickel. Red Short Zone: Duc- 
tility lowered by—solution hardening; age hardening; large 
grain size; slow strain rate; harmful minor elements; and 
surplus malleabilizers. Ductility raised by—removal of 
harmful elements by refining; malleabilizing minor ele- 
ments. A)—High-purity nickel. B)—Commercially pure 
nickel—no additions. C)—Nickel with harmful element 
added. D)—Material of B or C with malleabilizer added. 
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Table |. Periodic Table Showing Behavior of Elements in Commercially Pure Nickel 


Metallic Valence below Element and Metallic Diameter (Percentage Oversize or Undersize from Ni) Above Element (Ref. 28, 29) 
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BKK — Does not alloy with molten nickel at 1 atm or less. 
T////4 — Harmful to malleability, even with minute additions. 


minimum in the red short zone in recent work.® The 
malleability of commercial purity nickel without ad- 
ditions is represented by curve B of Fig. 1. 

Solid Elements—The influence of minor constitu- 
ents can be seen from Table I, which is a portion of 
the periodic table. The elements could be classed 
as: 

Class 1—Those immiscible or volatile in the liq- 
uid state at atmospheric pressure and therefore not 
retained in the solid state—sodium, potassium, ru- 
bidium and cesium of Group IA and zinc, cadmium 
and mercury of Group IIB. 

Class 2—Those with some solubility which were 
detrimental even with the smallest controlled addi- 


tions. Malleability was lowered to curve C of Fig. 1. 


For example, as little as 0.0005 pct bismuth or tel- 
lurium lowered the red short zone ductility notice- 
ably. These elements were lithium of Group IA; 
thallium of Group IIIB; tin and lead of Group IVB; 
arsenic, antimony and bismuth of Group VB; and 
sulfur, selenium and tellurium of Group VIB. 

Class 3—Those which could raise ductility in the 
red short range with small controlled additions; but, 
with larger amounts (still under 0.5 pct), were det- 
rimental. The incipient melting zone was usually 
more sensitive than the red short zone to higher 
concentrations. These were of two types: 

1. Magnesium, calcium, strontium, and barium 
of Group IIA which counteract sulfur. If sulfur low- 
ered curve B of Fig. 1 to curve C; magnesium, cal- 
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— Soluble above 0.5 percent; can be used as major alloying element. 


*t.'eteteteg — Beneficial to malleability with minute additions, but harmful with larger additions still less than 0.5 percent. 
LTT} — Relatively neutral with minute additions, but harmful with larger additions still less than 0.5 percent. 


cium, strontium, and barium would return the mal- 
leability to curve B. 

2. Boron of Group IIIA, zirconium and hafnium of 
Group IVA, and phosphorus of Group VB. These do 
not counteract sulfur but are more effective than the 
Group IIA elements and can raise the malleability to 


curve D of Fig. 1. 
Class 4—Those which were relatively neutral with 


small additions; but, with larger amounts (still un- 
der 0.5 pct) were harmful-carbon of Group IVB. 

Class 5-Those which could counteract red short- 
ness, still being tolerable above 0.5 pct—titanium of 
Group IVA, and manganese of Group VIIA. 

A specific example of class 2 and class 3 effects 
was synthesized with 99.96 pct purity vacuum-melted 
nickel and a split-heat technique; pouring from the 
same melt first an ingot of nickel, then one after a 
0.05 pct Pb addition and finally one after a 0.005 pct 
B addition to the melt. The reductions of area in 
tension tests were: 


Reduction 
of Area, Pct 
1150°F 1250°F 
99.96 pct Ni 99 95 
99.96 pct Ni + 0.05 Pb 13 8 
99.96 pct Ni + 0.05 Pb + 0.005 B 36 31 


The valence and atomic size of elements are indi- 
cated in Table I. The latter is expressed as percent 
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oversize or undersize compared to nickel. These 
two basic factors usually determine the extent of 
solid solution. As one might expect on a theoretical 
basis, a very systematic correlation exists between 
these factors and malleability effects. The elements 
in Class 1 are most distant in size and valence from 
nickel. Classes 2, 3, 4, and 5 are progressively 
closer to nickel in atomic size and valence, in direct 
relationship to increasing tolerance. In the case of 
cadmium and mercury, the vapor pressures exclude 
alloying and effective amounts cannot be retained. 
The detrimental elements in Class 2 can be retained 
in solid nickel; but their incongruous sizes and/or 
valences severely limit solubility after freezing. 
Furthermore, because of the relative imperfection 
of grain boundaries, it is natural for these atoms to 
gather there, either in solution or in precipitates or 
films. A third factor, the low melting points asso- 
ciated with these Class 2 elements, multiplies their 
potency as films. All these factors give weak grain 
boundaries and brittleness. 

The third class of elements, being closer to nickel 
in size and valence, can be tolerated at levels which 
can be added commercially. Some of these elements 
owe their benefits to their reactivity and very spe- 
cific fixing of harmful elements. Examples would be 
magnesium and calcium in fixing sulfur. Part of 
the function of zirconium is in fixing nitrogen. Most 
of the mechanisms may be much more subtle; uti- 
lizing odd size or valence and segregation to grain 
boundaries to control grain boundary energy, com- 
position and/or precipitation. This appears to be 
the case with boron®~’ and, in at least one case, with 
zirconium.’ The rather specific counteraction of 
lead by boron shown above and by zirconium found 
by Eash and Kihlgren® might at first appear to be 
fixation. However, this may result from reduction 
of filming characteristics of lead. Segregated boron 
or zirconium may reduce the grain boundary energy 
of nickel or raise the lead-nickel interfacial energy 


Ductility 


Per Cent of Minor Constituent —> 
Fig. 2. Effect of ‘‘Malleabilizing’’ minor constituents on 
ductility. 
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from values allowing continuity to values requiring 
globular lead. Boron also is a fluxing agent during 
melting and, furthermore, this element promotes 
welding of ingot gas pores during hot working. 

The Class 5 elements owe their abnormal bene- 
fits to compound fixation; titanium of nitrogen and 
manganese of sulfur. Other harmful constituents 
may also be tied up by these elements. 

Specific composition limits cannot be placed on 
the harmful elements or on the levels of ‘‘mallea- 
bilizers.’’ These vary with the base and interac- 
tions with co-present elements. For instance, the 
tolerable levels of calcium and sulfur are interde- 
pendent. The situation with Class 3 elements typi- 
fied by boron (see Fig. 2) may be more general than 
now realized. Whether the element is labeled good 
(at A), indifferent (at B), or bad (at C) depends on 
the level added, copresence of other elements, and 
many other factors. 

The ductility in the incipient melting zone usually 
follows the effect of additions in lowering the melt- 
ing point. Usually the tolerance for malleabilizing 
elements such as boron, zirconium, and phosphorus 
is lower in this zone than in the red short zone. 
Thus malleabilizing additions often limit the top end 
of the forging range and increase hot cracking in 
heat-affected zones immediately adjacent to welds. 

Finally, the red short zone is aggravated by sev- 
eral factors other than purity, as shown in Fig. 1. 
These are solid solution and age hardening, increas- 
ing grain size and decreasing strain rates. Their 
influence is through the mechanism of deformation 
in forcing or shunting deformation to the grain boun- 
daries, which makes for a more brittle intercrys- 
talline failure. 

Gases—Nickel is an endothermic occluder of hy- 
drogen and nitrogen. Solubility decreases with de- 
creasing temperature and, most important, drops 
precipitously on solidification, yielding gas pores. 
Eastwood? has listed this as a primary cause of 
macroporosity. The drop in solubility for hydrogen 
with solidification is from 0.003 to 0.001 pct at 
1 atm of hydrogen gas.” The volume of gas evolved 
is, when measured under standard conditions, 
greater than that of the metal. The solubility of ni- 
trogen in nickel at about 2900° F is 0.001 pct.” 
Addition of 15 pct Cr and 7 pct Fe to the nickel melt 
raises the nitrogen solubility to .05 pct." Fig. 3 
gives graphic illustrations of the serious macropo- 
rosity that can develop in nickel-chromium-iron in- 
gots from evolution of N, on solidification. In the 
1930 study, hydrogen and nitrogen were found to de- 
crease malleability over the entire temperature 
range. This probably resulted from the notch effect 
of the pores. 

Gas evolution during solidification can result from 
other reactions which precipitate gaseous com- 
pounds. These are 


c+0=(CO) 


2H + O = (H,O) 
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Al+Ti+B+Mg 
P.N. 36171 


Ti 
P. N. 35209 
Fig. 3. Effect of various minor additions on macroporosity 
resulting from nitrogen evolution during solidification. 
Nickel-chromium-iron alloy with 0.05 N. 


Again, this will leave macroporosity in castings or 
ingots. 

The occlusion of oxygen in solid nickel is evidently 
exothermic since solubility increases as tempera- 
ture decreases.!° About 0.01 to 0.02 pct is soluble 
in the solid state. In carbon- and hydrogen-free 
nickel, the much higher solubility in melts (about 
0.5 pct) does not lead to porosity on solidification 
due to a eutectic reaction involving Ni-NiO. No ef- 
fect of oxygen on ductility was found by Merica and 
Waltenberg? on low-carbon and hydrogen material. 
Pores would form by the above reactions in carbon 
and/or hydrogen containing nickel. It appeared in 
the 1930 work that moderate oxygen additions low- 
ered ductility. This was probably due to pores from 
the (CO) or (H,O) reactions. The element has been 
grouped with Class 4. 


REVIEW OF BASIC METHODS OF REMOVAL OF 
GASEOUS ELEMENTS AND COMPOUNDS 


Degassing—Many of the available methods for re- 
moving hydrogen and nitrogen from nickel and nickel 
alloy melts involve Sievert’s Law 

%H = Ky VPu, and %N = KyVpn, 
where 
H or N= concentration in melt under equilib- 
rium conditions. 
Ky = 0.0008 for nickel at 2876° F¥” 
Ky, = 0.0015 for nickel at 2876° 
p = partial pressure of gas above melt, 
mm Hg 


Reduction of py, or py, at the melt interface is the 
objective. One approach is melting in vacuum at 
about 10-* mm Hg. According to Sievert’s Law, this 
should reduce the nitrogen and hydrogen to less than 
0.0001 pct at 2876°F. 

The rate of removal is largely determined by the 
diffusion rate of the gaseous element to the melt-gas 
interface. Since the diffusion rate of hydrogen is 
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large, this can be removed relatively easily. In the 
case of nitrogen, however, the atom is larger and 
diffusion slower. As a result, nitrogen removal by 
straight degassing is limited. 

Purging and Agitation—One of the gaseous precip- 
itation reactions which has already been mentioned 
in an unfavorable light can be turned to a refining 
purpose. This is 


+ 0=(CO) 


producing CO gas bubbles nucleated in the melt. 
Nitrogen and hydrogen diffuse into each bubble of 
CO to satisfy Sievert’s Law. This bubble formation 
reduces diffusion distances and increases metal-gas 
interface area. Furthermore, it provides a surface 
agitation to break up surface diffusion barriers of 
slag or oxides. In the same light, inductive stirring 
is a possible method of speeding the reaction. 

Results in vacuum melting confirm that hydrogen 
and, especially, nitrogen removal goes hand-in-hand 
with this CO 

The Carbon-Oxygen Reaction—Adjustment of the 
carbon and/or oxygen level of the melt can be ac- 
complished by the reaction 


+0= (CO) 


Thermodynamic data are not available for the equi- 
librium constant, K, in molten nickel. The best ap- 
proximation can be made from that for molten iron 
containing small quantities of carbon at 2912° F. 


_ 
x %O 


In air melting nickel with a final carbon content of 
0.05 pct and pco = 0.1 atm, an oxygen level of 0.005 
pct could be reached. If the objective were to re- 
move carbon, a content of 0.2 pct O in the melt could 
reduce the carbon level to 0.001 pct. Reduction of 
Pco Can reduce the %C x %O product considerably. 
Vacuum melting is one method, although the ideal 
reduction in product is not obtained, due to reoxida - 
tion of the melt by crucibles. An average product of 
%C xX %O = 2.5 x 10-® was obtained for molten nickel 
in a magnesia crucible at about 10-5 atm.'* Under 
these conditions, 0.2 pct O would yield <1 ppm of 
carbon. A level of 0.05 C should yield <1 ppm of 
oxygen but it is doubtful if reoxidation above this 
level could be prevented in refractory crucibles. 

The Hydrogen-Oxygen Reaction—The following re- 
action 


(H,) + O = (HO) 


can be utilized to remove oxygen in special cases 
where residual deoxidizers and products are unde- 
sirable. The equilibrium constant in molten nickel 
at 2912° F is:?® 


= 420 


The oxygen remaining in the metal is determined 
largely by the (H,O)/(H,) ratio. If the exit gas were 
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4 
Base Cb Al 
P. N. 35209 P. N. 35209 P.N. 35209 
“ 
Pu,0 1 
K= —*— x = 171 
Puy = 


at a dew point of -10° F (a ratio of (H,O)/(H,) of 
7.9 x 10-*) after prolonged treatment, the oxygen 
level should reach < 0.0001 pct. A vacuum must be 
applied to remove hydrogen after the deoxidizing 
treatment. 

In practice, this oxygen level is not attained. 
Hadley and Bianchi”” impinged H, on nickel melts 
at 2858° F. They obtained a minimum of 0.002 pct 
O after 100 min. This ‘‘practical endpoint’’ in- 
creased with chromium, being 0.01 pct O in 80 Ni- 
20 Cr. The expected endpoint was not reached be- 
cause of reoxidation of the melt. 

Compared to other deoxidation methods, the 
rate is slow. The use of hydrogen is also costly and 
hazardous. Therefore, hydrogen deoxidation in prac- 
tice is limited to very special applications such as 
the production of alloys for electronic applications. 
Here the presence of carbon or metallic deoxidizers 
or products is undesirable. 

Metallic Deoxidation—Residual oxygen remaining 
after the above deoxidizing methods can be removed 
from solution in the melt by formation of solid ox- 
ides. This prevents the formation of (CO) or (H,O) 
on freezing. The reactions are 


Si + O= 4Si0, 
4 Ti+ O= 4 TiO, 


2Mg+O= 2MgO 
$10, 
2 Zr+O= ¢ZrO, 


Thermodynamic data are lacking for these reactions 
in molten nickel. The deoxidation power of the vari- 
ous elements can be estimated very roughly from 
data on iron.® It appears that the power increases 
in the order listed. Aluminum and zirconium are 
the strongest deoxidizers. Judging from the free 
energy of formation of pure MgO, magnesium would 
be roughly comparable with aluminum. Magnesium 
is the preferred addition in nickel because of its ad- 
ditional desulfurizing function. Aluminum is also 
used in nickel alloys. 

It should be noted that at low f¢,, such as in vac- 
uum melting, deoxidation by the CO boil can be more 
efficient than the above reactions. 

Removal of Nitrogen as Solid Nitrides—The sta- 
bility of some nitrides can be utilized to remove re- 
sidual nitrogen from solution after full utilization 
has been made of degassing by Sievert’s Law. Some 
of the solid nitride product may remain in the metal 
product. The possible reactions are: 


AF°(298° K) From Pure 
Components (kcal per g mol of Nz) 


3 Mg + 2 N= Mg,N, ~ 
2 Cb + 2 N= 2CbN -106 
2Al +@ N= -113 
2Ti +2 N= 2TiN -147 
2 Zr + 2N= 2ZrN -151 


Again, no thermodynamic data are available for 
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nickel melts. The above free energies of formation 
from pure components can be used for comparison 
of power. The %Ti x %N product can be estimated 
roughly at 1 x 10-4 from data on iron at 2912° F.'5 
A level of 0.25 pct Tiin the melt should be in equi- 
librium with 0.0001 to 0.001 pct N in solution. This 
level of nitrogen in solution is comparable with that 
attained by vacuum degassing. However, due to re- 
sidual TiN in air melted and Ti treated products, 
chemical analysis usually shows higher nitrogen in 
this grade. 

A small laboratory experiment was run ona 
nickel-chromium-iron alloy to illustrate the deni- 
trifying power of these elements. The base material 
with 0.05 pct N addition exhibited macroporosity 
(see Fig. 3) from 


2N=N, 


during solidification. The reduction of porosity in- 
creased in the order; magnesium, aluminum, nio- 
bium, zirconium, and titanium as seen in Fig. 3. 
This was in good agreement with the amount of de- 
nitrification as ranked by the AF° value. In practice, 
titanium is the preferred addition because its 
greater solid solubility permits larger excesses to 
be tolerated than in the case of zirconium. 


DESULFURIZATION 


Removal of sulfur as a gaseous compound has 
been proposed for nickel alloys. The possible re- 
actions are given below along with equilibrium con- 
stants for molten nickel at 2912° F which were ei- 
ther given in the literature or calculated:'» 18 19 


Ps 1/2 7 
S = 3(S,) 
Puss 1 
= K = —* x => = 2.6x 107° 
(H,) + S = (H,S) 
Pso 


The equilibrium partial pressure of S, is too low to 
obtain a sulfur level of 0.005 pct by the first reac- 
tion. Excessive amounts of H, are required for the 
second reaction. With the SO, reaction, it appears 
that S could be removed by adding O to the melt and 
lowering Pso, (perhaps by vacuum), providing other 
side reactions involving oxygen are prevented. If 
Pso, were 10-5 atm. and %O were 0.2, it is pre- 
dicted that S could be lowered below 0. 005 pct. Dar- 
mara, Huntington and Machlin have indeed found such 
a desulfurization tendency in 80 Ni-20 Co melts un- 
der vacuum.” Usually the amount of sulfur removed 
by gaseous reactions during vacuum induction melt- 
ing is negligible when melting stock contains about 
0.005 pct S to start.?4’?? In this case the melts 
never reach high oxygen levels, mainly because of 
the usual CO boil. 

Strong metallic desulfurizers are available. The 
reactions are: 
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= "= X (0 


Mn + $ = MnS 
Mg + S = Mes 
Ca +$=Cas 


Thermodynamic data are not available for nickel 
melts, but the free energies of formation of the pure 
sulfides at 2912° F are: 


MnS - 68 Kcal per g mol of S, 
Mgs - 86 
CaS - 165 


These can be used as a rough comparison of the de- 
sulfurizing power of the elements. Merica and Wal- 
tenberg’s work,’ as pointed out earlier, established 
the benefits of manganese and preferably, magne- 
sium, in desulfurizing. The use of calcium is attrac- 
tive. It was pointed out that excesses of magnesium 
and calcium can be deleterious. The tolerance for 
magnesium is sufficient to make this no problem; 
but, in the case of calcium, the tolerance is much 
lower and prevention of excesses is more difficult 
in practice. 


REMOVAL OF DELETERIOUS SOLID ELEMENTS 
BY VOLATILIZATION 


Many of solid elements that have serious em- 
brittling tendencies also have high vapor pressures. 
With the advent of commercial vacuum melting, a 
means became available to reduce the partial pres- 
sures over the melt to refine nickel by preferential 
volatilization of deleterious elements. 

The vapor pressures in solution in nickel were es- 
timated by Wakeman? from vapor pressures of pure 


. elements and activities estimated from equilibrium 


diagrams. These were calculated for three levels 
of impurity, 1, 0.01 and 0.001 wt pct. Wakeman then 
indicated (see Table II) which elements are likely to 
evaporate at these levels in vacuum melting. It was 
assumed for the 1 and 0.01 pct level that the nickel 


Table Il. Probable Volatization of Elements in Vacuum Melting of 
Nickel at 2912° F 23 


Evaporates When Present at 


Element 1 Pct 0.01 Pct 0.001 Pct 
As xX xX xX 
Ba x x Unlikely 
Bi xX xX ? 

Ca xX xX xX 

Cd xX xX xX 
Hg xX x. xX 

K xX xX X 

Li xX xX x 
Mg xX xX ? 

Na X xX x 
Pb xX xX xX 
Rb xX xX x 

Sb xX xX Unlikely 
Se X xX 

Sn xX Unlikely Unlikely 
Sr xX xX xX 
Te xX X xX 

cul xX xX xX 
Zn x x xX 

X = Likely 
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melt would lose the volatile element as long as its 
vapor pressure exceeded 1y. At the 0.001 pct level, 
the limit was taken as 0.1 because of the relatively 
greater capacity for the pumps to remove the vola- 
tile products from the melt. 

Of the potent deleterious elements, it appears 
from Table II that lithium, lead, arsenic, thallium, 
selenium, and tellurium can all be reduced below 
0.001 pct. It is predicted that tin, antimony, and 
bismuth would be removed less readily. It should 
be noted that methods are available in air melting 
to obtain low partial pressures of the volatile ele- 
ments at the metal interface. These include purging 
with inert gases, the CO boil and gas circulation 
above the melt. 


PRACTICAL PROCEDURES FOR MELTING 
NICKEL ALLOYS 


By combining the above theoretical principles 
with sound metallurgical practices which have been 
perfected in related metallurgical fields, a program 
of melting and deoxidation can be recommended for 
nickel-base alloys which will yield improved malle- 
ability with a minimum of seams, inclusions and 
other metallurgical defects.””* The general proce- 
dures are: 

1) Start with purest raw materials commensurate 
with satisfactory cost, and avoid the use of contami- 
nated scrap for remelting. 

2) Avoid contamination of the charges during melt- 
ing by impurities from the slags, refractories, fur- 
nace atmospheres, and so forth. 

3) Refine during melting to reduce remaining 
harmful nongaseous constituents as much as possi- 
ble. 

4) Remove hydrogen and most of nitrogen, if 
present, by means of a CO boil. 

5) Reduce remaining oxygen by means of a small 
addition of a powerful preliminary deoxidizer such 
as silicon or aluminum. 

6) Stabilize remaining nitrogen by a small titan- 
ium addition. 

7) Add one or more of the potent malleabilizing 
elements, zirconium, boron, and phosphorus. 

8) Convert sulfur to a harmless form by the addi- 
tion of magnesium which also completes the deoxi- 
dation of the melts. 

The heats are then to be stirred thoroughly and 
teemed at the highest temperatures that can safely 
be used without damaging the molds. 

Melting Furnaces—Nickel-base alloys can be ad- 
vantageously melted in several types of furnaces, 
the choice often being determined by the character- 
istics or the requirements of the alloy to be 
melted. Nickel can be satisfactorily melted in acid- 
lined open hearth furnaces of the reverberatory type 
heated with natural gas. The voluminous flow of 
combusted gases over the surface of the metal dur- 
ing melting is beneficial in removing dissolved 
gases from the melt by degassing. Nickel-copper 
alloys high in nickel are readily melted and refined 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


in basic-lined electric-arc furnaces. Nickel-chrom- 
ium alloys are very satisfactorily melted either in 
high-frequency induction furnaces or in basic-lined, 
electric-arc furnaces. Induction melting is especi- 
ally advantageous where close control of composi- 
tion is needed although the control of raw materials 
becomes possibly still more important. 

The vacuum induction furnace is an excellent tool 
for melting high purity nickel and nickel alloys for 
applications which command a premium price. One 
such application is the production of nickel-base 
turbine blade alloys hardened with high concentra- 
tions of aluminum and titanium. In air melting, 
these elements tend to react with oxygen and nitro- 
gen to form non-metallic inclusions and special pre- 
cautions are necessary to avoid carrying them into 
the wrought product of the melt. Vacuum induction 
melting eliminates the formation of oxides and ni- 
trides, but considerably increases the opportunity 
for oxide formation by reactions with the crucible 
refractory. The concentrations of lead, tellurium, 
and other detrimental elements of high vapor pres- 
sure is also reduced by properly conducted vacuum 
melting, thus improving the ductility of the finished 
product in creep as well as during hot working. The 
improved ductility resulting from vacuum melting 
permits higher concentrations of strengthening ele- 
ments to be added to the super alloys. 

Melting of Nickel—Since electrolytic nickel has 
been refined by the method of production, only melt- 
ing, degassing, and the addition of small amounts of 
minor constituents precede casting into ingots. 
Charges consisting of electrolytic nickel, clean 
nickel mill scrap and about 1 pct of low-sulfur char- 
coal may be melted in gas-heated hearth furnaces. 
These furnaces may be lined with bricks consisting 
of about 55 pct silica and 45 pct alumina. No slag 
need be added intentionally, but some incidental slag 
is always formed by fusion of the refractories. 

The nickel heats should be melted down with about 
0.25 pct C. When the temperature of the bath has 
reached 2850°F, the carbon content should be re- 
duced to about 0.05 to 0.10 pct by the addition of 
nickel oxide. This gives the CO boil. After the car- 
bon content has been adjusted to the desired level, 
approximately 0.3 pct Mn should be added and the 
metal tapped into bottom-pour ladles. Small amounts 
of titanium, boron, and magnesium should be added. 
The metal should be teemed at about 2800° F into 
cast iron molds of appropriate size and design. This 
temperature and other pouring temperatures men- 
tioned later are as measured with an optical pyrom- 
eter set for 0.4 emissivity. The readings are taken 
on the stream of metal being teemed from the ladle 
into the mold. 

The practice just described will produce commer- 
cially pure nickel suitable for most applications. 
However certain electronic applications require that 
the nickel strip be treated only with manganese and 
magnesium since the other ‘‘malleabilizing’’ and gas 
fixing elements are believed to be harmful to the end 
products. 
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One special technique which can be used to produce 
high purity nickel should be mentioned here. The 
melting stock is high purity carbonyl nickel powder 
with the principal impurities being carbon and oxy- 
gen. The steps are: 


1. Melt in air or under argon to promote the CO 
boil. Oxidizing conditions remove carbon to a level 
around 0.001 per cent. 

2. Remove oxygen by magnesium deoxidation and 
cast. 

3. After cropping the top of the ingot which con- 
tains most of the MgO, vacuum melt the ingot. This 
reduces residual magnesium to less than 0.01 per 
cent. 


Nickel of 99.99 per cent purity can be produced by 
this technique, providing that extreme care is taken 
in preventing contamination (from crucibles, etc.). 

Melting of Nickel-Chromium Base Alloys—These 
alloys are preferably melted in a coreless induction 
furnace. A lining which consists of 40 per cent alu- 
mina and 60 per cent magnesia gives excellent re- 
sults. 

The charges should consist of electrolytic nickel, 
low-carbon ferrochromium and clean mill scrap of 
the same alloy. The scrap and electrolytic nickel 
should be melted first, followed by the ferrochrom- 
ium. No slag need be added to the material in the 
furnace. When the temperature of the bath has 
reached about 2950° F, small amounts of aluminum, 
titanium, boron and magnesium should be added. The 
metal is then tapped into ladles (preferably bottom- 
pour) and teemed at 2900° F into cast-iron molds 
from which the ingots are then stripped and pro- 
cessed. Nickel-chromium base alloys may also be 
melted in electric-arc furnaces with basic magne- 
site ‘‘bottoms.’’ This permits an oxygen lance to 
be used to reduce carbon picked up from oily or 
high carbon scrap. After the CO boil the tempera- 
ture of the bath should be lowered by adding cold 
metal, and oxides in the slag should be reduced by 
aluminum chips or ferrosilicon. Then, small 
amounts of aluminum, titanium, boron, and magne- 
sium should be added. The arc-furnace melts should 
then be tapped in the same manner as those from 
induction furnaces. 

The aluminum plus titanium age hardenable 
nickel-chromium alloys operate in service in the 
red short zone. The addition of boron and zirconium 
is particularly beneficial to ductility and rupture 
strength for this type of application. This was es- 
tablished by Bieber ,”*’ 5 Koffler, Pennington, and 
Richmond” and Decker, Rowe, and Freeman”’ and in 
many other cases too numerous to list here. 

Melting of High Nickel Nickel-Copper Alloys— 
These alloys are preferably melted in electric-arc 
furnaces on basic magnesite ‘‘bottoms.’’ The 
charges should consist of clean mill scrap of the 
alloy and electrolytic nickel and copper. They 
should be melted with enough carbon to finish with 
about 0.25 pct of the element and refined under a 
reducing slag consisting of approximately equal 
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parts of lime and fluorspar mixed with a small 
amount of carbon in the form of ground electrode 
dust. After the refining period is completed the first 
slag should be removed from the furnace and the 
carbon content lowered by the addition of nickel ox- 
ide or the use of an oxygen lance. This results ina 
a CO boil which is to be continued until the carbon 
content of the melt has reached about 0.15 pct. A 
second slag of lime and fluorspar should then be 
placed on the melt and the temperature adjusted to 
about 2750° F. The oxides in the slag should then be 
reduced with carbon electrode dust and additions 


should be made of small amounts of silicon, phos- 
phorus, titanium, zirconium, and magnesium. The 
heats should be tapped at about 2700° F into cast 
iron ingot molds of suitable size. 
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A Study of the Titanium-Nickel System Between 


Ti,Ni and TiNi 


The phase boundaries of ‘‘TiNi’’ have been accurately de- 
termined by high-temperature X-ray diffraction and metallo- 
graphic techniques. The phase (centered at 51 pct Ni) has a 
restricted range of homogeneity at 500°C, and a much greater 
vange at 800°C. ‘‘TiNi’’ in all alloys containing less than 51 
pct Ni decomposes rapidly and reversibly at 36°C to form a 
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previously unreported phase. 


Tue region of the titanium nickel system corres- 
ponding to the phase ‘‘TiNi’’ has been the subject of 
several investigations.’ Laves and Wallbaum' 
reported ‘‘TiNi’’ as a body-centered cubic (A2) 
phase, and Duwez and Taylor’ determined its para- 
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meter to be 2.986A. Duwez and Taylor also reported 
that ‘‘TiNi’’ decomposed into ‘‘Ti2Ni’’ and ‘‘TiNi3’’ 
on prolonged heating at 650° and 800°C, which led 
McQuillan® to suggest a sluggish eutectoid reaction 
between ‘‘TiNi;’’ and ‘‘Ti,Ni’’. Margolin, Ence, and 
Nielsen,* working with higher purity alloys, found no 
evidence of this decomposition. They showed the 
‘‘TiNi’’ phase region extending from 49 to 54 pct* 


*Atomic percent is used throughout this paper. 


Ni at all temperatures below 1000°C. 
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Fig. 1—50. 00 Ni. 300°C, 
Remington ‘‘A’’ etch. (‘‘Ti,Ni’’ in matrix of partially de- 
composed ‘‘TiNi’’) X800. Hedeeed approximately 45 pct 
for reproduction. 


Poole and Hume-Rothery° metallographically de- 
termined the phase boundaries of ‘‘TiNi’’ above 
900°C. The boundary on the Ti-rich side appeared 
to be close to 50 pct Ni, and very steep. They sug- 
gested that the solubility limit at low temperatures 
was narrower than that shown by Margolin, Ence, 
and Nielsen,* and reported that filings containing 50 
pct Ni yielded faint diffraction peaks corresponding 
to ‘‘Ti,Ni’’ and ‘‘TiNi;’’ after prolonged annealing at 
600°C. 

Phillip and Beck® reported the “TiNi’’ parameter 
as 3.015A. Stiiwe and Shimimura,’ investigating the 
relationships between lattice parameter and compo- 
sition in ‘‘TiCo’’, ‘‘TiFe’’, and ‘‘TiNi’”’ alloys 
quenched from 1000°C, showed that Vegard’s law 
held for ‘‘TiCo’’ and ‘‘TiFe’’ within the single-phase 
regions and that the parameter change was equally 
due to all atoms. Their results for ‘‘TiNi’’ were 
consistent on the Ti-rich side of the phase region 
(qa =3.011A), but were widely scattered in alloys 
containing 51 to 56 pct Ni. However, if ‘‘TiCo’’, 
‘“‘TiFe’’, and ‘‘TiNi’’ behaved similarly, the para- 
meters reported by various authors ”°° for ‘‘TiNi”’ 
could be correlated with composition. 

The investigation reported here was initiated to 
accurately determine the phase diagram between 
‘‘TiNis’’ and ‘‘Ti,Ni’’, and to attempt to resolve the 
differences between the reports of previous inves- 
tigators. 


EXPERIMENTAL 


Alloys were prepared by triple levitation melting 
spectrographic standard nickel and iodide titanium to 


Fig. 2—52.00 pet Ni. Held 800°C, seit 500°C, water 
quenched. Remington ‘‘A”’ etch. (‘*TiNi;’’ in ‘‘TiNi’’ ma- 
trix). Reduced approximately 45 pct for reproduction. 
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Table |. Lattice Parameters of ‘‘TiNi’’ 


Temperature, Composition, TiNi, 
Pct Ni A 
25 53 3.010 
48.5 3.010 
500 55 3.036(5) 
53 3.036 
48.5 3.037 
45 3.036 
800 55 3.038 
53 3.037 
47 3.050 
45 3.050 


produce homogeneous, 1/4-in.-diam, chill cast in- 
gots. The ingots were weighed after casting to as- 
certain that no material had been gained or lost dur- 
ing the melting process, and were examined metallo- 
graphically to check for homogeneity. 

The compositions studied were: 34.80; 40.00; 
45.00; 47.00; 48.50; 49.00; 50.00; 51.00; 52.00; 53.00 
and 55.00 pct Ni. 

Samples for metallographic observations were 
equilibrated for periods of 100 to 300 hr in molyb- 
denum-lined, argon-filled, sealed silica capsules. 
Samples for X-ray diffraction were prepared by 
crushing portions of the ingots to -200 mesh. High- 
temperature X-ray diffraction measurements were 
obtained with a high vacuum (107° mm Hg) Geiger 
spectrometer based on a design by Chiotti® and de- 
veloped by Goldak.® Parameter measurements were 
obtained by extrapolating high-angle parameters 
plotted against the Taylor-Sinclair function. 


RESULTS 


I) The Range of Composition of ‘‘TiNi’’—Metallo- 
graphic observations of samples quenched from 
equilibration temperatures indicated that the range 
of composition of ‘‘TiNi’’ was much narrower than 
that shown by Margolin, Ence, and Nielsen.* Fig. 1, 
for example, shows the structure of a 50 pct Ni alloy 
after 150 hr equilibration at 800°C. The spheroidal 
precipitate is ‘‘Ti,Ni’’. The matrix is partially de- 


Table Il. Powder Pattern of the ‘‘n’’ Phase 


Intensity Akl 
0.1099 W 00.2 
0.1143 *11.0 
0.1405 S 11.1 
0.1502 *20.0 
0.2584 - *20.2 
0.2670 W 21.0 
0.2940 W a3 
0.3416 W 30.0 
0.3675 vw 30.1 
0.4375 M 00.4 
0.4921 M 31.0 
0.5120 MW 21.3 
0.5904 VW 20.4 
0.7760 M 30.4 
0.7960 M 41.0 
0.8535 W 40.3 


*These reflections also correspond to “‘Ti,Ni.”’ 
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composed ‘‘TiNi’’—which is discussed below. The 
50 pct alloy was made up twice and contained the 
same amount of ‘‘Ti,Ni’’ each time. The amount of 
‘‘Ti,Ni’’ appeared to be independent of the equilibrat- 
ing temperature at 800°C and lower. Holding 50, 51, 
and 53 pct Ni alloys at 950°C produced single-phase 
structures, but only the 51 pct alloy retained its 
single-phase structure at subsequent holding at 
500°C. The 52 pct Ni alloy developed a single-phase 
structure after quenching from 800°C, and a two- 
phase structure after subsequent equilibration at 
500°C, Fig. 2. 

High-temperature X-ray techniques gave the para- 
meter measurements listed in Table I. 

The assumptions that Vegard’s law holds, and that 
the parameter measurements are accurate to 
+ 0.001A, allow the calculation of a maximum pos- 
sible composition range of 0.4 pct Ni at 500°C, and 
a probable composition range of 2.5 pct Ni at 800°C. 

By comparing the parameter measurements at 25° 
and 500°C, a coefficient of thermal expansion may 
be calculated and used to approximate the parameter 
at any temperature. The figure obtained for 800°C is 
3.05A, implying that the composition of ‘‘TiNi’’ in 
alloys containing less than 51 pct Ni does not change 
from room temperature to 800°C—i.e. that the phase 
boundary on the Ti-rich side is vertical between 
these temperatures. This contention is supported 
by the metallographic observations, and by the work 
of Poole and Hume-Rothery.° The scatter in the 
parameter data obtained by Stiiwe and Shimomura’ in 
alloys containing more than 51 pct Ni may be attrib- 
uted either to the fact that their measurements were 
made on cold-worked powders, or that the quenching 
technique employed to retain the high-temperature 
structures might have been variably effective. This 
would result in scattered parameter values for com- 
positions above 51 pct Ni, and in consistent values 
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for compositions below 51 pct Ni, where the compo- 
sition of ‘‘TiNi’’ is less dependent on temperature. 

The phase region ‘‘TiNi’’ is shown on the amended 
phase diagram, Fig. 3. 

II) The Decomposition of ‘‘TiNi’»—Room tempera- 
ture X-ray diffraction results from solid and powder 
samples indicated that ‘‘TiNi’’ in alloys containing 
from 34.8 to 47.5 pct Ni completely transforms to a 
previously unreported phase, designated ‘‘7’’. The 
powder pattern obtained for the ‘‘7’”’ phase is given 
in Table II. The lines have been tentatively indexed 
as hexagonal (@ = 4.572A, c = 4.660A, c/a = 1.02). 
No structure containing ‘‘7’’ alone could be pro- 
duced, since ‘‘Ti2Ni’’ was present in all samples. 
Those lines marked with an asterisk in Table II 
might not be due to ‘‘7’’ but to ‘‘Ti,Ni’’. 

The transformation temperature was determined 
in powder samples containing 34.8, 40.0, 45.0, and 
47 pct Ni, by allowing the goniometer ,to oscillate 
through the 110 ‘‘TiNi’’ reflection ( @ = 21.2 deg with 
CuK,,) as the sample was slowly cooled (about 1/2°C 
per min) from various holding temperatures. At 
36°C the 110 ‘‘TiNi’”’ reflection decayed, and a new 
reflection at 6 = 22.1 deg appeared. This reflection 
(indexed as 111 ‘‘7’’) grew in intensity while the 110 
‘*TiNi’’ reflection continued to decay and eventually 
disappeared. The transformation was completely 
reversible on heating above 36°C. In solid samples 
the transformation was much slower, requiring 
several hours for completion. 

In samples containing 48.0, 49.0, and 50.0 pct Ni, 
the transformation of ‘‘TiNi’’ to ‘‘7’’ was not com- 
plete, but again, the transformation temperature (the 
temperature corresponding to the appearance of the 
111 ‘‘7’’ reflection on cooling) was 36°C. The only 
metallographic evidence for the ‘‘7’’ phase is an 
uneven surface on metallographically prepared sam- 
ples containing ‘‘TiNi’’, ‘‘m’’, and ‘‘Ti,Ni’’ (shown in 
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Fig. 1). A plot of intensity of the ‘‘TiNi’’ 110 re- 
flection vs composition yielded linear relationships 
between 47.5 and 51 pct Ni and between 51 and 75 pct 
Ni (extrapolated from 55 pct Ni). While this last ex- 
trapolation is optimistic, it does serve to indicate 
that ‘‘TiNi’’ does not decompose in alloys containing 
more than 51 pct Ni. Attempts to induce the trans- 
formation by cold working 50 and 51 pct Ni alloys 
failed to change the amount of ‘‘TiNi’’ in the sample 
(measured by X-ray intensities). 

The type of transformation encountered here is in 
doubt, since it occurs rapidly at a temperature that 
seems low enough to prohibit a diffusion controlled 
process. The experimental points corresponding to 
the formation of the ‘‘7’’ phase are shown on the 
modified phase diagram, Fig. 3. 


Technical Notes 


The Structure of Ti,Al 
A. J. Goldak and J. Gordon Parr 
ODEN et al. and Bumps et al.” suggested that the 


solubility of aluminum in a titanium extended to 30 
pet.* Sagel,* Clark and Terry, * Anderko e¢ al.,° Ence 


*All percentages atomic. 


and Margolin® and Saulnier and Croutzelles,’ subse- 
quently proposed the existence of an intermetallic 
compound in the region of 25pct Al. Although Anderko 
et al.* suggested that the structure of this phase, 
Ti,Al, was of the DO,, (Ni,Sn) type, their conclusion ~ 
was based only upon the results of a powder photo- 
graph that included reflections from @ = 0 to 6= 27° 
(CuK,,),some of which were reported to be indistinct. 
Ence and Margolin, ° referring to a 25 pct alloy (but 
without indicating whether the figure referred to 
weight or atomic pct) stated: ‘‘The structure of Ti,Al 
is isomorphous with Ti,Sn DO, as pointed out by 
Pietrokowsky’’. But the point was not proven, be- 
cause Ence and Margolin did not report values of 
calculated intensities of Ti,Al with the DO,, struc- 
ture. In fact, the observed intensities they reported 
are in poor agreement with the values we calculate 
for DO,, (see Table I). Saulnier and Croutzelle’ con- 
cluded, on the basis of electron micrography and 
microdiffraction studies, that the structure of the 
25 pct Al alloy was ordered hexagonal. Our purpose 
has been to unequivocally determine the Ti,Al struc- 
ture. 

Alloys containing 25 pct Al were prepared from 
iodide titanium and spectrographic standard alumi- 
num by levitation melting. The levitation chamber 
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was evacuated to 10 °mm Hg before filling with 
99.999 + pct A. After casting, the alloy was chilled 
to liquid air temperature and crushed to —200 mesh 
in a percussion mortar. The powder, wrapped in 
molybdenum foil, was annealed (by induction heating) 
at 1000°C for 2 hr in the argon atmosphere of the 
levitation chamber. No sublimate was seen on the 
foil or elsewhere, and therefore the assumption is 


Table | 
Ence and 
Calcu- Margolin Anderko 
Observed Calculated Observed lated Observed Observed 
hkl Sin?6 Sin? 0 Int. Int Int. Int. 
100 0.0238 N.D. 2.3 10 N.D. 
101 0.0519 0.0516 3 §2 20 1 
110 0.1032 2 ya 5 <1 
200 0.0950 0.0952 22 24 50 a 
002 0.1114 0.1112 26 27 70 5 
201 0.1236 0.1230 100 100 100 6 
102 0.1350 N.D. 0.4 N.D «1 
211 0.1944 N.D. £2 6 «1? 
202 0.2054 0.2064 17 14 60 4 
103 0.2740 N.D. 0.4 4 
220 0.2863 0.2856 17 16 50 
302 0.3254 0.3254 N.D. 0.3 a 
203 0.3455 0.3454 32 18 60 
400 0.3802 2 ye 10 
222 0.3951 0.3968 27 17 40 
401 0.4090 0.4080 18 12 30 
004 0.4443 0.4448 4 3 20 
402 0.4913 0.4914 3 a 20 
204 0.5393 0.5400 4 3 20 
403 0.6306 0.6304 9 7 30 
420 0.6664 N.D. 3 10 
421 0.6938 0.6942 17 16 40 
224 0.7278 0.7304 17 10 40 
422 0.7767 0.7776 a 6 10 
205 0.7868 0.7902 9 8 40 
404 0.8250 a 4 10 
503 0.8957 N.D 2 
600 0.8572 pes * 5 7 
215 0.8616 4 20 
423 0.9135 0.9166 38 24 50 
602 0.9668 0.9680 18 27 40 


All lines omitted have a calculated intensity of less than 1 and were not ob- 
served. 

N.D. —Not detected. 

*Not resolved. 
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made that no composition change occurred. 

Data from an X-ray diffraction pattern (obtained 
by diffractometer CuK, radiation) are listed in Table 
I, together with calculated values of sin*@ and rela- 
tive intensities of Ti,Al with a DO,, structure. 

X-ray diffraction patterns were obtained by a dif- 
fractometer method at temperatures up to 900°C and 
pressure of 10°° mm Hg. The hexagonal structure 
persisted; but no superlattice lines were observed 
above 600°C. 

The data in Table I show good agreement between 
observed and calculated intensities, and therefore 
the attributed DO,, structure is confirmed. The ab- 
sence of superlattice lines above 600°C may have 
been due to the temperature factor effect reducing 
their intensity to the extent that they could not be 
detected, or due to disordering of the structure. | 

From the data, lattice parameters of a = 5.774, 

c = 4.62A were computed. 

The generally accepted phase diagram (Bumps 
et al.*) should be modified to accommodate the phase 
Ti,Al; and we express the hope that the phase may 
indeed be designated Ti,Al rather than Ti,Al as sug- 
gested by Ence and Margolin, ° since the structure is 
isomorphous with Ni,Sn. 

This work formed part of a project sponsored by 
the Defence Research Board of Canada, DRB 7510-27. 
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Effect of Grain Size on Brittle Fracture in 
Steel 


F. de Kazinczy and W. A. Backofen 


FractTurING under conditions of particular interest 
is identified with the junction of curves relating ten- 
sile yield and fracture stresses to test temperature; 
the intersection point gives the lowest stress, Oy *, 
for brittle fracture (at the ductility transition tem- 
perature). An expression for 0,*is found in Cottrell’s 
brittle-fracture analysis, Eq. [15],’ while measure- 
ments of this stress and temperature have been re- 
ported for a low-carbon steel heat treated to differ- 
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Fig. 1—Over-all plastic extension at fracture in singly 
notched specimens of mean grain diameter about 0.028 mm. 
Points in lower left quadrant are considered to lie below 
the ductility transition temperature. Specimen types are 
shown schematically; dashed lines illustrate the difference 
between singly and doubly notched. 


ent grain sizes.” The results of additional experi- 
ments with notched specimens of the same test ma- 
terial (as in Ref. 2) are being presented now. 


Temperature 


-180 


Ductility transition °C 


-200 


“220 


© No notch 
O Single notch 
4 Double notch 


| | 
O 2 4 6 8 


Grain size d~ 2) 


Fig. 2—Data represented with 0 symbol: Grain-size de- 
pendence of stress, o,*, and temperature at the junction 
of plots relating yield and fracture stresses to test tem- 
perature; smooth, unnotched specimens (from ref, 2). 
Other data from this work: Grain-size dependence of 
yield stress at the ductility transition temperature and 
the transition temperature in notched specimens. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Yield stress at transition OOO psi 


140 
120 
100 
J a 
60 
40 


Two types of specimens were prepared from those 
of the previous work by cutting straight notches with 
0.004-in. root radius into the circular cross section 
to a depth of 1/3 of the diameter. Some were notched 
from both sides; others were notched only on one 
side, the opposite side being milled flat to the same 
depth, Fig. 1. 

Since the yield point is masked in a notched speci- 
men, the transition had to be defined somewhat ar- 
bitrarily. It was observed that over a wide tempera- 
ture range fracture was preceded by plastic exten- 
sion. The amount was small at low temperature but 
increased rather abruptly at a higher temperature 
which was identified as the transition temperature. 
An example is given in Fig. 1 with results from 
singly notched specimens of a particular grain size. 
The upper limit on the plastic extension for brittle 
behavior so-defined would naturally vary with ex- 
perimental conditions; in these tests it was some- 
what less than 0.004 in. The lower yield point cor- 
responding to the transition temperature was then 
determined on other, unnotched specimens. Both 
transition temperatures and stress values obtained 
in this way are plotted in Fig. 2, together with the 
previously reported’ data from unnotched specimens. 

The indication from work of Hendrickson, Wood, 
and Clark’ is that transition in a given material oc- 
curs as the maximum normal stress reaches a 
critical value, independent of temperature, deforma- 
tion rate, and any triaxiality due to notches. On this 
basis, taking 9,* as the critical stress, the ratio 
q = O%* (unnotched)/o, (notched) from Fig. 2 may be 
viewed as a stress-concentration factor that ap- 
plies at the origin of fracture in the notched speci- 
men; for the conditions represented in Fig. 2, 

q = 1.5 (ingly notched) and 1.6 doubly notched). 

In the Hendrickson, Wood, and Clark analysis, q 

was concluded to be about 2.5 for the notch geome- 
try investigated. Subsequently, Wood suggested (in 

a discussion reported by Barrett*) that the condi- 
tion for initiating brittle fracture may involve the 
stress averaged over some small volume of material 
around the elastic-plastic boundary beneath a notch. 
In such a case, the stress-concentration factor would 
be reduced; the lower values reported here can be 
interpreted as in accord with that suggestion. 

An additional point of interest in the data of Fig. 2 
is that lines representing the grain-size dependence 
of the transition stress do not extrapolate to zero on 
the stress axis, as would be expected from Cottrell’s 
theory. However, the trend is like that observed in 
work on polycrystalline magnesium by Hauser, Lan- 
don, and Dorn.® Furthermore, by testing with notched 
specimens, transition has been brought into a range 
of temperature in which the grain-size dependence 
of the yield point (‘Ry’’) is known to be insensitive to 
temperature. ° Therefore, an explanation of the non- 
zero intercept on the basis of ky being a function of 
temperature seems ruled out. 

This work was done in a program sponsored by the 
Ship Structure Committee under the advisory guidance 
ance of the Committee on Ship Steel of the National 
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The Production of Controlled Orientation 
Bicrystals for Grain Boundary Migration 
Studies 


J. W. Rutter and K. T. Aust 


In previous studies of grain boundary migration in 
zone-refined lead, the authors used bicrystal speci- 
mens consisting of a striated crystal which was 
grown from the melt, and an adjacent striation-free 
crystal, introduced by artificial nucleation and growth.’ 
While this method permits the study of the motion of 
individual grain boundaries, it does not provide con- 
trol of the relative orientations of the grains. The 
present note will describe a technique for controlling 
the orientations of the two crystals in this type of 
specimen. 

The technique consists essentially of placing a 
striated crystal and a striation-free crystal of con- 
trolled orientations end-to-end in a graphite trough, 
then melting a short zone at the junction of the two 
crystals and allowing it to freeze to form the desired 
grain boundary. The apparatus used to carry out this 
process is illustrated in Fig. 1. It consists of a 
trough milled from high-purity graphite, with grooves 
in the underside for the placement of thermocouples. 
The graphite piece fans out on one end at the level of 
the bottom of the trough; the sides of the trough are 
completed in this region by the attachment of a mat- 
ing plate with a slot cut at any desired angle to per- 
mit reorientation of the crystal placed at this end of 
the assembly. The joint between the crystals is made 
at or near the point where the slotted plate joins the 
rest of the trough. The thermocouple slots are deep- 
ened in this region so that the thermocouples are 
separated from the melt by only 1/32 in. of graphite. 
An induction heater, with suitable temperature con- 
trol, is used to obtain the molten zone. 

The two single crystals used are first chemically 
polished in a solution consisting of eight parts glacial 
acetic acid and two parts 30 pct hydrogen peroxide. 
They are then placed in the trough with the ends to be 
joined at the position of the thermocouples. Next, 
cooling is applied to the two crystals by means of air 
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Fig. 1—Illustration of apparatus used to produce controlled 
orientation bicrystals. 


jets located 1 to 2 in. from the position of the joint 
and directed away from it, Fig. 1. The air cooling 
helps, first, to limit the length of the molten zone by 
increasing the temperature gradients and, second, to 
prevent the nucleation of stray crystals during freez- 
ing of the zone by assuring that the solid-liquid inter- 
faces are the coldest surfaces exposed to the molten 
zone. Next, the temperature is raised, part of each 
crystal being melted, to form a liquid zone about 1/2 
in. in length. Since the two crystals often do not butt 
together closely, the liquid level is usually lower 
than desired. This can be corrected by sliding one or 
both of the crystals into the liquid zone. The liquid is 
‘‘puddled’’ within a thin Pyrex rod, in order to elimi- 
nate oxide inclusions, and the temperature is then 
lowered slowly to freeze the liquid zone. 


| GRAIN BOUNDARY 


| 
l+REMELT ZONE STRIATED CRYSTAL 
! 


(b) 


GRAIN BOUNDARY 


tposition 
OF JOINT 


Fig. 2—(a)—(upper) Bicrystal of zone-refined lead pro- 
duced by the controlled orientation technique. Etched in a 
solution of 5 pct nitric acid in methyl alcohol. (b)—(lower) 
Same specimen, chemically polished, annealed and etched. 
X4. Reduced approximately 59 pct for reproduction. 
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Fig. 2(a) shows a specimen produced in this way. 
It can be seen that the striations have been propa- 
gated in that portion of the zone which froze from 
the striated crystal, so that a source of driving en- 
ergy for migration of the grain boundary is present 
at the position of its formation. It may also be seen 
from Fig. 2(a) that no striations formed in that part 
of the zone which froze from the striation-free crys- 
tal. This may be explained on the basis of the incu- 
bation distance required for the formation of stria- 
tions, as noted by Teghtsoonian and Chalmers.* The 
fact that a grain boundary formed in the manner 
described above will migrate on annealing is demon- 
strated in Fig. 2(b), which shows the specimen of 
Fig. 2(a)after annealing for 2 min at 300°C. 

Using high-purity lead, no difficulty has been ex- 
perienced in moving the boundary from the position 
where it is formed. With doped materials, however, 
segregation to the last portion to freeze might pro- 
duce a solute concentration large enough to anchor 
the boundary, even though it would be mobile in the 
doped crystal. This difficulty may be overcome by 
growing the doped, striated crystal from a pure seed, 
to which it is left attached. The grain boundary may 
then be introduced between a pure, striation-free 
crystal and the pure, striated region and subsequently 
migrated into the doped portion. It is often useful to 
anneal at a temperature near the melting point to 
provide the maximum opportunity for the grain bound- 
ary to get free of any irregularities in the region 
where it is formed. This may conveniently be done 
by halting cooling as soon as the liquid zone has been 
frozen. The steep temperature gradient provided by 
the air cooling prevents the boundary from migrat- 
ing too far during this annealing treatment. 

The present technique is being used to prepare 
bicrystals for a study of grain boundary migration 
in high-purity lead. It is also useful for the prepa- 
ration of accurately oriented, substructure-free, 
single crystals and the production of substructure- 
free bicrystals with a transverse boundary, formed 
by migrating two boundaries together from opposite 
ends of a striated crystal. The principal limitation 
appears to be the requirement of high-purity material 
in order to maintain sufficient boundary mobility un- 
der the small driving force provided by the striation 
substructure. 


1See, for example: J. W. Rutter and K. T. Aust: Acta Met., 1958, vol. 6, 
p. 375, and Trans. Met. Soc. AIME, 1959, vol. 215, p. 119. 

2E. Teghtsoonian and B. Chalmers: Can. J. Physics, 1951, vol. 29, p. 370; 
ibid, 1952, vol. 30, p. 388. 
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The Phase Relationships in the Magnes- 
ium-Rich Region of the 335°C Tetrahe- 
dron of the Mg-Al-Ca- Zn Phase Diagram 


J. B. Clark 


An exploratory study of the 60 wt pct Mg and 80 wt 
pct Mg sections of the solid constitution in the 
magnesium-rich region of the Mg-Al-Ca-Zn sys- 
tem was undertaken. The objective of the investi- 
gation was to determine the general configuration of 
the phase fields with respect to the magnesium 
solid solution in this complex system. 

The 335°C (635°F) tetrahedron was selected for 
study because the solid constitutions of the bounding 
ternary systems—Mg- Al- Zn,’ Mg- Al-Ca,” Mg-Ca- 
Zn°—were well known and, at least in these ternary 
systems, diffusion was rapid enough at 335°C for 
equilibrium to be reached fairly rapidly. Metal- 
lography and powder X-ray diffraction were se- 
lected as the best corroboratory methods for de- 
termining the solid phase equilibria. 

A total of forty-six quaternary alloys on the 60 wt 
Mg and 80 wt Mg sections were prepared, annealed 
to equilibrium at 335°C, and the phases present 
identified. 

Singly sublimed (99.99 pct) magnesium, elec- 
trolytic (99.99 pct) zinc, high-purity (99.99 pct) 
aluminum, and USP calcium were alloyed in 
graphite crucibles under a chloride flux and chill 
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cast into a split graphite mold. 

Alloy samples were sealed under argon in Pyrex 
vials and annealed at 335°C + 1/2°C for a minimum 
of 500 hr. At the conclusion of the anneal, the alloy 
samples were quenched rapidly in ice water. 

Standard metallographic procedures for mag- 
nesium alloys were used. Powder X-ray diffraction 
patterns were taken on a G. E. Camera witha 
diameter of 14.32 cm using nickel filtered copper 
radiation. 

The phase equilibria in the 60 wt pct Mg section 
of the 335°C (635°F) tetrahedron is shown in Fig. 1. 
The complex equilibria in the zinc-rich region 
were not accurately determined and are shown only 
tentatively with dotted lines. The equilibria of the 
three bounding ternary 335°C sections from pure 
magnesium to 60 wt pct Mg are also shown as 
though folded away from the tetrahedron. The 80 
wt pct Mg section has the same configuration of 
phase fields as that shown in Fig. 1. Thus it is 
reasonable to conclude that in higher magnesium 
sections, the same relative configuration of phase 
fields is maintained though the relative proportions 
of the individual phase fields may change slightly as 
the magnesium solid solution is approached. 

Note that all the ternary phases present in these 
ternary diagrams enter into the quaternary equi- 
libria with the exception of the y phase of the Mg- 
Al-Zn system which becomes unstable with the 
addition of as little as 1/2 pct Ca. No quaternary 
intermetallic phases were found. No liquid phase 


Mg 
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- Compositions Studied 


Fig. 1—The 60 wt pct Mg section of the 
335°C (635°F) tetrahedron of the Mg- 
Al-Ca-Zn system. The adjacent ternary 
equilibria are also shown. 


was detected in any of the quaternary alloys an- 
nealed at 335°C suggesting that if a quaternary eu- 
tectic exists, it must lie between 335°C and 339°C, 
the temperature of the ternary eutectic in the Mg- 
Al-Zn system. 
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Since all the phases designated in Fig. 1 are 
stable to room temperature, the same phase re- 
lationships must exist in similar sections of lower 
temperature tetrahedra. Therefore, the general 
phase relationships shown in Fig. 1 are character- 
istic of the solid constitution over a wide range of 
temperature and composition. 


1J. B. Clark: Phase Relations in the Magnesium-Rich Region of the Mg-Al-Zn 
Phase Diagram, Trans. ASM, 1960, vol. 52. 

2J. A. Catterall and R. J. Pleasance: The Constitution of Magnesium-Rich 
Mg-Al-Ca Alloys, J. Inst. Metals, 1957-58, vol. 86, p. 189. 

5J. B. Clark: Solid Constitution in the Magnesium-Rich Region of the Mg-Ca-Zn 
Phase Diagram, this issue, p. 000. 


The Solid Constitution in the Magnes- 
ium-Rich Region of the Mg-Ca- Zn Phase 
Diagram 


J. B. Clark 


In 1933, R. Paris’ published a phase diagram for 
the entire Mg-Ca-Zn system. He reported the ex- 
istence of a ternary intermetallic phase, Mg;Zn;Caz, 
which formed a quasi-binary with the magnesium 
solid solution. Since then, no extensive work has 


been reported on the system. Recently however, 
indications of the existence of a second ternary in- 
termetallic phase in equilibrium with the magne- 
sium solid solution led to a reinvestigation of the 
solid phase equilibria involving the magnesium 
solid solution. The 335°C (635°F) isothermal sec- 
tion was chosen for study. Metallography and 
powder X-ray diffraction were selected as the best 
mutually corroborating methods for determining the 
solid phase constitution. 

Seventy-six alloys were prepared from singly 
sublimed (99.95 pct) magnesium, electrolytic 
(99.95 pct) zinc and USP calcium. The analyses of 
some of the alloys are shown in Fig. 1. The alloys 
were melted in a graphite crucible under a chloride 
flux and chill cast in a split graphite mold. Dif- 
fusion couples (see Fig. 2) were prepared by 
casting molten Mg-20 wt pct Zn alloy around a 
cylinder of Mg-30 wt pct Ca alloy. 

The alloy samples and the diffusion couples were 
sealed under argon in Pyrex vials and annealed ina 
furnace capable of controlling within 1/2°C of 
335°C. At the conclusion of the anneal, the alloy 
samples were quenched in ice water and the dif- 
fusion couples were air cooled. 

Procedures standard for magnesium alloys were 
used for metallographic examination. Powder X- 
ray diffraction patterns were taken on aG. E. cam- 
era with a 14.32 cm diam using nickel-filtered 


€-Mg 
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Fig. 1—The 335°C (635° F) section of the 
Mg-Ca-Zn phase diagram. O-—compo- 
sitions studied. 
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copper radiation. 
The redetermined 335°C (635°F) section of the 


Mg-Ca-Zn phase diagram is shown in Fig. 1. Two 


ternary intermetallic phases, designated w and 8, 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
‘ 
Mg 
10 10 
20, 4 20 
€ 
9 30 
ff |’ 
° \ 
60 
° 9g ° 
/ 
70 
Wi 
“"! 90 
fr * 
Zn Ca 


€+W 


Fig. 2—The cross section of the Mg-20 wt pct Zn/Mg-30 
wt pet Ca diffusion couple after 500 hr anneal at 335°C 
(635° F). 


are in equilibrium with the magnesium solid solu- 
tion. Both of these ternary phases appear to be 
stable to room temperature. The d values of these 
phases will be published in the ASTM Powder Dif- 
fraction Card File. The metallographic structures 
of alloys in the magnesium-rich region of the 335°C 
section are illustrated by the sequence of the dif- 
fusion layers formed in Mg-20 wt pct Zn/Mg-30 wt 
pct Ca couple shown in Fig. 2. 

This redetermined 335°C section differs from the 
equilibria reported by Paris’ in three respects. 

a) Although the exact limits of the 8 phase field 
toward the Ca-Zn binary were difficult to deter- 
mine, the 8 phase field does not contain the compo- 
sition Mg,Zn,Ca, reported by Paris for this ternary 
intermetallic phase. 

b) An additional ternary intermetallic phase, w, 
is present at Mg-80.7 wt pct Zn-7.8 wt pct Ca. 

c) No liquid structure was detected over the en- 
tire composition range studied, although Paris re- 
ported a ternary eutectic at 2 pct Ca, 38.5 pct Mg, 
59.5 pet Zn and 330°C (626°F). 

The general equilibria at lower temperatures are 
the same as that shown in Fig. 1 with the exception 
that the binary Mg,Zn; (P)phase decomposes into 
magnesium solid solution and MgZn (T) phase below 
325°C (617°F).’ 
~4R, Paris: Compt. rend., 1933, vol. 197, p. 1634; The Technology of Magne- 
sium and Its pe A. Beck, F, A. Hughes & Co., Ltd., London, p. 90, 1940; 
Contribution a 1’Etude des Alliages Ternaires. Publications Scientifiques et 


Techniques du Ministere de 1’Air, No. 45, 1934, pp. 1-86. 
2]. B. Clark and F. N. Rhines: A/JME Trans., 1957, vol. 209, pp. 425-29. 


Stacking Faults in Platinum 


J. Taranto and F. R. Brotzen 


SEVERAL investigators have computed stacking- 
fault concentrations from X-ray diffraction data.’ 
The method generally employed relates the line 
shift to the stacking-fault probability. In this in- 
vestigation platinum filings of 99.99 pct purity 
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screened to -325 mesh were studied after having 
been subjected to various annealing treatments. 
The lines were measured on a General Electric 
XRD-5 spectrogoniometer using CuK, radiation. 
The centroid of the broad reflections was deter- 
mined by the method proposed by Pike.*® The 
stacking-fault probability was calculated by the 
formula given by Warren and Warekois,° with the 
assumption that all stacking faults were on the 
{111}. Various high-angle reflections were used, 
but most data collected refer to the shift in the 
{400} reflections. 

When the filed platinum powder was annealed at 
1200°C for 20 min the stacking fault concentration 
was too small to be detected. The stacking-fault 
probability in freshly filed specimens, as deter- 
mined by the line shift relative to the annealed 
specimen, was about 0.016, Fig. 1. If the faults 
would be created only by extended dislocations, the 
dislocation density in the filed specimen would be 
about 3x10’? cm *. The average stacking-fault width 
of about 21A, which was used in this computation, is 
that given by Thornton and Hirsch.’ 

The mechanism by which stacking faults are an- 
nihilated during annealing is not yet fully understood. 
The isothermal results obtained do not seem to sup- 
port the simple hypothesis of a first-order decay. On 
the other hand, the analysis by Kuhlmann, Masing, 
and Raffelsieper® for the loss of dislocations during 
recovery agrees much better with the experimental 
data of this investigation. This analysis yields an 
activation energy of 29 + 8 kcal per mol for the dis- 
appearance of stacking faults in cold-worked plati- 
num during annealing. Even if one takes into ac- 
count the lack of accuracy inherent in this X-ray 
method, the activation energy found is substantially 
less than that of self-diffusion in platinum, 7.e., 61.6 
kcal per mol.® The results therefore suggest that 
processes other than dislocation climb, which in- 
volves the activation energy of self-diffusion, are re- 
sponsible for the loss of stacking faults in platinum 
during annealing. 

The broad reflection lines became sharper early 
in the recovery process, Fig. 1. The sharpening oc- 
curred well before the stage during which stacking 
faults disappear. This lends support to Nowick’s’® 
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belief that a considerable rearrangement of disloca- 
tions takes place in platinum during the early stages 
of recovery. 


1A. J. C. Wilson: Proc. Roy. Soc., London, 1942, vol. 180A, p, 277. 

"M. S. Paterson: J. Appl. Phys., 1952, vol. 23, p. 805. 

3B. E. Warren and E. P. Warekois: Acta Met., 1955, vol. 3, p. 473. 

‘C..N. J. Wagner: Acta Met., 1957, vol. 5, p. 427, p. 477, and Rev. de Met., 
1958, vol. 55, p. 1171. 

5R. E. Smaliman and K. H. Westmacott: Phil. Mag., 1957, vol. 2, p. 669. 

°E. R. Pike: Sci. Instr., 1958, vol. 35, p. 34. 

’P. R. Thornton and P. B. Hirsch: Phil. Mag., 1958, vol. 3, p. 738. 

*D. Kuhlman, G. Masing, and J. Raffelsieper: Z. Metallk., 1949, vol. 40, 


p. 241. 
°G. L. Bacchella, E. Germagnoli, and S. Granata: J. Appl. Phys., 1959, 
vol. 30, p. 748. 


A. S. Nowick: Acta Met., 1955, vol. 3, p. 312. 


Observations on the Powdering of Yttrium 
Hydride 


John D, Roach 


Durie an investigation of the yttrium-hydrogen 
system aimed at producing solid yttrium hydride 
specimens containing various amounts of hydrogen, 
it was observed that yttrium containing approxi- 
mately 2 wt pct H exhibited a tendency to crack and 
crumble to a powder on standing in air at room tem- 
perature. It was also observed that longer hydriding 
times, at a given temperature, increased this sus- 
ceptibility to powdering without an increase in hydro- 
gen content, also that moisture in the air is neces- 
sary for the observed effects to occur. 

Even if cracking did not occur, there was a con- 
tinual formation of a light gray powder on the as- 
treated surface of the hydrided yttrium and this re- 
action continues until the entire hydrided piece has 
been reduced to a powder. Storing the hydrided 
specimens in the absence of air or removing the 
surface either by machining or grinding were ef- 
fective means of preventing this disintegration of 
hydrided yttrium. 

In an attempt to determine the reason for this 
powdering phenomenon, the surfaces of a number of 
as-hydrided yttrium specimens were examined by 
X-ray techniques. In all cases the X-ray pattern ob- 
tained showed the major phase to be yttrium hydride 
(YH) as would be expected since the specimens con- 
tained 2 to 2.2 wt pct H. In some cases a trace of 
yttrium oxide was observed. There was also a third 
phase present on the surface of these hydrided speci- 
mens which could not immediately be identified. This 
unknown phase was a face-centered cubic material, 
NaCl-type structure, with a lattice parameter of 
4.855A and a calculated density of 5.914 g per cc. 
Very slight hand polishing of the surface of the hy- 
drided yttrium specimens completely removed both 
the unknown phase and the traces of oxide so that 
only the yttrium hydride pattern remained. Based 
on the X-ray patterns the quantity of the unknown 
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phase on the surface of the hydrided yttrium ap- 
peared to be directly related to the susceptibility of 
the material to powdering. 

Work at the Denver Research Institute on the 
yttrium-nitrogen binary system showed that yttrium 
nitride (YN) is a face-centered cubic material with 
a lattice parameter of 4.878A and a density of 5.890 
g per cc. They also noted that this compound rapidly 
disintegrated to a powder on standing in air. The un- 
known pattern observed in the above specimens cor- 
responds very closely to that of the nitride—fcc 
structure, 4.885A parameter, and density of 5.914 
g per cc. The presence of this thin film of nitride on 
the surface of the hydrided specimens probably ac- 
counts for the observed powder formationand crumb- 
ling. The nitride reacts with the water vapor in the 
air (verified by private communication from Dr. C. 
Huffine, General Electric Co.) to yield yttrium oxide 
and ammonia. Ammonia is readily detected when 
hydrided yttrium specimens were allowed to stand 
in bottled moist air. The powder formed on the 
Surface of the hydrided specimens was shown by 
X-ray analysis to be yttrium oxide. This reaction 
appears to occur primarily at the grain boundaries 
Since discrete particles of yttrium hydride sepa- 
rate from the specimens during this powdering 
process. 

The reaction of yttrium nitride with water vapor 
is believed to be as follows: 2YN + 3H,0 — YO, 

+ 2NH;. Despite the fact that this nitride is present 
only as an extremely thin surface film, if the above 
reaction is not prevented by removing this film from 
the surface either by machining or grinding, the re- 
action continues until the entire hydrided piece has 
been reduced to a powder. To account for this con- 
tinuation of the reaction, it is believed that the fol- 
lowing reactionalso occurs: 2YH,z + 2NH, ~ 2YN + 
The nitride produced by the latter reaction reacts in 
turn with water vapor. The reaction therefore be- 
comes autocatalytic and continues until the hydride 
has been consumed and the entire piece reduced to 
oxide powder. 

The amount of nitride required to initiate this re- 
action is quite small and this nitrogen contamination 
can occur from a number of sources—hydrogen gas 
employed, minute leak in the hydriding apparatus or 
even from degassing of the reaction vessel itself. 
Longer hydriding times increase the possibility of 
nitrogen contamination and this is especially true 
when a dynamic gas system is employed in the hy- 
driding process. The production of stable, solid 
hydrided yttrium is dependent on the complete ab- 
sence of nitrogen contamination during processing. 
If such contamination does occur, powdering of the 
hydrided product can be prevented by removing the 
nitride from the surface e.g. grinding or by pre- 
venting access of air to the pieces e.g. sealing in 
wax or plastic. 

The author wishes to express his appreciation to 
General Electric Co. for sponsoring this research 
and for permission to publish the results of work 
under Subcontract AT-93. 
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On the Existence of Lower Tantalum Oxides 


R. J. Wasilewski 


In addition to the pentoxide Ta20s,, lower oxides, 
namely Ta,O,’ TaO* and Ta,0* have been stated to 
exist. In more recent investigations, the existence 
of the intermediate phases Ta2,0, and TaO could 
not be confirmed. In addition, no confirmation for 
the existence of the suboxide was provided by the 
extensive investigation of Lagergren and Magneli.* 
In view of a Similar earlier discrepancy between 
the observations of Brauer® and Grube and Kubas- 
chewski° on Nb,O, the reported structure of which 
was almost identical with that proposed for Ta,O, 
some of the samples previously used® were rein- 
vestigated, and in particular analyzed for their 
nitrogen content. A number of new samples were 
also prepared, both by the technique used pre- 
viously, (¢.e., slow oxidation at 1050°C in hydrogen 
containing minute additions of air), and by nitriding 
with cracked ammonia, again with very low partial 
pressure of air. Tantalum powder 99.8 + pct pure, 
— 325 mesh BSS was used throughout, as in previous 
work. All the samples were furnace cooled after a 
1050°C anneal, analyzed for nitrogen, tantalum, and 
gain in weight on ignition at 1000°C. X-ray diffrac- 
tion patterns were then taken, using CuK, radiation. 

It was found that the diffraction pattern previously 
reported as that of Ta,O did not, in fact, refer to the 
suboxide composition, but to an oxynitride of the 
approximate composition Ta2,(O,N,-,). Furthermore, 
direct comparison of patterns of the oxynitrides con- 
taining an increasing nitrogen/oxygen ratio, Table I, 
and that of the lower nitride Ta,N permitted estab- 
lishing the structure of the oxynitride as hexagonal 
close packed, with parameters a, = 3.057, A Co= 
4. 924,A and c/a = 1.610. The originally assigned 
orthorhombic cell can be re-indexed satisfactorily 
on this basis. 

Line intensities varied appreciably with composi- 
tion, although the lattice parameters remained es- 
sentially constant. At lower N,/O, ratios, the high- 
angle lines tended to be diffuse, indicating some 
spread in parameter values. 

During the oxynitride preparation experiments 
involving oxygen contaminated, electrolytically 
deposited Ta powder containing 3.31 pct (weight) 
oxygen, a diffraction pattern of a cubic structure 
was observed after vacuum anneal of the metal at 
800°C. Diffuse Ta diffraction lines were also pres- 
ent. After annealing at temperatures above 1000°C 
this structure decomposed to oxygen saturated Ta 
and Ta20s. 

The cubic phase was indexed on the basis of a 
cubic cell a, = 3. 99,A. Assuming the formula to be 
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Table | 
Composition ay Co c/a Remarks 
Ta, No.38 65 3.055 4.928 1.613, Lines diffuse 
No.so 44 3060 4.927 1.610, 
No.83 Oo. 20 3.056 4.927 1.612, Sharp pattern 
Ta, No.98 3.057, 4.924 1.610 
Ta, Noo.76-1.06) 3.042 4.909 1.614 Brauer & Heinz” 


TaO, the X-ray density of this phase is 5.13 or 10.26 
g per ccm for Z =1 or Z = 2 formula units per cell, 
respectively. The pycnometric density of the com- 
posite sample was determined as 12.65 g per ccm. 
Calculated density of the composite, based on the 
Ta:TaO ratio determined from the known total oxy- 
gen content is 13.25 g per ccm for Z = 2, and 10.26, 
for Z=1. If the difference between the higher of the 
calculated and the experimental values were taken 
as due to vacant sites in the TaO structure, then 25 
pct of the lattice sites are vacant, as has been postu- 
lated for NbO.°® 

An NaCl type structure of a, = 4.42 to 4.44 Ahas 
been reported’ for TaO previously. The preparation 
method used, however, (Oxidation of TaC or TaN with 
Hz + H,O vapor) makes it probable that the pattern 
observed was that of the residual carbide (a, = 4.45). 

It is believed that the monoxide is metastable, and 
the structures reported may be merely transition 
structures between the oxygen solid solution in tan- 
talum and the pentoxide. The formation of sucha 
transition phase may be connected with the anomalous 
oxidation behavior reported.® 

1B. S. Hopkins: Chemistry of the Less Familiar Elements, Stipes, Chicago, 
1939. 

2N. Schonberg: Acta Chem. Scand., 1954, vol. 8, p. 240. 

3R. J. Wasilewski: J. Amer. Chem. Soc., 1953, vol. 75, p. 1001. 

4S. Lagergren and A. Magneli: Acta Chem. Scand., 1952, tis 6, p. 444. 

5G. Brauer: Z. anorg. allgem. Chem., 1941, vol. 248, 

°G. Grube, O. Kubaschewski, and K. Zwieuer: 1939, vol. 45, 
p. 885. 


7G. Brauer and K. Heinz: Z. anorg. Chem., 1954, vol. 277, p. 129. 
*R. Bakish: J. Electrochem. Soc., 1958, vol. 105, p. 71. 


Density Anomalies in the Bi,Te,-Sb,Te, 
System 


L.R. Testardi and J. R. Wiese 


OBsERVATIONS have been made that the substitution 
of antimony for bismuth in Biz,Te,; leads to anomalies 
in some of the electrical and magnetic properties of 
the BizTes-Sb2Te; alloy system at the composition 
ratios 2 BizTes: 1 Sb2Tes and 1 Bi2Tes : 2 SbeTes. 
Airapetiants and Efimova’ have reported the peaking 
of the nondegenerate hole mobilities, po, at these 
compositions for sintered materials and ascribe the 
peaking to the formation of ordered alloys. From a 
study of these materials produced by the Bridgeman 
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technique, Birkholz* found a maximum in the observed 
mobility in the vicinity of the bismuth-rich ordered 
alloy while the mobility of the antimony-rich ordered 
alloy approached a minimum.* From thermoelectric 


*These measurements were made with the current flow aligned with 
the direction of the cleavage planes. 


measurements Wright® observed that the product 

Lo (m*/m)*/*, where m*is the density of states effec- 
tive mass, does not change appreciably with compo- 
Sition in this alloy system. The latter findings, also 
from Bridgeman grown material, are in agreement 
with the results of Airapetiants and Efimova for the 
2 BizTe; : 1 SbzTe3; composition, but not for the 

1 BizTe, : 2 SbzTe, composition. 

To establish evidence for the presence of ordering 
at both composition ratios we have investigated the 
densities of annealed near-single crystals 2-3 crys- 
tals/cross section) and quenched ingots of a number 
of alloys of the system Bi,Te;-Sb.Te;. For all of the 
samples the elemental constituents were initially 
reacted and agitated in evacuated and sealed Vycor 
tubes, held for a period of time at 100 °C above the 
melting point and then water quenched. For the 
single-crystal preparation one ingot was placed ina 
Vycor ‘‘boat’’ but buffered from direct contact with 
the walls of the boat by a layer of graphite powder. 
The powder served to reduce the thermal conduct- 
ance of the sample surface environment and to mini- 
mize stresses in the sample on solidification. The 
boat with its sample was then placed into a Vycor 
tube which was evacuated and sealed. The sample 
was zone-levelled and then cooled from 500°C to 
room temperature over a period of 36 hr. 

Density measurements were made at room tem- 
perature by the hydrostatic weighing technique using 
distilled water as the immersant liquid. The method 
and necessary corrections are described elsewhere.* 
Masses were determined to 0.01 mg and the tempera- 
ture of the immersion bath was determined to 0.1°C. 
The samples were sectioned or cleaved after meas- 
urement to establish the absence of voids in the ma- 
terial. The largest source of error lay in the irre- 
producibility of the surface tension of the water on 
the suspension wire. It was found experimentally that 
for advancing and receding liquid-wire interfaces of 
varying ‘‘age’’ the surface tension for our measure- 
ments averaged about 1.5 mg +0.5 mg of force. This 
contributes an error of 0.05 to 0.005 pct for the dif- 


78 


76 
© QUENCHED SAMPLES 
S NEAR-SINGLE CRYSTAL SAMPLES 
72 
7O 
za 
a 66+ 
64 l 1 L lL l 
Bi,Te; 10 20 30 40 50 60 70 80 90 SboTe; 


MOLE PERCENT Sb2Te; 


Fig. 1—Density vs alloy composition—Bi,Te,-Sb,Te, system. 
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Table I. Density as a Function of Composition Bi,Te,-Sb Te, 
System Quenched and Near-Single Crystal Material 


Composition, Mol Pct Density, g/cm’ 
Bi,Te, Sb, Te, Quenched Near-Single 
100 0 7.803 7.836 

90 10 7.682 7.696 

80 20 7.536 7.564 

70 30 7.411 7.452 

66%, 33%, 7.372 7.418 
60 40 7.278 7.319 
50 50 7.138 7.149 
40 60 7.009 7.021 
33%, 66%, 6.922 6.934 
30 70 6.887 6.936 

20 80 6.729 6.745 

10 90 6.568 6.607 

0 100 6.440 6.488 


ferent sized samples and exceeds the contributions 
from all other error sources by at least one order of 
magnitude. In view of the almost linear relationship 
between density and alloy composition (see Fig. 1) 
inhomogeneity of the ingot under test should not in- 
troduce an error greater than that due to surface 
tension provided that, in their total count, the atoms 
in the ingot are present in the ratio implied by the 
alloy composition figure. 

Table I gives the densities of quenched and near- 
single crystal ingot at 10 mol pct composition inter- 
vals and at the 2:1 and 1:2 composition at 25°C. The 
experimental values, determined in the temperature 
range 25°C 42°C, have all been referred to 25°C 
using thermal expansion data obtained in this labora- 
tory. The values given in Table I are shown graphic- 
ally in Fig. 1. In general the densities of the quenched 
samples are lower than those of the near-single crys- 
tal ingots, consistent with the expectation of greater 
vacancy and dislocation densities in the quenched ma- 
terial. In the vicinity of the 2:1 BizTes : Sb2Tes3 com- 
position ratio a gentle peaking is observed in the 
densities of the near-single crystal materials, but 
not in the quenched materials. If there is no ab- 
normal change in the vacancy or dislocation densi- 
ties (X-ray data by Birkholz* is inconclusive for this 
point) this could be indicative of a tighter packing of 
the atoms in an ordered arrangement for the annealed 
near-Single crystals. A similar peaking occurs near 
the proposed antimony-rich ordered composition, but 
it is not associated with the exact composition ratio 
of 1 BizTe; : 2 SbzTes. It could be expected that the 
tighter packing might give rise to anomalies in the 
energy gap at these compositions. Studies of the 
thermal energy gaps now in progress at this labora- 
tory seem to verify this, showing minima in the 
energy gaps near the proposed ordered composi- 
tions. If a second phase is present in small amount 
in these alloys,* the anomalous behavior of the den- 
sity near the 2:1 and 1:2 composition ratios may 
represent a change in the solubility of the second 
phase in the predominant phase. 

The authors are indebted to the sponsors of the 
Thermoelectric Effects Research Program for their 
financial support. 
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Optimum Conditions for Zone Refining 


J. D. Harrison and W. A. Tiller 


P FANN’ has described a procedure for choosing the 
zone travel rate f and the number of passes vn in the 
zone-refining process which minimize the time for a 
given degree of purification at any chosen point in the 
charge. We have performed the calculations accord- 
ing to this procedure and find that the results can be 
readily tabulated and a much simpler procedure put 
forth to gain this useful information. 

Since zone refining may be performed under vari- 
ous conditions of mixing (natural or forced convec- 
tion) the data is best described in terms of the nor- 
malized growth velocity f5/D where 6 is the thickness 
of the diffusion boundary layer at the freezing inter- 
face and D is the diffusion coefficient of the solute in 
the melt.” The value of the effective partition coeffi- 
cient k associated with the interface partition coef- 
ficient k, and the value of f6/D which yields optimum 
partitioning will thus be denoted as op for the par- 
ticular refining objective. We have found that the 
Ropt Obtained by Pfann’s* procedure is not sensitive to 
the relative purification desired or the position in the 
charge at which this purification is desired. There- 
fore, Ropt for any k, and the associated value of f6/D 
can be tabulated directly as shown in Table I. 

These values are valid for semi-infinite bars at 
least to 20 zone lengths; in finite bars to the region 
where back reflection from the impure end effects 
the solute concentration. In general one can choose 
the normalized growth velocity value of f5/D =1 for 
any Rk, without any appreciable dimunition in zone 
refining efficiency. 

From Table I, one finds immediately op for any 
particular k,. Having selected the position for crop- 
ping of the purified charge, one can find the number 
of zone passes »n at this value of Ropt required to 
yield the desired purification at this point. For ex- 
ample, if ky= 0.3, then Rop = 0.5. If the solute con- 
centration is to be reduced by a factor of 10 at 8 
zone-lengths from the beginning end, then from the 
appendix of Pfann,* the plot of relative solute con- 
centration vs distance in a semi-infinite bar for 
k = 0.5 shows that eighteen passes are required. A 
finite bar gives essentially the same results pro- 
vided the bar is more than 12 zone lengths long. 

The rate of zone passage / required to produce 
this optimum refining condition will increase as 6 
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Table | 
k, 0.1 0.2 0.3 0.4 0.5 0.6 0.7 
kopt 0.3 0.4 0.5 0.7 0.7 0.8 0.8 
5f/D 1.3 1.0 0.9 1g 0.9 1.0 0.8 


decreases (D~10™*to 10° em’/sec and is a constant). 
The value of Ovaries from 10° cm for natural con- 
vection to about 107° cm for vigorous forced convec- 
tion. Therefore, if 5is known as a function of the 
mixing force F in the liquid or can be determined 
experimentally, the optimum rate of zone passage 
for any value of F can be calculated. For the above 
example, (f 5/D)op¢= 0.9. If the solvent and solute are 
Pb and Sn respectively and the liquid is forced elec- 
tromagnetically to rotate in the plane of the solid- 
liquid interface by a magnetic field of strength H 
oersteds, then /,; is given by:® 


= 1-2 x 107 


where m = 3.5xX10° 
steds, fon, = 0.9 X 10" 


[1] 
oersteds)~. For H = 350 oer- 
cm/sec. 


emH*om/sec 
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Hot Pressing of Lead Spheres 


F. E. Westermann and R. G. Carlson 


Hor pressing of powder particles has gained im- 
portance recently, since it affords a method in which 
high densities are rapidly attained. In a recent study 
on hot pressing of alumina powders, Mangsen, Lam- 
bertson, and Best’ have shown within the limits of 
their experiment, the validity the rate equation for 
densification in hot pressing, originally proposed by 
Murray, Livey, and Williams,“i.e., 


dD _ 3P 
dt =a, 


where D = fraction of theoretical density, / = time, 
P = pressure and 7 is the viscosity, all in appropri- 
ate units. This equation was derived from earlier 
work of Shuttleworth and Mackenzie* which is based 
on the closing of spherical pores under the action of 
surface tension. The integrated form of this equa- 
tion yields a straight-line relation between log (1 - D) 
and ¢. Such conditions were found by Felten * to be 
true only after extended periods of pressing. 

In an endeavor to quantitatively evaluate the ex- 
actitude of this equation in the initial sintering stage, 
i.e., prior to sealing of the pores, spherical anti- 
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Fig. 1—Transverse cross section of Pb spheres after com- 
paction at 400°F and 1500 lb. X4. Reduced approximately 
48 pet for reproduction. 


monial lead 4 pct Sb) alloy shot, approximately 
0.095 in. diam was pressed at four temperatures and 
four pressures at times up to 40 min. The shot was 
pressed in a 7/8-in.-diam hardened steel die under 
argon atmosphere with the compression load applied 
by a Baldwin testing machine: continuous dilato- 
metric readings were made during pressing. Four 
temperatures were used, 300°, 330°, 350°, and 400°F 
at a constant load, 400 lb: temperatures were con- 
trolled to +5°F. In an identical manner four com- 
pressive loads were applied, 400, 700, 1000, and 1500 
lb while the temperature was held constant: the vari- 
ation of the load was + 20 lb. Fig. 1 is a photomacro- 
graph of a cross section of a compact pressed at 
400° F and 1500 lb. A summary of these data are 
shown in Fig. 2 on a log (1-—D) vs log ¢ plot. 

It can be observed that all curves are linear and 
when extrapolated back to shorter times converge 
at the fractional density of the compact (D = 0.50) at 
a time of 0.003 min; this fractional density approxi- 
mates that of asimple cubic array of uniform spheres. 

From these data it appears that the hot pressing of 
lead spheres is not in agreement with the rate equa- 
tion proposed by Murray, Livey, and Williams, where 
the log (1-D) should be directly proportional to 
time, but rather, that the log (1-D) is linearly re- 
lated to the log ¢. 


100 
aso} 
~ 
Qo! i | | | i 
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Fig. 2—Summary of data plotted on log (1-D) vs log (time). 
300 °F—700 lb load. #330 ° F—700 lb load. @350° F— 
700 lb load. x 400°F—700 lb load. © 400° F—400 lb load. 
@ 400°F—700 lb load. A400°F—1000 lb load. © 400°F— 
1500 lb load. 
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Identification of Deformation Twins ina 
Molybdenum-35 Pct Rhenium Alloy 


H. W. Schadler and A. Lawley 


Twinninc has long been recognized as a possible 
mode of deformation in crystalline solids and has 
been studied in a wide variety of crystals.’ Recently, 
deformation markings which have the topographical 
characteristics of twins have been seen in tungsten 
and the body-centered cubic alloys of tungsten and 
molybdenum with rhenium.*” These markings have 
been identified as twins because: 1) they are visible 
after polishing and etching;”* 2) their formation is 
accompanied by an audible click and a drop in load;* | 
and 3) the habit plane is {112}, the plane which has 
been identified as the twinning plane for several 
body-centered cubic metals.’ However, there has 
been no published evidence for the specific deter- 
mination of the twinning direction in rhenium alloys 
of tungsten and molybdenum, because usually the 
deformation twins were not broad enough to be de- 
tected with a conventional X-ray beam. Consequently, 
[111] is inferred as the twinning direction since the 
latter must lie in a plane of symmetry perpendicular 
to the twinning plane (112). 

As Sims and Jaffee* and Lawley and Maddin‘* have 
shown, the addition of rhenium to molybdenum and 
tungsten increases the ductility of the alloy over 
that of the pure metal, but twinning is much more 
profuse in these alloys than in the pure elements, 
particularly at Mo-35 pct Re*and W-30 pct Re. 


*All compositions quoted are in atomic percent. , 


Since twinning is often associated with brittle frac- 
ture in iron® and the silicon-irons,® direct experi- 
mental proof that the deformation markings in tung- 
sten and molybdenum alloys of rhenium are twins 
seemed to be needed. 

Using the Laue back-reflection technique, the de- 
formation markings in a Mo-35 pct Re alloy are 
shown to be deformation twins. The twins have a 
{112} habit plane and the twinning direction is <111>. 

The Mo-35 pct Re specimen used was taken from 
a 0.060-in. zone-refined single crystal deformed 6 
pct in tension at 78°K. The Laue back-reflection 
technique, with a film to specimen distance of 2 cm, 
and white radiation from a copper target were used. 
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Fig. 1—Deformation markings formed in Mo-35 pct Re alloy 
deformed 6 pct in tension at 78°K. X500. Reduced approxi- 
mately 24 pct for reproduction. 


The X-ray beam was 25y in diam and the exposure 
time was about 60 hr. 

The deformation markings formed in Mo-35 pct 
Re deformed in tension at 78° K are shown in Fig. 1. 
The orientation of the original single crystal (here- 
after referred to as matrix) is indicated by the in- 
dexed points in Fig. 2. Three different sets of twins 
were identified on the sample, and the three traces, 
identified as AA, BB, CC, and the corresponding 
poles, identified by the open circles marked P,, Pz, 
and Po, are also indicated on Fig. 2. The experi- 
mental points used for the trace"analysis are repre- 


\ 

\ 
i) 


Fig. 2—Stereographic projection indicating orientation of the 
single crystal matrix (indexed poles), the traces of the de- 
formation markings (dotted lines) , and the orientation of the 
deformation twin (solid symmetry figures) which would re- 
sult from twinning on the (211) plane in the [111] direction. 
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SYMMETRY: NORTH-SOUTH AND EAST- WEST- MATRIX 
© TEST FOR SYMMETRY NOT POSSIBLE 


O SYMMETRY: EAST-WEST ONLY- TEST FOR NORTH-SOUTH 
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o SYMMETRY: EAST-WEST ONLY- IDENTIFIABLE AS 
TWIN MATERIAL 


4 EXCLUSIVE IDENTIFICATION NOT POSSIBLE OR NOT 
MADE 


A \|22 MATRIX OR (100) TWIN 
B 255 MATRIX OR (112) TWIN 


Fig. 3—Tracing of the Laue back-reflection pattern obtained 
from deformed single crystal. The film to specimen distance 
is 2 cm. 


sented as small crosses. The largest and most nu- 
merous markings were formed on the (211) plane 
identified by the pole P,, and these were the ones 
subjected to X-ray analysis. If the markings are in 
fact deformation twins and [111] is the twinning di- 
rection, then the resulting orientation of the twin with 
respect to the matrix would be as represented by the 
solid symmetry symbols in Fig. 2. 

Fig. 2 was used as a guide in analyzing the Laue 
back-reflection pattern shown in Fig. 3. If the Laue 
pattern contains poles belonging both to the matrix 
and to the twinned material (as is the case), then the 
symmetry evident in Fig. 2 can be used to identify 
the poles in Fig. 3. The pole closest to the center of 
the stereographic projection is the (011) pole of the 
matrix. 

About the (011) pole of Fig. 2 the matrix has two- 
fold symmetry, both east-west and north-south. The 
twin, however, has only twofold symmetry, east-west. 
Therefore, the poles representing the twinned orien- 
tation would show only east-west symmetry. Fig. 3 
is a tracing of the back-reflection pattern in which 
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Fig. 4—Schematic representation of atomic positions before 
and after twinning. Circles are in the plane of the paper and 
x and + are in the plane immediately above (or below) the 


paper. 


the individual poles have been identified and divided 
into the categories given below the figure. Within 
the region outlined by the zone traces marked 
II-013-II- (114)-A, and so forth, the symmetry of al- 
most all the Laue spots can be checked. Spots having 
twofold symmetry both north-south and east-west 
and hence originating from the matrix material are 
represented as dots. Those spots having twofold 
symmetry east-west only and identifiable as origin- 
ating from the deformation markings are repre- 
sented by the open squares. The other representa- 
tions are identified in the key below Fig. 3. Asa 
guide in analyzing this pattern the Laue reflections 
originating from the matrix are indexed in the same 
sense as the indexing on the stereographic projec- 
tion in Fig. 2. The Laue reflections from the lattice 


of the deformation markings are identified as to 
type by the numbers contained in parentheses. 

The Laue reflections represented as open squares 
were used to determine the orientation of the de- 
formation markings, and the result is identical with 
the orientation of the twin indicated on Fig. 2. Thus 
this back-reflection picture constitutes proof that 
the deformation markings in this Mo-35 pct Re sam- 
ple are in fact twins with a {211} habit plane and a 
<111> shear direction. 

In addition to the X-ray analysis an attempt was 
made to measure twinning shear directly on the 
surface of the sample. Fig. 4 shows a schematic 
representation of the original and final positions of 
the atoms for the matrix and twin orientation which 
Figs. 2 and 3 indicate. The angle of the twinning 
shear can be calculated if the distances 6 and h 
are measured. The calibrated fine adjustment of the 
microscope was used to measure 3, and an eyepiece 
micrometer was used to measure h. The two widest 
twins present on the sample were measured. The 
values of the angle a calculated from these meas- 
urements were 14 deg and 16 deg. The theoretical 
value of @ is 19 deg 28 min. The agreement is 
good considering the inaccuracies, but can be con- 
sidered only secondary evidence. 

X-ray evidence has shown that in a Mo-35 pct Re 
alloy which was deformed at 78°K, deformation 
twins form on {112} planes by shear in the <111> 
direction which lies in the twinning plane. Since the 
deformation markings formed at room temperature 
in Mo-35 pct Re form with the same audible click 
and drop in load as the twins formed at 78° K and, 
since these markings form on{112} planes, they are 
assumed to be twins also. 

The authors are grateful to W. B. Fleck and L. M. 
Osika for their patient effort in obtaining the X-ray 
patterns. This work was supported in part by the 
Office of Naval Research. 
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Page 821 
Eq. [15] Should be: InK = Ink 


Redetermination of the Chromium and Nickel Solvuses in the Chromium-Nickel System by C. J. Bechtold 


and H. C. Vacher, p. 14 
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Correction to Volume 218, October 1960 


Precipitation Processes in Copper-Rich Copper-Iron Alloys by A. Boltax, p. 812 


Correction to Volume 221, February 1961 


The text of pages 16 and 17 is in improper sequence. The correct version will appear in the bound volume. 
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